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INTRODUCTION 


This  research  program  has  been  directed  coward  basic  research  into  the 
role  of  microscructure  in  chc  toughness  and  strength  properties  of  ceramics, 
in  particular  ceramics  that  are  characterized  by  R-curve  behavior,  i.e.  an 
increasing  toughness  characteristic  with  crack  extension.  The  R-curve  is  now 
known  to  be  pronounced  in  monophase  ceramics  with  coarse  micros tructures ,  and 
is  crucial  to  the  utility  of  multiphase  ceramic  composites.  It  is  important 
to  understand  the  subtle  interrelations  between  R-curve  processes  and 
materials  characteristics,  in  order  that  we  may  on  the  one  hand  be  able  to 
establish  reliable  design  criteria  and,  on  the  other,  tailor  new,  superior 
ceramics  with  maximum  resistance  to  damage  accumulation  and  degradation.  At 
NIST  we  have  been  engaged  on  a  program  during  P-'  87-89  to  investigate  these 
interrelations.  A  key  aspect  of  our  approach  has  been  to  establish  strong 
links  between  properties  and  processing,  fracture  mechanics  experimentation 
and  modelling,  materials  design  and  characterization.  The  results  of  these 
studies  are  described  in  the  appended  publications. 

The  early  work  in  the  program  was  instrumental  in  identifying  a  principal 
mechanism  of  this  R-curve  b^flavior  in  elementary  ceramics  (e.g.  aluminas), 
viz.  grain- localized  bridging  behind  the  advancing  crack  (1-3,8].  Hitherto, 
bridging  had  not  been  considered  seriously  as  a  mechanism  of  toughening  in 
ceramics.  Our  studies  using  in  situ  techniques  showed  clearly  that  grains 
exert  significant  tractions  on  the  crack  walls  behind  the  advancing  crack 
front  by  a  frictional  pullout  mechanism. 

With  this  mechanism  identified,  fracture  mechanics  models  were  developed 
(2,3,5,11).  These  models  incorporated  the  essential  elements  of  the 
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microstructure  in  the  underlying  constitutive  stress-separation  function  for 
the  grain  pullout.  The  most  recent  version  (11)  takes  special  account  of  the 
microstructural  scaling  (grain  size)  and  internal  residual  stresses  in  this 
constitutive  law,  and  thereby  opens  the  way  to  optimal  processing  design  of 
ceramics  microstructures. 

A  primary  feature  of  the  R-curve  is  that  it  lends  to  a  marked 
insensitivity  of  the  strength  to  initial  crack  size,  i.e.  "flaw  tolerance". 
This  has  a  strong  appeal  to  the  structural  engineer,  because  components  may  be 
designed  to  a  specific  stress  without  great  concern  for  variable  flaw 
distributions,  either  prior  to  or  during  service.  Special  studies  have  been 
made  to  demonstrate  the  benefits  of  this  forgiving  property  in  relation  to 
processing  flaws,  such  as  pores  (10).  Proper  attention  to  development  of  a 
strong  R-curve  eases  the  demands  on  flaw  elimination  in  processing. 

To  this  end,  NIST  has  developed  an  in-house  processing  capability  (in 
addition  to  forming  a  formal  collaborative  link  with  the  Ceramics  Processing 
group  under  Professors  M.P.  Harmer  and  H.M.  Chan  at  Lehigh  University).  Our 
aim  is  to  begin  with  simple  monophase  materials,  systematically  investigating 
such  simple  microstructural  variables  as  grain  size  and  shape.  We  ultimately 
intend  to  extend  our  studies  to  complex  composites.  This  part  of  the  work  is 
well  under  way,  and  we  have  begun  testing  our  own  alumina  ceramic  materials 
with  controlled  grain  sizes  and  shapes  (9,11,14,15). 

Another  important  aspect  of  our  work  has  been  to  extend  the  mechanical 
properties  evaluation  from  toughness  and  strength  to  fatigue  and  wear.  It 
might  be  argued  that  the  underlying  source  of  the  grain-pullout  frictional 
stresses  responsible  for  the  R-curve  characteristic,  i.e.  internal  residual 
stresses,  could  have  counter-beneficial  effects  in  repeated  loading 
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conditions:  e.g.  in  cyclic  fatigue  and  wear.  With  regard  Co  the  laccor,  we 
have  given  acconcion  Co  the  naturo  of  localized  contact  damage  [6,7],  and 
carried  out  actual  machining  (A)  and  wear  [1A]  tests  on  various  aluminas.  Wo 
do  indeed  find  chat  aluminas  with  stronger  R-curves  show  reduced  wear 
resistance.  These  results  suggest  that  specific  materials  may  have  to  bo 
designed  for  specific  applications. 

Work  on  fatigue  properties  has  also  begun.  We  have  extended  the  R-curve 
modelling  to  include  slow  crack  growth  effects,  so  as  to  predict  static  and 
dynamic  fatigue  behavior  [12].  Data  on  aluminas  substantiate  the  modelling. 
With  this  theory  established,  we  can  then  extend  the  predictions  to  cyclic 
loading.  Preliminary  tests  on  the  same  aluminas  using  indentation  flaws  [13] 
indicate,  somewhat  surprisingly,  chat  for  short  cracks  no  deleterious  effects 
over  and  above  those  of  slow  crack  growth  occur. 

The  work  described  above  is  scheduled  to  continue  under  AFOSR  sponsorship 
through  FY  90-92. 
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Direct  microscopic  evidence  Is  presented  In  support  of  an  ex 
planation  of  fl-curve  behavior  in  monophase  ceramics  by 
grain-localized  bridging  across  the  newly  formed  crack  inter¬ 
face.  In  situ  observations  arc  made  of  crack  growth  in  tapered 
cantilever  beam  and  indented  flexure  specimens  of  a  coarse¬ 
grained  alumina.  The  fractures  are  observed  to  be  highly 
stable,  typical  of  a  material  with  a  strongly  increasing  resis¬ 
tance  characteristic,  but  are  discontinuous  at  the  micro- 
structural  level.  Associated  with  this  discontinuity  is  (he 
appearance  of  overlapping  segments  In  the  surface  fracture 
trace  around  bridging  grains;  the  mean  spacing  of  such 
“activity  sites1'  along  the  trace  Is  about  2  to  5  grain  diameters* 
These  segments  link  up  with  the  primary  crack  beneath  the 
specimen  surface,  and  continue  to  evolve  toward  rupture  of  the 
bridge  as  fracture  proceeds.  The  bridges  remain  active  at  large 
distances,  of  order  100  grain  diameters  or  more,  behind  the 
crack  tip.  Scanning  electron  microscopy  of  some  o(r  the  bridg¬ 
ing  sites  demonstrates  that  secondary  ilnterface-adjacent) 
microfracture  and  frictional  tractions  are  important  elements 
In  the  bridge  separation  process.  Evidence  is  sought,  but  none 
found,  for  some  of  the  more  popular  alternative  models  of 
toughening,  notably  frontal-zone  mkrocracklng  and  crack* 
tip/intensal-stress  Interaction.  It  Is  suggested  that  the  crack- 
interface  bridging  mechanism  may  be  a  general  phenomenon 
In  non  transforming  ceramics. 

I,  Introduction 

THERE  is  a  growing  realization  that  the  crack  resistance  proper¬ 
ties  of  ceramics  have  an  intrinsic  size  dependence.1  At  crack 
sizes  small  in  relation  to  the  miciostnicturc  the  toughness  has 
values  characteristic  of  bulk  cleavage  (transgranular)  or  grain 
boundary  (intergranular)  energies.  At  large  crack  sizes  (he  tough¬ 
ness  (ends  to  somewhat  higher,  limiting  values  characteristic  of  the 
polycrystalline  aggregate.  The  toughness  function  connecting 
these  two  extremes  in  crack  size  is  the  so-called  *7?- curve”  func¬ 
tion,  after  the  rising  crack  resistance  curves  originally  found  for 
metals.1  Such  A-curve  behavior  is  of  great  interest  in  the  case  of 
engineering  ceramics,  for  both  the  structural  .designer,  who  needs 
to  know  the  toughness  characteristic  in  specifiable  flaw  size 
ranges,  and  the  materials  processor,  who  seeks  a  basis  for  tailoring 
new  and  superior  materials. 

Despite  this  increasing  awareness  of  the  importance  of  micro- 
structurally  related  size  effects,  there  iiave  been  remarkably  few 
attempts  at  dcflniuvc  identification  of  underlying  crack  resistance 
mechanisms.  A  notable  exception  is  in  the  zirconia-based  ce¬ 
ramics,  where  transformation  toughening  is  now  unequivocally 
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established  as  a  principal  factor/**  The  transformation  events  arc 
generally  taken  to  be  confined  within  a  "process  zone 1  about  the 
advancing  crack  tip,  m  analogy  to  the  plastic  zone  responsible  for 
the  A -curve  behavior  of  metals.  However,  important  as  it  is  as  a 
node  of  crack  I  npcdancc,  transformation  toughening  is  currently 
restricted  to  a  select  few  ceramics  and  does  not  operate  in  “simple” 
monophase  materials  like  aluminas.  Crack  size  effects  m  these 
latter  materials  have  been  attributed  to  several  alternative  causes, 
with  virtually  no  direct  experimental  substantiation.  Perhaps  the 
most  widely  quoted  of  these  is  the  proposal  of  a  frontal  mtcratrack 
cloud,  in  which  discrete  mtcrofracturcs  act  as  effective  energy 
sinks  in  the  field  of  the  primary  crack/*7  Another  proposal  is  that 
an  advancing  crack  tip  h  progressively  impeded  via  direct  inter¬ 
actions  with  loeked-in  internal  stresses  (c.g,,  thermal  expansion 
mismatch  stresses).*  Other  possibilities  that  have  been  considered 
include  crack  restraint  by  pinning  and  bowing*  and  by  deflection 
and  twisting/0  although  these  are  noncumulanvr  mechanisms; 
they  do  not  have  provision  to  account  for  the  remarkably  long  crack 
size  range  over  which  the  A  curve  rises  in  many  materials,1 

Which  of  the  above  mechanisms,  if  any,  predominates  in  the 
A* curve  behavior  of  aluminas  and  other  nontransforming  ce¬ 
ramics?  The  current  literature  relating  to  this  question  is  based 
almost  exclusively  on  the  capacity  of  theoretical  models  to  match 
measured  fracture  mcchznics  (e.g.,  applied  load  vs  crack  size) 
data.  The  question  of  whether  or  not  the  proposed  mechanisms 
actually  operate  in  the  assumed  fashion  is  not  directly  addressed  in 
this  literature;  support  is  provided  only  by  circumstantial  evidence 
from  limited  postfailure  examinations  of  fracture  specimens,  How¬ 
ever,  there  is  one  set  of  observations,  by  Knchans  and  Steinbrcch/' 
which  allows  us  to  narrow  down  the  possibilities.  They  grew 
cracks  through  several  millimeters  in  alumina  lest  specimens,  and 
found  strong  rising  A*  curves.  Then  they  removed  material  adjau..t 
to  the  walls  ixhnd  the  crack  tip  by  sawcutting,  taking  care  to  leave 
intact  the  immediate  region  at  the  tip.  On  restarting  the  crack,  the 
resistance  reverted  immediately  to  the  base  of  the  R  curve.  The 
unmistakable  implication  was  that  the  toughening  processes  must 
operate  in  the  wake  of  the  advancing  tip.  Of  the  mechanisms 
considered  thus  far,  it  is  that  of  distributed  microcracking  which  is 
most  compatible  with  this  notion  of  a  wake  effect;  indeed,  the 
Knehans  and  Stcmbrech  experiment  his  been  cited  as  evidence  for 
the  microcracking  model.7 

However,  Knchans  and  Steinbrcch  raised  another  possibility, 
that  the  source  of  the  rising  resistance  may  lie  in  some  physically 
restraining  force  across  the  newly  formed  crack  interface.  Tins 
alternative  proposal  had  received  only  passing  mention  in  the  pre¬ 
ceding  ceramics  literature/1 11  Knehans  and  Steinbrcch  have  since 
taken  their  case  further,  arguing  specifically  in  favor  of  a  grain 
interlocking  mechanism/*'1*  The  idea  of  an  interfacia!  restraint  is 
not  the  exclusive  domain  of  the  ceramics  community;  it  has  been 
developed  even  more  strongly  in  concrete14,17  and  rock  mechan- 
]cs/B‘l*  although  the  detailed  micromcchanics  of  the  actual  sepa¬ 
ration  processes  are  hardly  better  understood.  Thus  it  would  seem 
that  the  key  to  improving  the  toughness  of  nontransforming  ce¬ 
ramics  could  depend  primarily  on  events  which  occur  behind  ra 
(her  than  at  or  ahead  of  the  advancing  crack.  Clearly  there  are 
important  implications  here  in  the  mictostructura!  design  of 
ceramic  materials. 

The  present  work  is  directed  to  the  development  of  a  crack 
resistance  model  incorporating  the  essential  elements  of  the  inter- 
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Fig.  1,  Schematic  of  upered  double  cantikvtr  beam 
leu  spec. «tcn  used  to  observe  crick  growth  during  load¬ 
ing:  M)  top  view;  (%)  side  view.  Specimen  cut  from 
triangular  slab,  12*  mm  edge  length  wtd  2-mm  thickness, 
to  produce  crack  7  mm  long.  Starter  notch  length 
300  pm,  radius  100  pm.  Wedge  angle  60*. 


facia!  restraint  concept.  It  is  in  two  parts.  Part  1  describes  experi¬ 
mental  observations  of  controlled  crack  growth  in  a  coarse-grained 
alumina  with  strong  fl-curvc  behavior.  A  critical  feature  of  these 
experiments  is  the  facility  to  follow  the  crack  response  along  its 
entire  length  while  the  driving  force  is  being  applied.  We  confirm 
the  presence  of  grain-localized  “bridges*'  across  the  crack  inter¬ 
face,  over  large  distances  (sevetal  millimeters)  behind  the  tip, 
Part  11  deals  with  quantitative  aspects  of  the  R -curve  behavior,  by 
a  formulation  of  the  bridging  concept  in  terms  of  theoretical  frac¬ 
ture  mechanics.  In  this  endeavor  we  borrow  from  analogous  treat¬ 
ments  in  the  fiber-reinforced  composite  and  concrete  literature. 
Our  analysis  does  not  aspire  to  a  complete  understanding  of  the 
physical  ligamcnta^  ruptute  process,  but  nevertheless  establishes 
a  sound  mechanical  framework  for  characterizing  the  crack  re¬ 
sistance  properties. 

Before  proceeding,  it  is  well  that  we  should  draw  attention  to  a 
recent  study  on  the  strength  properties  of  ceramic  specimens  con¬ 
taining  indentation  flaws.***”  Indeed,  some  of  the  issues  raised  in 
that  study  provided  a  strong  motivation  for  the  present  work. 
There,  the  idea  was  to  investigate  the  fracture  size  range  between 
the  extremes  of  the  microscopic  flaw  and  the  macroscopic  crack  by 
systematically  varying  the  indcniation  load  from  specimen  to 
specimen,  it  was  found  that  on  reducing  the  indentation  flaw  size 
the  corresponding  strength  did  not  increase  indefinitely,  as  required 
by  ideal  indentation  fracture  theory  (i.e..  theory  based  on  the 
notion  of  an  invariant  roughness),  but  tended  instead  to  level  off  at 
a  strength  characteristic  of  the  intrinsic  microstructura!  flaws.  This 
response  was  attributed  to  the  influence  of  curve  behavior.  Im* 
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Flf .  2.  Schematic  of  IndentMion  flaw  test  used  to  ob¬ 
serve  radial  crack  evolution  to  fidlurc:  Ml  pl*n  view, 
showing  Vjckcrl  flaw  on  tensile  surface;  (0)  side  view, 
showing  flexure  system.  Specimen  dimensions  25-m/n 
diameter  by  2-mm  thickness.  Biaxial  loading,  2-mm- 
radius  punch  on  10-mm-radius  (3* point)  support. 


poeumly,  the  strength  plateau  at  small  flaw  sizes  was  seen  in  three 
groups  of  ceramics,  aluminas,  glass-ceramics,  and  barium  ti- 
tanales,  indicating  a  certain  generality  in  the  -curve  phenomenon. 
Also,  the  magnitude  of  the  effect  was  in  some  cases  considerable, 
amounting  to  an  effective  increase  in  toughness  of  more  than  a 
factor  of  3  over  a  crack  size  range  of  some  tens  of  grain  sizes  or 
more.  In  that  earlier  study*0  the  microstructural  clement  was  intro¬ 
duced  into  the  fracture  mechanics  in  a  somewhat  phenome¬ 
nological  manner  here  we  seek  to  place  the  fracture  mechanics  on 
a  firmer  footing  by  relating  this  element  mote  closely  to  identi¬ 
fiable  crack  restraint  mechanisms.  Accordingly,  a  detailed  analysis 
of  Indentation  fracture  data  in  terms  of  the  bridling  concept  may 
be  foreshadowed  as  a  future  goal  of  our  work.” 

II.  Experimental  Procedure 

It  was  oecided  in  this  work  to  focus  on  one  material*  a  nominally 
pure,  coarse-grained  alumina.*  We  have  already  made  allusion  to 
the  implied  generality  of  the  K-curve  phenomenon  'Section  I);  our 
choice  is  intended  to  meet  the  requirement  of  a  ^presentativc" 
material,  but  at  the  same  time  one  which  exhibits  the  R  curve  to 
particularly  strong  effect.  (For  quantitative  measures  of  the  perti¬ 
nent  R  curve  the  reader  is  directed  to  the  Vi-labeled  curves  in 
Figs,  4  and  10  in  Ref,  20,  Figs,  6  and  7  in  Ref,  I ,  and  Figs.  1  and 
3  in  Ref.  22.)  The  relatively  Irge  inlcrosimcntre  of  our  material 
(mean  grain  diameter  20  /im)  also  lends  itself  to  in  situ  experi¬ 
mentation  using  ordinary  means  of  microscopic  observation.  In 
certain  instances  where  it  was  deemed  useful  to  run  comparative 
tests  on  specimens  without  the  influence  of  rmcrostructurc,  sap¬ 
phire  was  used  as  a  control  material. 

As  indicated,  a  major  feature  of  our  experimental  procedure  is 
the  facility  to  monitor  the  evolution  of  fracture  during  the  applica¬ 
tion  of  stress.  Accordingly,  direct  observations  were  made  of  the 
crack  growth  by  optical  microscopy,  using  the  two  loading  con¬ 
figurations  shown  in  Figs.  1  and  2.  The  specimens  were  surface- 
relief  polished  with  0.3-/xm  AljOi  powder  to  delineate  the  coarser 
grain  boundary  structure.  In  some  cases  a  thermal  etch  pie* 
treatment  at  (1050°C  for  2  h)  was  used  to  enhance  fine  details  in 
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this  structure.  An  important  element  of  our  experimental  philoso¬ 
phy  here  is  that,  by  virtue  of  the  enhanced  stabilization  «n  crack 
growth  which  attends  strong  /(-curve  behavior.'  we  may  hope  to 
observe  critical  events  which  m  conventional  poslfailure  analysis 
(or  even  in  interrupted  tests)  might  pas*  unnoticed. 

The  first  of  the  test  configurations.  Fig.  I,  is  a  modification  of 
the  familiar  double  cantilever  beam  specimen.  Generally,  the  regu¬ 
lar  rectangular  beam  geometry  is  repined  for  </wunfuaiivc  evalu¬ 
ation  of  the  /(-curve  behavior  (Part  II).  Here,  however,  a  tapered 
geometry  was  used,  width  increasing  in  the  direction  of  ultimate 
crack  propagation.  The  main  crack  was  started  at  a  sawcut  notch 
by  inserting  a  metal  wedge.  Subsequent  crack  extension  could  be 
controlled  via  a  micrometer  drive  system,  to  which  the  wedge  was 
fixed.  The  whole  system  was  attached  to  the  stage  of  an  optical 
microscope  to  allow*  for  continuous  monitoring  of  the  crack  evo¬ 
lution.  Pertinent  dimensions  of  the  test  geometry  arc  included  in 
the  caption  to  Fig,  1, 

The  second  configuration.  Fig,  2,  simulates  the  controlled  flaw 
test  used  previously  to  infer  R< urve  behavior  from  strength  data 
(Section  I).  A  Vickcra  diamond  was  used  to  introduce  an  inden¬ 
tation  flaw*  at  the  center  of  a  disk  flexure  specimen.  The  disk  was 
then  loaded  axially  m  a  circular-fiat  on  thrcc-ball-support  fixture,54 
with  the  indentation  on  the  tension  side.  Again,  the  entire  fixture 
was  attached  to  a  microscope  stage  for  in  situ  viewing  of  the  crack 
evolution.  A  video  recording  unit  was  particularly  useful  in  in¬ 
terpreting  some  of  the  more  subtle  features  observed  with  this 
configuration.  Reference  is  made  to  Fig.  2  for  relevant  lest  geome¬ 
try  dimensions. 

Some  additional,  static  observations  were  made  on  the  above 
specimens  to  add  weight  to  our  ensuing  ease.  For  example,  in  the 
event  of  toughening  associated  with  a  frontal  microcrack  cloud, 
one  might  anticipate  some  delectable  surface  distortion  either 
ahead  or  in  the  wake  of  the  primary  crack  lip.  Accordingly,  surface 
profilomcuy  scans  were  taken  perpendicular  to  the  crack  traces  on 
some  of  the  cantilever  specimens.  The  cantilever  configuration  was 
more  convenient  m  this  regard  because  the  entire  wedge-loading 
fixture  could  be  transferred  onto  the  profilometer  stage,  thereby 
allowing  the  crack  to  be  examined  without  unloading.  Also,  antici¬ 
pating  that  we  might  need  to  look  more  closely  at  events  at  the  level 
of  the  grain  Size  or  below ,  some  of  the  unloaded  d«*k  specimens 
were  examined  by  scanning  electron  microscopy. 

III.  Results 

(1)  General  Observations 

Our  initial  examinations  of  the  fracture  patterns  produced  in  the 
alumina  test  specimens  revealed  some  interesting  general  features. 
The  clearest  and  most  immediate  indication  that  we  were  dealing 
with  a  crack-intcrface  effect  was  that,  after  “failure”  (as  marked  by 
u  sudden  propagation  of  the  cracks  to  the  edges  of  the  specimen), 
the  fractured  segments  tended  to  remain  intact.  An  additional  force 
was  required  to  separate  the  pieces  completely.  This  was  our  first 
clue  that  the  walls  behind  an  advancing  tip  must  indeed  be  re¬ 
strained  by  some  remnant  forces  acting  across  the  interface. 

Closer  surface  inspections  along  the  crack  traces  at  various 
stages  of  propagation  soon  helped  to  reinforce  this  last  conviction, 
The  fracture  in  our  material  was  predominantly  intergranular,  as 
previously  reported.50’51  There  were  signs  of  some  "secondary 
activity"  adjacent  to  the  walls  of  the  otherwise  primary  crack 
interface,  but  never  further  distant  than  one  or  two  grain  diameters 
,  from  this  interface.  It  will  be  our  aim  in  the  following  sections  to 
confirm  that  this  interface-related  activity  is  a  manifestation  of  a 
gram-localized  ligamentary  rupture  process,  and  not  of  some  re¬ 
laxation  effect  associated  with  the  wake  of  an  advancing  micro¬ 
crack  cloud. 
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(2)  Cantilever  Beam  Experiments 

The  in  situ  observations  of  fracture  m  the  tapered  cantilever 
beam  specimens  (Fig.  I)  were  earned  out  while  carefully  and 
slowly  driving  in  the  mouth  opening  wedge.  These  observations 
were  all  made  in  air,  so  that  some  rate  effects  were  apparent  in  the 
crack  growth  (although  the  velocities  were  usually  much  le*  than 
10*"  m  •$“').  There  was  a  tendency  for  the  first  stage  of  fracture 
to  occur  suddenly  over  a  distance  of  several  grain  diameters  from 
the  starter  notch  tip.  "Pop-in”  behavior  of  this  kind  is  not  uncom¬ 
mon  in  notched  specimens,  of  course,  in  such  eases  the  initial 
fracture  response  can  be  influenced  strongly  by  the  local  notch 
configuration.  However,  discontinuous  crack  growth  was  also 
commonly  observed  in  the  subsequent  loading,  over  distances  as 
small  as  one  or  two  graias.  There  is  the  suggestion  here  of  an 
element  of  discreteness  in  the  mechanics  which  ultimately  under¬ 
lies  the  /(-curve  behavior. 

Appropriately,  attention  was  focused  on  regions  of  identifiable 
"activity  sites"  behind  the  advancing  crack  tip  during  monotomc 
loading  to  "failure,”  An  example  of  the  kind  of  observation  nude 
is  shown  in  Fig.  3,  a  low-magnification  rcflectcd-Iighi  mosaic  of 
a  particular  specimen  at  six  successive  stages  of  fracture.  The  field 
of  view  along  the  crack  length  covers  the  first  2  mm  from  the 
starter  notch  at  left  (not  included  in  the  figure).  At  final  loading, 
stage  VI  in  Fig.  3,  the  crack  extends  clearly  across  the  full  7-mm 
length  of  the  specimen,  although  again  without  separating  into  two 
parts.  The  areas  labeled  (A),  (5),  and  (C)  illustrate  particularly 
clear  examples  of  progressive  crack-flank  damage  evolution 
through  the  loading  sequence.  These  areas  are  magnified  in  Figs.  4 
to  6  for  closer  scrutiny  of  the  microstructura!  detail. 

In  zone  A,  Fig.  4,  we  can  follow  the  formation  and  rupture  of 
a  single  ligamentary  bridge  through  all  six  stages.  In  stage  I  the 
surface  fracture  trace  appears  to  be  segmented  about  a  large  grain, 
as  though  the  primary  crack  may  have  stopped  and  then  reinitiated 
on  a  secondary  front.  However,  on  switching  to  transmitted  light 
(e.g. ,  see  Fig.  7(A))  and  focusing  into  die  subsurface  regions  of  the 
transparent  material,  the  apparently  isolated  segments  were  found 
to  connect  together  into  a  common  crack  interface.  Hence  the 
bridge  is  grain-localized  in  the  projected  fracture  plane.  On  pro¬ 
ceeding  to  stage  II  we  note  that  the  crack  segments  about  the 
bridging  grain  have  increased  their  overlap  but  have  not  yet  linked 
up,  although  the  detectable  main  lip  is  now  some  0.75  mm  distant. 
There  is  an  indication  of  enhanced  reflectivity  beneath  this  same 
grain,  indicating  that  ihe  crack-segment  overlap  extends  beneath 
as  well  as  along  the  surface.  By  the  time  the  primary  tip  has 
advanced  more  than  1,2  mm  beyond  the  bridge,  stage  III,  the 
upper  crack  segment  appears  to  have  linked  up  completely  with  the 
main  fracture  trace.  This  docs  not  signify  the  final  state  of  rupture, 
however,  for  there  arc  signs  of  continued  local  crack  activity 
around  the  grain  of  interest,  notably  at  left,  through  stages  IV  and 
V.  We  point  out  that  the  primary  crack  tip  is  at  least  2  mm.  he., 
approaching  100  grain  diameters,  ahead  of  the  bridge  site.  Finally, 
at  stage  VI,  the  lower  crack  associated  with  the  original  bridge 
appears  to  have  closed  up  somewhat,  perhaps  reflecting  the  release 
of  some  interfacial  frictional  tractions.1 

Zone  Bt  in  Fig.  5,  evolves  in  much  the  same  way,  but  with 
certain  of  the  above-mentioned  features  delineated  more  strongly 
The  initial  crack  segmentation,  stage  III,  and  subsequent  linkup, 
stage  IV,  differ  little  in  essence  from  that  observed  in  zone  A, 
However,  the  trace  of  the  crack  segment  which  runs  below  the 
bridging  grain  (and  which,  incidentally,  would  appear  in  stage  111 
to  be  the  more  likely  to  lead  to  the  ultm  itc  rupture  of  the  ligament! 
closes  up  much  more  abrurily  and  completely  than  its  counterpart 
in  zone  A,  Intcrfacial  iraeuons  persist  on  loading  to  stage  V,  as 
evidenced  by  the  appearance  of  additional  small-scale  fissures 
about  the  separating  gram.  Examination  in  transmitted  light  during 
this  stage  revealed  substantial  subsurface  activity.  Even  more  dra¬ 
matic  indications  of  unrelieved  tractions  arc  evident  from  the  post¬ 
mortem  configuration  at  stage  VI  Final  separation  has  occurred 
through  virgin  material,  seemingly  “avoiding”  the  incipient  frac¬ 
ture  paths  apparent  in  the  previous  micrographs,  a  rncuMiti  uf  llu. 
disruption  caused  by  this  final  rupture  is  given  by  the  extensive 
debris,  visible  as  the  region  of  highly  diffuse  rcflcvtiun,  lodged 
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between  the  crack  walls  at  the  original  bridge  site. 

Consider  now  the  third  area  in  Fig.  6.  /one  C.  In  the  initial 
stage,  IV,  substantial  microcrack  overlap  occurs,  predominantly 
along  gain  boundaries,  followed  by  transgramilar  microrupture 
within  the  initial  span  of  bridging  material,  stage  V.  Again,  the 
(Inal  rupture  path  largely  ignores  the  previously  formed,  localized 
crack  segments. 

We  note  that  at  each  bridge-rupture  site  (zones  A.  6,  C)  the 
cumulative  amount  of  surface-exposed  cock  length  is  approxi¬ 
mately  3  times  the  shortest  straight-line  path  through  the  bridging 
sites.  Moreover,  the  total  fracture  surface  area  incorporates  a  sig¬ 
nificant  amount  of  transgranular  fracturing.  The  bridges  clearly 
represent  an  intrinsically  high-energy  source  of  fracture  resistance. 

In  choosing  our  examples  above  we  have,  for  obvious  reasons, 
focused  on  the  most  conspicuous  sites.  i.e„  the  sites  involving  the 
largest  bridging  grains.  Higher  magnification  examinations  of 
loaded  crack  systems  such  as  that  in  Figs.  3  to  6  revealed  a  high 
density  of  smaller,  but  no  less  active,  sites,  particularly  toward  the 
fracture  terminus.  These  were  again  evident  us  surface  offset  traces 
in  reflection  or  subsurface  scattering  centers  in  transmission.  It  was 
thereby  estimated  that  the  mean  separation  between  grain  liga¬ 
ments  could  be  as  low  as  2  to  5  grain  diameters. 

With  the  realization  that  our  microscopic  observations  were 
capable  of  detecting  grain-scale  microfracturcs  while  load  was 
maintained,  particularly  in  illumination  by  transmitted  Itght.  atten¬ 
tion  was  turned  to  the  region  ahead  of  the  primary  crack  terminus. 


Figure  7  shows  typical  micrographs  of  this  region.  In  particular, 
evidence  was  sought  which  might  point  to  the  existence  of  a  cloud 
of  distributed  microcracks  about  the  terminus.  In  keeping  with  the 
popular  notion  of  discrete  microfracture  initiation  at  or  above  some 
critical  tensile  stress  level  within  the  near  crack  field,  we  might 
expect  to  observe  diffuse  scattering  within  an  extensive  frontal 
microcrack  zone.M  No  such  extended  diffuse  scattering  was  ever 
detected  in  our  experiments.  Sometimes  apparently  unconnected 
surface  traces  were  observed  in  the  terminus  region  (c.g.,  as  in 
Fig.  7(A))  but.  like  their  segmented  counterpans  behind  the  tip. 
these  invariably  connected  up  at  a  depth  of  a  grain  diameter  or  so 
beneath  the  surface. 

Further  null  evidence  for  an  extended  transverse  microcracking 
zone  was  provided  by  the  surface  profilomctcr  traces.  These  were 
taken  perpendicular  to  the  loaded  crack  configuration  seen  in 
stage  IV,  Fig.  3.  The  results  of  several  scans,  both  ancad  and 
behind  the  crack  tip.  are  shown  in  Fig.  8.  Minute  surface  detail 
associated  with  the  relief  polishing  is  apparent  in  the  scans,  but  in 
no  case  is  there  any  indication  of  a  general  dilation-induced  up¬ 
rising  of  material  adjacent  to  the  crack  interface. 

(3)  Indentation-Strength  Experiments 

Direct  observations  were  made  of  crack  growth  from  Vickers 
indentation  flaws  during  loading  to  failure  (Fig  2).  An  example  of 
ihc  final  fracture  pattern  produced  in  this  configuration  is  given  in 
Fig.  9,  We  see  that  once  the  initial  radial  cracks  traverse  the  central 
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F%.».  Surface  profilometer  (races  transverse  to  crack  plane  in  loaded 
alumina  DCB  specimen.  Detectable  crack  tip  lies  on  trace  0.  Height  scale 
on  scan  greatly  magnified  relative  to  distance  scale*  No  surface  uplift 
adjacent  to  crack  waits  is  evident  (diamond  stylus  radius  *  1  jim;  hori¬ 
zontal  position  uncertainty  ±  100  Mm,  vertical  uncertainty  <  10  nm  for 
long  wavelength,  i.c.,  *10  Mm,  topography  variations). 


grains  which  encompass  the  indentation  impression,  the  fracture 
proceeds  primarily  in  the  familiar  intergranular  mode.  Once  more, 
this  fracture  runs  to  the  specimen  extremities  without  causing  com¬ 
plete  separation. 

One  of  our  acknowledged  goals  here  was  to  look  in  fine  detail 
at  the  crack  response  prior  to  failure.  Accordingly,  the  tests  were 
run  at  slow  stressing  rates,  in  air.  for  greatest  ease  of  observation. 
Typically,  the  time  to  failure  was  several  minutes.  At  high  inden¬ 
tation  loads  (*100  N),  such  (hat  the  scale  of  the  starting  radial 
cracks  substantially  exceeded  that  of  the  microstructurc.  the  frac¬ 
ture  showed  an  even  stronger  tendency  to  discontinuous  evolution, 
over  distances  of  a  few  grains  or  so.  than  noted  in  the  cantilever 


FI*.  %  Reflected  light  micrograph  of  a  Vkkert  indentation  site  in  a 
“fractured**  alumina  disk.  Initial  radial  cracks  from  low-load  (3  N)  indenta¬ 
tion  arrest  at  fust  encounter  with  grain  boundary,  and  grow  discontinuously 
along  boundaries  as  flexural  stress  is  applied,  Specimen  thermally  etched 
to  reveal  grain  structure. 


beam  experiments.  Notwithstanding  these  discontinuities,  the 
cracks  were  characterized  by  strong  prefailure  stability,  sometimes 
extending  to  the  edges  of  the  12.5-mm-radius  disks  without  any 
sign  of  catastrophic  growth.  There  is  no  doubt  that  local  residual 
contact  stresses  contribute  to  this  stability/’*  but  only  in  part;  com¬ 
parative  runs  on  sapphire  (microstructurc- free)  specimens  under 
identical  test  conditions  show  much  smaller,  i.c.,  <i  I  mm,  precur¬ 
sor  stable  growth  prior  to  failure.  It  seems  reasonable  to  conclude 
that  the  enhanced  stabilization  in  the  polyerystalhnc  alumina  is  a 
direct  manifestation  or  a  rising  R  curve.1 

At  low  indentation  loads  (I  to  10  N)  the  evidence  for  discon¬ 
tinuity  in  the  stabilized  crack  growth  was  even  more  emphatic 
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Fit.  10.  Reflected  light  micrograph  of  a  segmented  ndial  crack  a  a 
partially  fractured  alumina  disk. 


This  is  the  region  of  the  load-insensitive  plateau  in  the  strength 
data*  referred  to  in  Section  1.  The  radial  cracks  seemed  to  remain 
"trapped"  at  the  encompassing  grain  boundaries  (sec  Fig.  9)  during 
the  flexural  loading  up  to  some  critical  level,  at  which  point  a 
sudden  burst  of  growth  ensued.  This  initial  growth  pattern  was 
highly  variable  from  specimen  lo  specimen.  In  many  cases  the 
growth  distance  was  small,  of  the  order  of  grain  dimensions,  before 
arresting.  Also,  individual  radial  cricks  tended  to  propagate  inde¬ 
pendently,  at  different  levels  in  the  loading.  We  may  liken  this 
initial  phase  of  the  fracture  evolution  to  the  pop-in  observed  in  the 
beam  configuration  (Section  11(2));  however,  now  we  can  be  cer¬ 
tain  that  we  arc  indeed  observing  an  intrinsic  property  of  the 
small-scale  flaw  and  not  some  artifact  due  to  the  fracture  (c.g,, 
notch)  geometry.  On  increasing  the  applied  loading  further  these 
radial  cracks  continued  to  extend  intermittently,  but  at  an  in¬ 
creasing  jump  frequency  with  respect  to  stress  increment.  Thus  the 
"smoothness"  in  the  approach  to  ultimate  failure  depended  on  the 
number  of  jumps  activated  during  the  loading.  In  some  extreme 
cases  the  initial  burst  of  crack  propagation  was  so  "energetic"  as  to 
take  the  stressed  system  spontaneously  to  failure. 

It  was  also  observed  that  the  same  kind  of  discontinuous  crack 
growth  and  ancst  occurred  at  prominent  natural  flaws  in  the  alu¬ 
mina  specimens.  These  flaws  included  grain  pullout  sites  on 
imperfectly  polished  surfaces  and  internal  fabrication  pores.  Oc¬ 
casionally  such  flaws  provided  the  ultimate  center  of  failure,  most 
notably  at  the  low  end  of  the  indentation  load  scale.  There  seemed 
little  tendency  for  these  competing  sites  to  interact  with  each  other, 
although  inevitably  neighbors  would  occasionally  combine  to  pro¬ 
duce  an  enlarged,  yet  shll  stable,  composite  crack. 

Our  observations  of  strong  discontinuity  and  enhanced  sta¬ 
bilization  in  the  indentation-strength  specimens  turns  our  attention, 
as  in  the  cantilever  beam  experiments,  to  events  behind  the  grow¬ 
ing  crack  tip.  Essentially,  our  in  situ  examinations  of  the  radial 
crack  evoluuon  to  failure  revealed  the  same  kind  of  general  grain- 
bridging  features  as  described  earlier  in  Figs.  4  to  6.  Figure  10 
shows  an  example  of  a  particularly  large  bridging  site  behind  the 
tip  of  an  extended  radial  crack.  Sites  of  this  kind  located  as  far  back 
as  the  indentation  impression  corners  remained  active  throughout 
the  growth  to  failure,  even  in  those  specimens  with  millimeter- 
scale  stable  extensions,  confirming  that  interface  restraints  act  over 
distances  on  the  order  of  100  grains  or  more.  The  self-consistency 
of  the  gram  separation  patterns  in  the  two  specimen  types  examined 
here  serves  to  allay  any  concern  that  we  might  be  observing  some 
tcst-gcometry-spccific  artifact  (although  geometry  effect  .  an  still 


Fig.  U.  Reflected  light  micrograph  of  portion  of  a  ndul  crack  tn  a 
fracturtd-but* intact  alumina  duk.  Disturbance  of  some  m  (efface  *adjxcnt 
grams  is  evident  (arrets). 


be  an  important  factor  in  the  /(-curve  behavior;  see  Pan  Ill. 

Some  of  the  broken  specimens  remained  intact  to  a  degree  which 
left  much  of  the  grain  bridging  debris  trapped  between  the  crack 
walls.  An  example  is  shown  in  Fig.  1 1 .  There  arc  clear  indications 
of  loosening  and  dislodging  of  interface-adjacent  grains  along  the 
crack  trace.  It  appears  from  the  way  some  of  these  disturbed  grams 
are  rotated  about  their  centers  that  there  are  intense  local  tractions 
at  work.  In  extreme  cases  the  intensity  of  these  tractions  is  suf¬ 
ficient  to  detach  the  grain  completely,  and  with  some  energy  to 
spare;  in  some  of  the  in  situ  video  recording  sequences  individual 
grains  occasionally  disappeared  along  the  crack  trace  in  a  single 
frame  interval  (c.g.,  upper  left  of  trace  in  Fig.  9).  Such  "pop-out" 
events  invariably  occurred  as  the  applied  loading  was  being  in¬ 
creased,  so  the  tractions  cannot  be  attributed  to  spunous  closure 
forces. 

For  more  detailed  investigation  of  the  crack-intcrfacc  events, 
specimens  of  the  kind  shown  in  Fig.  11  were  examined  by  scan¬ 
ning  electron  microscopy.  Figures  12  to  14  are  appropriate  micro¬ 
graphs.  Figure  12  shows  clear  examples  of  the  physical  contact 
restraints  that  can  persist  at  an  otherwise  widely  opened  crack 
interface.  Figure  13  presents  a  slightly  more  complex  picture.  Here 
the  grains  in  the  centers  of  the  fields  of  view  have  developed 
secondary  microfractures  in  the  base  region  of  attachment  to  one 
of  the  crack  walls.  There  is  a  strong  element  of  transgranular 
failure  associated  with  this  microfracturc  process,  particularly  evi¬ 
dent  in  Fig.  13(A).  Lastly.  Fig.  14  illustrates  a  case  in  which  a 
bridging  grain  has  broken  away  from  both  walls  and  is  presumably 
on  the  verge  of  detachment  from  the  interface.  Indeed,  some  minor 
fragments  of  material  have  already  been  thrown  off  as  fracture 
debris,  notably  at  lower  left  of  the  micrograph. 

As  with  the  cantilever  beam  specimens,  evidence  was  sought 
that  might  reveal  the  presence  of  an  extended  frontal  microcracking 
zone  about  the  ups  of  arrested  primary  cracks  in  the  strength 
specimens.  Again,  no  such  evidence  was  found  in  the  SEM 
observations. 

IV.  Discussion 

We  have  looked  closely,  at  the  micros*  neural  level,  into  the 
processes  of  crack  restraint  in  a  ^eaoc-gramcd  alumina.  This  ma¬ 
terial.  although  ostcnribly  a  simple,  nentransforming  ceramic, 
shows  strong  ,T-curve  characteristics.  Our  observations  provide 
clre  evidence  for  grain-localized  bridges  at  the  newly  formed 
crack  interface  behind  the  tip  These  observations  tic  in  with  the 
sawcuttmg  experiments  of  Knehans  and  Steinbrech11  (Section  I). 


April  IV* 


Craek  Inter  fun*  it  rum  HnJttnt  ut  u  true  tun*  AV«nf«Jmv  \fotkum%m  tn  c  %'tumnt 


rn.  U.  SemiuAg  ctceirmi  mkroffaflt*  of  ffKhtftrf-bwomiKt  disk.  >ho«ing  ctjmfk*  of  apparent  fnctHmal  t  weiturk mg  4  gram  bodging  MK* 


fig.  13.  Scanning  electron  micrograph! .  xhowmg  vecondary  rrucrofracfuft  afc*n  bodging  grams.  indicating  the  mtensitv  of  interface  iradion  force* 


in  which  the  crack  wake  vs  as  identified  as  the  crucial  source  region 
for  the  tf*cur\c  behavior  Here,  m  miu  experiments  have  proved 
most  informative,  revealing  features  in  the  crack  response  that  are 
not  at  all  apparent  trom  the  usual  postmortem  toreven  interrupted* 
tests  Not  onlv  is  the  growth  highlv  stable,  tv  pica!  of  a  rapidly 
rising  toughness  characteristic,  hut  it  is  discontinuous  on  the  mi* 
cro scale  Associated  with  this  discontinuity  is  the  appearance  of 
segmented  I  raw  lure  traces  at  the  specimen  surtaces  However,  these 
segments  connect  beneath  the  surface  mnv  a  common,  primary 
crack  interlace  putuie  iiicm?  discrete,  incipient  gram  bridging 
sites  as  unilorinlv  distributed  in  the  prodded  traeture  plane  \s  the 
fracture  sr*»ui  advances  the  Cfain  bndemg  sites  are  left  behind  and 
provide  a  restraining  loue  which  must  ultmutelv  he  overcome  tor 
taitme  to  occur 

li  *s  well  to  teemph.nA  it  tins  point  th.it  the  notion  •*!  j  ph\M 
caliv  icsh.nnedd.iA  interlace  «  «f  a,ulh  rcvohitiotiar.  Mam 
sear*  ae*»  llojjund  »/ .«  m  i  mdatloetapliic  sectioning  'ludv, 
presented  nmdi  die  saiiu  pu lute  lot  ilu  buttle  lraduic  t  »no 
Again.  Ildletbofg./ «i  and  ••ilu  rs  m  the  * <  n*  n  i«  huialuu  have 
tven  consider  met  piocpedot  budeme  mcvlunisms  bi  §  decade 
or  sti  Mou  icevniiv  *111001  tis  '  has  identified  analogous  tiiecli 
artisitis  uiMiic  m  Mlu  vi«ho  u\  online  mills  acoustic  emission 
location  letluiujiks  etc  mu  gcidoeic.il  io«<  specimens  liivfeis 
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therefore  plenty  of  evidence  to  suggest  that  this  »$  a  general  phe¬ 
nomenon  As  far  as  the  present  study  goes,  our  focus  on  alumina 
does  not  allow  us  to  extend  this  generalization  to  other  ceramics 
However,  some  preliminary  observation  on  other  ceramic  systems 
in  these  laboratories,  c.g,.  glass-ceramics,  along  with  the  implied 
universality  in  the  /?- curve  phenomenology  from  the  earlier, 
broader-based  indentation-strength  study* 51  tsce  Section  11.  indi¬ 
cate  that  the  inicrfacc-bndgmg  mode  may  be  far  more  widespread 
than  hitherto  suspected. 

Although  there  appears  to  be  little  doubt  about  the  location  of 
the  toughening  agents  in  our  material,  the  nature  of  the  actual 
Separation  process  remains  somewhat  obscure.  We  have  presented 
compelling  evidence  for  the  continual  development  of  secondary 
fractures,  accompanied  by  frictional  tractions,  around  bridging 
grains,  confirming  in  large  part  a  mechanism  foreshadowed  by 
Knehans  and  Stcinbrech  and  co-workers. ,4rl*  However,  what  we 
have  not  been  able  to  determine  is  the  specific  form  of  the  discrete 
force-separation  function  that  defines  the  micromcchanics  of  the 
bridge  rupture  event.  About  all  that  we  might  say  about  this  func¬ 
tion  is  that  it  probably  has  a  pronounced  tail,  bearing  m  mind  the 
persistent  activity  at  the  bridging  sites  in  Figs.  4  to  6  (in  some  cases 
long  after  one  or  the  other  of  the  overlapping  crack  segments 
appears  to  have  linked  up  with  the  primary  fracture  surface). 

The  present  study,  in  addition  to  identifying  a  most  likely  source 
of  toughening  in  nomransforming  ceramics,  calls  into  question  the 
validity  of  practically  all  alternative  models.  Recall  our  earlier 
assertion  (Section  1)  that  the  evidence  cited  in  favor  of  these  alter¬ 
native  models  in  the  literature  is  almost  invariably  circumstantial, 
based  at  best  on  post-mortem  fractography.  The  popular  notion  of 
a  profuse  frontal  microcracking  zone  is  a  prime  ease  in  point.  We 
are  unaware  of  cny  direct  observation  of  such  a  zone  about  a 
growing  crack  in  any  nontransforming  ceramic  material  (although 
there  arc  some  recent  indications  that  microcncking  may  have  a 
role  to  play  in  transforming,  multiphase  ceramics*1).  Our  own 
observations  gave  no  indication  of  dispersed  microcracking  (other 
than  the  bridging  grain  secondary  fractures  immediately  adjacent  to 
the  crack  walls).  Vet  according  to  the  frontal-zone  models’  we 
would  expect  events  in  the  alumina  to  be  observable  as  far  distant 
as  several  millimeters  from  the  crack  interface  (Appendix).  More¬ 
over,  one  would  expect  to  find  these  events  manifested  cumu¬ 
latively  as  a  general  uprising  cf  material  adjacent  to  the  crack  trace 
on  the  free  surface  of  the  fracture  specimens,  since  it  is  via  a 
predicted  dilatancy  that  the  microcracking  makes  its  predominant 
contribution  to  the  toughening,1  Striking  examples  of  this  kind  of 
uprising  have  in  fact  been  reported  in  studies  on  zirconia,*  50 
where  the  dissipation-zone  description  is  beyond  dispute.  Again, 
the  ceramics  profilometry  examinations  revealed  nothing  (at  least 
within  the  resolution  limit  of  the  profilometcr)  to  support  the  di¬ 
latancy  argument  in  the  alumina  studied  here. 

Reference  was  made  in  Section  1  to  another  possible  model, 
based  on  crack-tip/intcmal-stress  interactions,  for  explaining  the 
rt-eurve  behavior.  At  first  sight  this  model  docs  appear  to  be  able 
to  account  for  most  important  features  of  the  R  curve,  especially 
the  long  range  in  crack  sizes  (relative  to  the  gram  structure)  over 
which  the  toughness  rises;  it  is  argued  that  the  microscale  cracks 
arr  most  likely  to  experience  the  full  effect  of  local  (ensile  forces 
but  that,  as  extension  proceeds,  the  cracks  should  gradually  aver¬ 
age  out  over  alternative  tensile  and  compressive  grain  elements.1 
However,  if  this  were  to  be  the  whole  story,  the  toughness  of  our 
polycrystalline  alumina  should  saturate  out  at  the  grain  boundary 
energy,  so  that,  since  the  grain  boundary  is  weaker  than  the  matrix 
single  crystal  (for  otherwise  the  fracture  would  be  transgranular), 
the  saturated  toughness  could  never  exceed  that  of  sapphire.  This 
is  inconsistent  with  the  previous  indentation-strength  study,  where 
the  strength  load*  tor  equivalently,  toughness-load21)  curves  for 
polycrystallinc  alumina  and  single-crystal  sapphire  cross  each 
other.  Moreover,  the  internal  stress  model  cannot  explain  the  ob¬ 
servation  of  fl-uurve  behavior  in  specimens  with  large  starter 
notches;  the  stress-averaging  effect  is  necessarily  already  complete 
in  suv.h  large  crack  configurations  Of  course,  the  possibility  re 
mains  that  these  same  internal  stresses  could  play  a  secondary  role, 
by  acting  in  concert  with  some  other  toughening  mechanism. 


again,  the  absence  of  any  abnipt  increases  in  the  crack  resistance 
eurve  Ci.e..  on  the  scale  of  the  mtcrostructurc  itself)  excludes 
certain  mechanisms,  c.g..  deflection,  pinning  and  bowing,  as  po¬ 
tential  partners.  Whether  internal  stresses  have  anything  to  do  with 
the  bridging  mechanism  advocated  here,  c.g.,  by  establishing  suit 
able  conditions  for  creating  the  hgarocniary  elements  m  the  first 
plate,  is  a  possibility  that  might  well  be  explored , 

In  summary,  our  observations  provide  strong,  direct  evidence 
for  gram-localized  bridging  elements  as  a  principal  source  of 
fl-curvc  behavior  in  nontransforming  ceramics  The  actual  phys¬ 
ical  separation  process  involves  secondary  cracking  and  fnctional 
interlocking,  but  the  detailed  micromcchanics  remain  obscure.  We 
have  nevertheless  managed  to  obtain  some  feeling  for  the  critical 
dimensions  involved  in  this  process  for  the  alumina  used  here.  In 
particular,  we  gauge  the  mean  bridge  spacing,  as  reflected  by  the 
scale  of  discontinuous  crack  growth,  to  be  **2  to  3  gram  diameters . 
and  the  interfacial  traction-zone  length  behind  the  crack  op  to  be 
£  JOG  gram  diameters.  These  dimensions  will  serve  as  a  basis  for 
our  fracture  mechanics  modeling  in  Part  II. 


APPENDIX 

Evans  and  Faber'  provide  a  formulation  of  the  frontal  micro- 
crack  zone  model  from  which  we  can  estimate  the  spatial  extent  of 
any  microcracking.  Assuming  that  the  pnmary-craekj microcrack 
interaction  arises  principally  from  an  averaged  dilatancy  within  the 
frontal  zone,  yet  (to  a  first  approximation)  without  perturbing  the 
stress  field  outside  the  zone,  these  authors  take  the  zone  width 
(measured  perpendicular  to  the  crack  plane)  as 

h  »  [3,<5(l  +  v5) 7l2ff](A'7^)s 

where  V  is  Poisson *s  ratio,  A'*  is  the  stress  intensity  factor  associ¬ 
ated  with  the  applied  field,  and  crf  is  the  critical  local  stress  for 
microcrack  initiation.  Inserting  u  »  0,22,  A'*  ■  6,5  MPa*mi: 
(saturation  toughness,  sec  Part  II).  and  cry  *  20  MPa  (estimate 
from  Evans  and  Faber),  we  obtain  h  *•  5  mm  for  our  alumina. 
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A  fracture  mechanics  model  Is  developed  for  nontransforming 
ceramics  that  show  an  Increasing  toughness  with  crack  exten- 
slon  (/(-curve,  or  T-curve,  behavior).  The  model  derives  from 
the  observations  In  Part  I,  treating  the  increased  crack  re¬ 
sistance  as  the  cumulative  effect  of  grain  bridging  restraints 
operating  behind  the  advancing  lip.  An  element  of  discreteness 
Is  incorporated  into  the  format  distribution  function  for  the 
crack-plane  restraining  stresses,  to  account  for  the  primary 
discontinuities  in  the  observed  crack  growth.  A  trial  force- 
separation  funetbn  for  the  local  bridge  mkrorupture  process 
is  adopted,  such  that  an  expression  for  the  mkrostructure- 
associated  crack  driving  (or  rather,  crack  closing)  force  may 
be  obtained  in  analytical  form.  The  description  can  be  made  to 
fit  the  main  trends  In  the  measured  toughness  curve  for  a 
coarse-grained  alumina.  Parametrk  evaluations  from  such  fils 
conveniently  quantify  the  degree  and  spatial  extent  of  the 
toughening  due  to  the  bridging.  These  parameters  could  be 
useful  in  materials  characterization  and  design.  It  is  suggested 
that  the  mechanics  formulation  should  be  especially  applkable 
to  configurations  with  short  cracks  or  flaws,  as  required  in 
strength  analysis. 
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1.  Introduction 

WE  HAVE  presented  direct  experimental  evidence  in  Pan  I  for 
a  mode  of  crack  restraint  by  grain-localized  mtcrfacial 
bridging  behind  the  advancing  tip,1  The  suggestion  was  made  that 
this  mode  of  restraint  is  probably  a  dominant  mechanism  of 
/?• curve  behavior  in  ceramics,  at  least  in  nomransforming  ce¬ 
ramics.  Consequently,  there  is  a  need  to  develop  a  suitable  fracture 
mechanics  model,  to  establish  a  sound  basis  for  materials  design. 

This  need  constitutes  the  primary  driving  force  for  Pan  II  of  our 
study.  We  shall  derive  a  formulation  for  the  crack  resistance  as  an 
increasing  function  of  crack  size,  bounded  in  the  lower  limit  by 
some  intrinsic  toughness  (determined  by  bulk  cleavage  or  grain 
boundary  energies)  and  in  the  upper  limit  by  the  macroscopic 
toughness  (representative  of  the  microstnjcturai  composite).  Fol¬ 
lowing  Pan  1.  we  shall  again  take  coarse-grained  alumina  as  our 
representative  material,  using  the  measured  scaling  dimensions  for 
the  intcrfacial  bridging  process  as  a  basis  for  quantitative  analysis 
of  the  observed  R  curve  (or,  as  wc  shall  come  to  call  it,  the  T 
curve).  In  setting  up  our  model  wc  will  be  particularly  mindful  of 
the  discontinuous  (yet  highly  stable)  nature  of  the  crack  growth 
during  the  loading  to  failure,  most  notably  in  the  strength  configu¬ 
rations.1  Speaking  of  strength  configurations,  (he  present  analysis 
supersedes  that  described  in  an  earlier  study  using  controlled 
flaws,1'*  where  the  microstructural  contnbution  to  the  fracture 
mechanics  was  introduced  empirically  without  reference  to  any 
specific  toughening  mechanism. 

An  important  feature  of  our  modeling  will  be  the  capacity  for 
separating  out  the  fracture  mechanics  from  the  material  character¬ 
istics.  Essentially,  our  formalism  requires  us  to  specify  a  local 
force-separation  relation  for  the  restraining  interfactal  ligaments 
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Our  observations  in  Part  1  provide  little  clue  a*  ?o  what  (unda- 
menial  material  quantities  should  appear  in  this  relation,  but  they 
contain  some  indications  as  to  th eftrm  etc.,  pronounced  util  and 
spatial  event  (i.c.,  as  determined  by  the  critical  bridging  dimen¬ 
sions  referred  to  above)  of  the  functional  dependence  It  u  thus 
inevitable  that  our  treatment.  while  structured  on  a  well-confirmed 
physical  separation  model.  wt|l  retain  an  element  of  empiricism* 
We  shall  make  use  of  precedents  Set  elsewhere  in  deciding  on  an 
appropriate  function  for  our  alumina*  This  approach  will  preclude 
u$  from  making  a  priori  predictions  of  fl-eurve  behavior  in  other 
materials.  Accordingly,  questions  as  to  why  fl-cufvc  behavior  is  so 
variable  from  materia!  to  material  (even  for  maten-sJs  of  the  Same 
nominal  composition,  differing  only  in  the  grain  boundary  struc¬ 
tures)/  *  arc  posed  as  important  topic  areas  for  future  researchers. 
Conversely,  our  formulation  will  enable  us  to  describe  the  com¬ 
plete  crack  resistance  behavior  for  a  given  material  without  explicit 
knowledge  of  the  fundamental  underlying  separation  rc|atr)ns. 

Once  again,  let  us  foreshadow  one  of  the  ultimate  goals  of  our 
Study,  to  account  for  the  anomalous  strength  characteristics  shown 
by  materials  with  strong  -curve  behavior.3  ‘  In  this  paper  we  shall 
confine  ourselves  to  qualitative  explanations  of  some  of  the  more 
distinctive  features  of  the  crack  response  from  indentation  flaw*, 
namely,  the  relative  insensitivity  of  failure  stress  to  flaw*  size  at  low* 
loads  and  the  associated  growth  discontinuities.  A  detailed  quan¬ 
titative  treatment  of  the  problem,  in  which  the  indentation-strength 
data  are  inverted  to  obtain  the  R  curve,  will  be  given  elsewhere.4 


U.  Inlerfadat  Crack  Restraint  Model 

In  this  Section  we  develop  a  fracture  mechanics  model  for  a 
crack  restrained  at  its  newly  formed  interface  by  distributed  closure 
forces.  These  closure  fortes  arc  identified  with  unruptured  bridges 
whose  specific  nature  is  determined  by  tlie  ceramic  microstructure. 
As  such,  the  restraint  is  analogous  to  that  considered  in  the  fiber- 
reinforced  ceramic  composite  models,*"*  although  the  underlying 
microstruciural  rupture  mechanisms  in  the  monophase  materials  of 
primary  interest  here  may  be  of  an  entirely  different  kind.  We  shall 
begin  with  a  general  statement  of  the  crack  resistance  problem  and 
progressively  introduce  factors  specific  to  the  processes  described 
in  Part  I. 

(!)  General  Statement  of  Crack  Resistance  Problem 

Our  analysis  here  is  baxd  on  equilibrium  fracture  mechanics, 
i.c..  on  the  Griffith  notion  that  a  crack  is  on  the  verge  of  extension 
when  the  net  mechanical  driving  force  on  the  system  is  just  equal 
to  the  intrinsic  resistance  (toughness)  of  the  material/  The  equi¬ 
librium  can  be  stable  or  unstable,  depending  on  the  crack-size 
variation  of  the  opposing  force  terms.  The  terminology  “R  curve" 
derives  from  energy  release  rate  (G)  considerations,  where 
R  «  Ric)  is  the  crack-sizc-dc pendent  fracture  surface  energy  of 
the  material.  Here  we  shall  work  instead  with  stress  intensity 
factors  (A* )  because  of  (heir  simple  linear  supcrposability.  replacing 
R  with  an  analogous  toughness  parameter  T  *  Tic):  hence  our 
preference  for  the  term  T  curve"/ 

Our  starling  point  is  a  general  expression  for  the  net  stress 
intensity  factor  for  an  equilibrium  crack/ 

A'  «  A'.  +  £a*.  *»  T„  (I) 

A'*  -  Rjc)  is  the  familiar  contribution  from  the  applied  loading. 
The  terms  A',  =  A\(c)  represent  contributions  from  any  “internal" 
forces  that  might  act  on  the  crack,  such  as  the  microstructure- 
associatcd  forces  that  we  seek  to  include  here.  Tit  is  taken  to  be  the 
intrinsic  material  toughness  (i.c.,  the  effective  A'u  for  bulk  cleav¬ 
age  or  gram  boundary  fracture),  strictly  independent  of  crack  size . 
Of  the  individual  K  terms  in  Eq.  (I)  it  is  only  A'„  which  is  moni¬ 
tored  directly,  via  (he  external  loading  system,  in  a  conventional 
fracture  test.  Consequently,  it  has  become  common  practice  to 
regard  the  A',  terms  implicitly  as  part  of  the  toughness  character¬ 
istic,  This  philosophy  is  formalized  by  rewriting  Eq.  (I)  in 
the  Torn/ 


a*.  «r-rB- Va:.  121 

• 

The  quantity  T  m  Tic)  defines  the  effective  toughness  function,  or 
T  curve.  To  obtain  a  rising  T  curve,  the  A\(* )  functional  depen¬ 
dencies  must  be  cither  positive  decreasing  or  negative  increasing 

The  existence  of  a  rising  T  curve  introduces  a  stabilizing  mslu- 
cncc  on  the  crack  growth*  We  have  alluded  to  such  subih/auon 
repeatedly  in  Part !.  From  Eq.  (I),  the  condition  for  the  equi¬ 
librium  to  remain  stable  is  that  </A7</<*  <  Q*  (recalling  that 
dT^dc  m  0).  Conversely,  the  condition  for  Instability  5*  that 
i/AVi/c  >  0  (although  satisfaction  of  this  condition  does  not 
always  guarantee  failure;  sec  Section  |Vj  In  terms  of  Eq  *2*  the 
corresponding  stability/insubility  conditions  arc  expressible  as 
dK*fde  5  i/T/de.  This  latter  forms  the  basts  for  the  conventional 
T-curve  (fl-curvc)  construction, 

(2)  M krostructurt~A  ssociattd  Stress  Intensity  Factor 

Now  let  us  consider  the  way  in  which  the  microstruciural  crack 
restraining  forces  may  be  folded  into  the  fracture  mechanics  de¬ 
scription.  Specifically,  we  seek  to  introduce  the  effect  01  re¬ 
straining  bridges  behind  the  growing  crack  up  as  an  internal  stress 
intensity  factor  A#(  *  A"„.  We  shall  focus  specifically  or?  line  cracks 
in  this  paper,  although  this  should  not  be  seen  as  restricting  the 
general  applicability  of  the  approach. 

The  configuration  on  which  our  model  is  to  be  based  is  shown 
in  Fig.  I .  The  interfacial  bridging  ligaments  arc  represented  by  ihc 
array  of  force  centers  (circles)  projected  onto  the  crack  plane.  (Tins 
array  is  depicted  here  as  regular  but  in  reality  of  course  there  will 
be  a  degree  of  variability  in  the  distribution  of  centers.)  Here  c  tS 
the  distance  from  the  mouth  to  the  front  of  the  crack  and  d  is  the 
mean  Separation  between  closure  force  centers.  Note  that  at  very 
smalt  crack  sizes,  c  <  do.  where  d$  is  the  distance  to  the  first 
bridge  (not  necessarily  identical  with  d;  see  Section  111),  the  front 
encounters  no  impedance.  As  the  front  expands,  bridges  arc  acti¬ 
vated  in  the  region  do  £  x  3  c.  These  bridges  remain  active  until, 
at  some  critical  crack  dimension  c*  (>d).  ligamcntary  rupture 
occurs  at  those  sites  most  remote  from  the  from.  Thereafter  a 
steady-state  activity  zone  of  length  c#  -  da  simply  translates  wnh 
the  growing  crack. 

This  configuration  would  appear  to  have  alt  the  necessary1  ingre¬ 
dients  to  account  for  the  most  important  features  in  the  crack 
response  observed  in  Pan  I.  The  enhanced  stability  arises  from  the 
increasing  interfacial  restraint  as  more  and  more  bridging  sites  are 
activated  by  the  expanding  crack.  The  discontinuous  nature  of  the 
growth  follows  from  the  discreteness  in  the  spatial  distribution  of 
closure  forces  at  the  crick  plane.  Thus  the  initial  crack  may  be¬ 
come  trapped  at  first  encounter  with  the  bridge  energy  barriers.  If 
these  barriers  Wert  to  be  sufficiently  large  the  entire  crack  front 
could  be  retarded  to  the  extent  that,  at  an  increased  level  of  applied 
stress,  the  next  increment  of  advance  would  occur  unstably  to  the 
second  set  of  trapping  sites  (pop-in).  With  further  increase  in 
applied  stress  the  process  could  repeat  itself  over  successive  barri¬ 
ers.  the  jump  frequency  increasing  as  the  expanding  crack  encom¬ 
passes  more  sites  within  its  front.  There  ts  accordingly  a  smoothing 
out  of  the  discreteness  in  the  inlcrfacial  restraints  as  the  crack 
grows  larger  until  ultimately,  at  very  large  crack  sizes,  the  distribu¬ 
tion  may  be  taken  as  continuous. 

In  principle,  we  should  be  able  to  write  down  an  appropriate 
stress  intensity  factor  for  any  given  distribution  of  discrete  re¬ 
straining  forces  of  the  kind  depicted  in  Fig.  I*  Unfortunately,  the 
formulation  rapidly  becomes  intractable  as  the  number  of  active 
restraining  elements  becomes  larger.  To  overcome  this  difficulty 
we  resort  to  an  approximation,  represented  in  Fig,  2.  in  which 
the  summation  over  discrete  forces  Fix)  is  replaced  by  an  integra¬ 
tion  over  continuously  distributed  stresses  pit)  «  F(x)fd2  These 
stresses  have  zero  value  in  the  region  ,i  <  <A>.  reflecting  the  neces¬ 
sary  absence  of  restraint  prior  to  intersection  of  the  first  bridging 
sites.  They  have  nonzero  value  in  the  region  d*><  x  <  c  up  to  the 
crack  size  at  which  ligamcntary'  rupture  occurs  [da  s  c  ^  cM,  and 
thereafter  in  the  region  da  +  r  -  «••  <  x  <  c  where  a  steady- 
state  configuration  obtains  U  >  r*).  This  approximation  is  tanta¬ 
mount  to  ignoring  all  but  the  first  of  the  discontinuous  jumps  in  the 


April  1987 


Crack- Interface  Cram  Bruigtnx  as  a  Fracture  Resistance  Mechanism  m  Ceramics 


291 


Crack-PUn*  Coordinate,  x 


Hit.  1«  Schematic  of  bndflng  model.  0  denote*  ori¬ 
gin,  C  front,  of  crack  Circle*  indicate  bridge*;  open 
♦  ifvlc*  Cenott  active  rile*.  closed  circle  potential  site*. 


Hf.  2.  RcpreKntaiioo  of  bridging  restraint  our  crack 
plane  by  continuous  c|o*urc  *trc**  distribution.  Dumbo* 
tion*  shown  for  three  crack  length*  c  relative  to  d*  and  t‘* 
(*ee  Fig.  IK 


observed  crack  evolution.  We  might  consider  such  sacrifice  of  part 
of  the  physical  reality  to  be  justifiable  in  those  cases  where  the 
critical  crack  configuration  encompasses  many  bridging  sites,  as 
perhaps  in  a  typical  strength  test/ 

The  problem  may  now  be  formalized  by  writing  down  a 
microstructurc-associatcd  stress  intensity  factor  in  terms  of  the 
familiar  Greens  function  solution  for  line  cracks:-  w  11 

A'*  -  0  (</„  >  d  Qa) 

AV  -  -Ctf/iflc11 1  pix)iRx)Hcl  -  >rY2 

[do  Sc  Scm)  Ob) 

A'*  -  -|2*/t r)e12  \  pU)d(x\/(c''  -  .c2)’2 

(c  >  c*)  (3e) 

where  is  a  numerical  crack  geometry  term  (••tt1  5).  At  this  point 
another  major  difficulty  becomes  apparent.  We  have  no  basis, 
either  theoretical  or  experimental,  for  specifying  <i  priori  what 
form  the  closure  stress  function  pix)  must  take.  On  the  other  hand, 
we  do  have  some  feeling  from  Pan  I,  albeit  limited,  as  to  the 
functional  form  jtfu).  where  u  is  Cone  half)  ihc  crack  opening 
displacement.  Moreover,  it  is  p[u)  rather  thaa/K-t)  which  should  in 
principle  tif  not  readily  in  practice)  be  amenable  to  independent 
experimental  or  theoretical  determination.  Thus,  given  knowledge 
of  the  crack  profile,  we  should  be  able  to  replace  x  by  u  as  the 
integration  variable  in  Eq.  (3),  and  thereby  proceed  one  step  closer 
to  a  solution. 

However,  even  this  step  involves  some  uncertainty,  since  the 
crack  profile  itself  is  bound  to  be  strongly  influenced  by  the  dis¬ 
tribution  of  surface  tractions;  he.,  u{x)  strictly  depends  on  p[x) 
(as  well  as  on  the  applied  loading  configuration),  which  we  have 
just  acknowledged  as  an  unknown.  A  proper  treatment  of  the 
fracture  mechanics  in  such  cases  leads  to  a  nonlinear  integral 
equation/  for  which  no  analytical  solutions  arc  available.  With  this 
in  mind  we  introduce  a  simplification  by  neglecting  any  effect  that 
the  tractions  might  have  on  the  shape  of  tin  profile,  yet  at  the  same 
time  taking  due  account  of  these  tractions,  via  the  way  they  modify 
the  net  driving  force  A'  in  Eq.  (1),  in  determining  the  magnitude 
of  the  crack  opening  displacements.  Accordingly,  we  choose  the 
familiar  near-field  solution  for  a  slitlike  crack  in  equilibrium,  i  c  . 
at  A'  =  7„.,um 

nU.r)  =  -  j)w  t4) 

where  E  is  Young’s  modulus.  Substitution  of  Eq.  t4j  into  Eq.  t3) 


then  gives,  in  the  approximation  *r  te.g.,  specimens  with 
large  notches;  xc  Section  111) 

Km  *  0  (d*  >‘c)  l5u) 

A\.  *  -(£/To)  p(u)du  UU  Seif4)  Ob) 

A'h  -  -(E/To)  I  p(u)du  (c  >  cM  t5r) 

We  point  out  that  w#  «  u(t/0,c#)  is  independent  of  c,  so  A*„  cuts 
off  at  c  5:  c\ 

Thus  by  sacrificing  self-consistency  in  our  solutions,  we  have  ob¬ 
tained  simple  working  equations  for  evaluating  the  microstmcturc* 
associated  stress  intensity  factor.  We  have  only  to  specify  the 
stress-separation  function,  p(u ). 

(3)  Stress-Separation  Function  for  interfacial  Bridges 
The  function  p(u)  is  determined  completely  by  the  micro- 
mechanics  of  the  ligamcnlary  rupture  process.  We  hive  indicated 
that  we  have  limited  information  on  what  form  this  function  should 
take.  Generally,  /tfu)  must  rise  from  zero  at  m  »  0  to  some  maxi¬ 
mum.  and  then  tail  off  to  zero  again  at  the  characteristic  rupture 
separation  There  arc  instances  in  the  literature  where  the  rising 
portion  of  the  curve  is  the  all-dominant  feature,  c.g.,  as  in  brittle- 
fiber-reinforced  composites  where  abrupt  failure  of  the  ligaments 
cuts  off  an  otherwise  monotonically  increasing  frictional  re¬ 
straining  force/'4  On  the  other  hand,  there  are  eases  where  the  tail 
dominates,  as  in  concretes  where  the  separation  process  is  much 
more  stable.  Our  observations  on  the  alumina  in  Pan  I  would 
suggest  that  it  is  the  latter  examples  which  relate  more  closely  to 
the  polycrystallinc  materials  of  interest  here.  Moreover,  specific 
modeling  of  one  of  the  potential  separation  factors  alluded  to  in 
Part  i,  frictional  pullout  of  interlocking  grains,  does  indeed  result 
in  a  mor.otonically  (linearly)  decreasing  p(u)  function/2 
Thus  we  arc  led  to  look  for  a  trial  stress  separation  function 
which  is  tail-dominated.  The  function  we  choose  is 

p(u)  «  />•(!  -  u/uT  (Osi/S  u*)  (6) 

where  p *  and  u •  arc  limiting  values  of  the  stress  and  separation, 
respectively,  and  m  is  an  exponent.  This  equation  is  illustrated  by 
the  solid  curves  in  Fig  3  for  three  values  of  m:  m  =  0  is  the 
simplistic  case  of  a  uniformly  distributed  stress  over  the  bridging 
activity  zone;  m  «  l  corresponds  lo  the  frictional  pullout  mech¬ 
anism  just  mentioned;*2  m  «  2  is  the  value  adopted  empirically  for 
fiber  concretes/1  As  we  shall  see,  m  reflects  most  strongly  in  the 
way  that  the  ultimate  T  curve  cuts  off  in  the  large  crack  size  limn 
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FI*.  3.  Trial  Kttjj-Xfwwkm  function  piu\  for  three 
valiKi  of  cipooent  m  In  Eq,  (6).  Broken  curve  li  more 
"realHtlc"  function. 


Note  that  the  representation  is  extreme  in  the  sense  that  it  totally 
ignores  the  rising  portion  of /Hu)  (cf.  the  broken  curve  in  Fig.  3). 

Equation  (6)  may  now  be  substituted  into  Eq.  (3)  and  the  inte¬ 
gration  carried  out  to  give 

A'*  -  0  (t/u  >  c)  (7a) 

A*.  -  -IT.  -  r„){l  -  (I  -  {(c  -  d«)/lc*  -  r/u)}"3r") 

It/iScS  c*)  (7b) 

AT.  -  -IT.  -  r«)  (c  >  c*)  (7c) 

where  we  have  made  use  of  Eq.  (4)  to  eliminate  u*  ■  u(«/u.  c*)  in 

favor  of  c*.  i.e. 

<••■«/«  +  (7r£^•/2V2+7■^),  (8) 

and  where  we  have  defined 

n  *  r«  +  £/>*«•/(«  +  i)r„  (9) 

to  eliminate  p*. 


III.  Crack  RnJsUnct  Cum 

We  are  now  in  a  position  to  generate  the  effective  toughness 
function  from  Eq.  (2).  i.e. 

Tie)  -  T«  -  A ;»[c)  (10) 

once  the  parameters  7*u.  T*.  c*.  </u,  and  m  are  known  for  any  given 
material.  Here  we  shall  focus  on  the  derivation  of  these  parameters 
for  coarse-grained  alumina,  leaving  consideration  of  the  crack 
stability  (including  the  grain-scale  discontinuities  in  growth  re¬ 
ferred  to  in  Pan  I)  to  the  Discussion  (Section  IV). 

Usually,  crack  resistance  data  are  obtained  from  test  configu¬ 
rations  which  employ  a  starter  notch,  as  introduced,  for  example, 
by  sawcutting.  Tte  use  of  such  a  notch,  in  addition  to  providing  a 
favorable  geometry  for  running  the  crack,  conveniently  establishes 
the  origin  of  extension  at  the  base  of  the  T  curve.  We  now  need  to 
transform  our  coordinates,  as  defined  in  Fig.  4;  we  haver  53  fu  + 
Ar.  </«  «  r„  +  (/.  where  r,»  is  the  notch  length.  Combining 
Eqs.  (7)  and  (10)  then  gives 

7tAc)  =  To  (d  >  Ac)  (I la) 

7XAr)  =  r.  -  (r.  -  Tu) 

x  {I  -  [(Ar  -  «/>/(*«-  -  d)]"2)m" 

to  £  Ar  s  Ar*)  (11  b) 


Wt*  4.  Coordinates  for  crack  system  wfih  starter 
notch.  Effect  of  notch  u  to  remove  all  “memory"*  of 
bodging  restraints  ow  00\  equivalent  to  redefining 
the  crack  origin  a 1 0\  Circles  indicate  bridging  sites  as 
in  Fig.  I. 


7TAc)  *  7*  (Ar  >  Ac*)  Cllrl 

Thus  within  the  limits  of  the  approximations  used  here  (most 
notably  the  “small-scale  *oncM  approximation  used  to  derive 
Eq.  (5)),  we  obtain  a  T  curve  which  Is  geometry  insensitive,  i.e.. 
independent  of  c*.  Note  also  that  the  steady-state  bridging  *one 
length  from  Eq,  (S)* 

Ac-  -  d  +  (irfu-/2V2*7'o)s  (I2» 

is  likewise  geometry  insensitive.  We  shall  have  more  to  say  about 
this  in  Section  IV.  At  this  stage  the  rationale  for  our  parameter 
definitions  becomes  apparent;  To  and  T*  define  the  lower  and  upper 
bounds,  and  Ac*  the  spatial  extent,  of  the  T  curve. 

To  illustrate  the  applicability4  of  the  formulation  we  examine  the 
degree  of  fit  of  Eq.  (II)  to  some  experimental  data,  provided  to  us 
by  M.  V.  Swain  on  a  coarse-gained  alumina.  The  material  tested 
by  Swain  was  of  closely  similar  mkrostructurc  to  that  of  the 
alumina  used  by  us  in  Part  i,  i.e.,  reasonably  large  gain  sue 
(16  pm;  cf.  20  pm  in  Pan  I)  and  nominally  pore  composition.  He 
used  rectangular  double  cantilever  beam  (DCB)  specimens,  dimen¬ 
sions  50  by  8  by  5  mm,  notch  length  1 1  mm,  to  obtain  his  crack 
data.  These  particular  data  were  chosen  over  others  in  the  literature 
because  of  the  special  precautions  taken  to  minimize  specimen  end 
effects  (see  Section  IV).  Swain's  results  are  plotted  as  the  data 
points  in  Fig.  5.  The  theoretical  fits,  shown  as  the  solid  curves  for 
fixed  exponents  m  *  0,  I,  and  2,  were  computed  for  trial  values 
of  d  ■  50  /im  (*«3  gain  diameters)  and  Ac*  *  10  mm  (^600 
grain  diameters)  in  accordance  with  the  estimates  from  Part  1,  with 
To  and  7*.  as  regression  adjustable}. 

A  word  of  caution  is  in  order  here.  Any  "goodness  of  fit'*  that 
we  might  consider  evident  in  Fig.  5  may  properly  be  taken  as 
lending  credence  to  our  model.  However,  it  should  not  be  seen  as 
constituting  proof  of  our  model.  In  essence,  our  equations  contain 
five  parameters  whose  values  are,  to  a  greater  or  lesser  extent, 
unknown  a  priori.  Thus,  for  instance,  the  accuracy  of  the  fit  is  not 
sensitive  to  the  trial  value  of  </,  but  it  is  sensitive  to  Ac*  (reflecting 
the  fact  that  the  DCB  data  are  weighted  toward  the  region 
Ac  ►  </).  Such  sensitivity  to  the  choice  of  any  one  parameter 
inevitably  contributes  to  the  uncertainty  in  the  other  parameters. 
Consequently,  despite  all  outward  appearances  in  Fig.  5.  we  would 
be  reluctant  to  assert  that  m  *  0  is  the  "true"  value  of  the  tough¬ 
ness  exponent. 

Notwithstanding  these  uncertainties  in  the  parameter  deter¬ 
minations,  we  may  usefully  estimate  the  force-separation  parame¬ 
ters  p*  and  m*  in  Eq.  (6).  Thus,  substituting  £  «  400  GPa. 
4*  =  7T1  *  (idea!  line  cracks),  along  with  the  best-fit  values  of  7"«„ 
into  Eq.  (12)  gives  w*  =*  1  pm  (independent  of  m).  This  is  of  the 
order  of  the  crack  opening  displacements  evident  in  the  micro¬ 
graphs  in  Part  I.  Further  substitution  together  with  the  regressed  T. 
values  into  Eq.  (9)  gives  p*  =*  25  MPa  (m  =  0),  40  MPa 
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Fig.  5,  Fit  of  Ea>  (111  lo  doobk  carxikvtr  beam  (DCBJ  wughrwH  d*u 
on  coxrk-t rained  alumina.  Fin  arc  for  </  M  50  pm,  Ac*  «  10  mm. 
and  m  «  0,  I,  and  2,  *Iih  7«  and  7*  as  adjuiubki*  (D«u  ccxmrjy 
M  V,  Strain.) 


tm  *  l hand 55  MPitm  *  2). Iftbcse  stress  kvc!s$«m  low, wt 
may  note  thauhe  composite  quantity  p*w*/(m  F  '),  whkh  repre¬ 
sents  the  work  per  unit  area  to  separate  the  briiges  across  the 
fracture  plane  (see  integral  in  Eq.  5(c)),  it  of  order  20  J  *  m"3,  I.e., 
comparable  with  typical  fracture  surface  energies. 

Finally  in  (his  section,  let  us  note  that  we  have  yu  to  addre.it  the 
issue  of  crack  instabilities  in  the  7-curvc  characteristic.  Recall  thai 
our  analysis  smoothes  out  all  but  the  very  first  bridge  discontinuity, 
i.e.,  at  c  ■  du\  the  data  in  Fig.  5  are  insufficiently  detailed  in  this 
region  to  allow  any  quantitative  resolution  of  this  question.  We 
need  to  go  to  short-crack  configurations.  An  account  uf  the  7-curve 
construction  for  such  configurations  is  defend  to  Section  IV. 

IV.  DUtuista 

We  have  derived  a  7-e urve  (rt-curve)  model  based  on  bridging 
tractions  at  the  crack  interface  behind  the  advancing  tip.  The  model 
contains  several  adjustable  parameters,  but  parameter*  to  which  we 
may  nonetheless  attxh  physical  meaning.  Thus  the  spatial  parame¬ 
ters  c •  (Ac*)  and  if,  respectively,  define  the  range  of  the  T  curve 
and  the  characteristic  separation  between  bridging  elements.  The 
toughness  parameters  7u  and  7.  respectively  define  the  base  crack 
resistance  in  the  absence  of  microstructural  restraints  (lower  limit 
to  T  curve)  and  the  macroscopic  crack  resistance  (upper  limit). 
Then  we  have  the  parameters  m,  p*.  and  m\  which  determine  the 
empirical  force-separation  "law"  for  the  bridging  process.  These 
parameters,  once  evaluated  for  a  given  material,  could  be  useful  in 
structural  design. 

It  is  instructive  to  consider  how  the  present  treatment  of  the 
microstructural  contribution  to  crack  resistance  characteristics  dif¬ 
fers  from  that  proposed  in  an  earlier  study  of  indentation-strength 
systems.5  '  In  that  study  the  microstructure-associated  stress  in¬ 
tensity  factor  (cf.  used  in  this  work)  was  introduced  in  terms 
of  an  empirical  grain-localized  driving  force  at  the  radial  crack 
center,  in  direct  analogy  to  the  (well-documented)  residual-contact 
force  field, 14  ,5  There.  was  defined  as  a  positive  term  de¬ 
creasing  with  respect  to  crack  size,  with  7.  as  the  reference  tough¬ 
ness  level  (i.e.,  the  level  at  which  Km  =  0).  Here.  is  defined 
as  a  negative  (closure)  term  increasing  with  respect  to  crack  size, 
with  7,  to  the  reference  toughness  level  (K„  =  0).  Conventional 
fracture  mechanics  measurements,  i.e..  measurements  of  crack 
size  as  a  function  of  applied  load,  cannot  in  themselves  distinguish 
between  these  two  alternative  K  descriptions.  It  is  in  this  context 


that  the  direct  observations  m  Part  I  may  be  seen  as  critical  More¬ 
over,  the  new  model  has  its  roots  In  a  positively  identifiable  tough¬ 
ening  mcehanism.  so  taking  us  one  step  closer  to  a  fundamental 
base  for  a  priori  predictions. 

However,  it  needs  to  be  reemphasized  that  the  element  cf  empiri¬ 
cism  has  not  been  entirely  eliminated  in  ihe  present  treatment. 
Them  is  the  issue  of  the  force-separation  relation  pOri,  which  uc 
have  represented  by  the  tail-dominated  function  in  Eq,  (6)  Ideally, 
wc  would  like  to  be  able  to  determine  p(u)  from  first  principles,  but 
this  wouk.  ^  uire  a  more  detailed  understanding  of  the  gram 
bridging  micromccbam$m$  than  is  available  at  present  Only  then 
may  we  hope  lo  specify  what  intrinsic  material  properties,  other 
than  C  and  7*  (see  Eq,  (5)),  govern  the  toughness  behavior.  At  that 
Stage  we  may  be  in  a  position  to  answer  some  of  the  more  pressing 
questions  that  arise  in  connection  wnh  observed  7-curve  trends. 
Thus,  what  is  the  explicit  dependence  of  toughness  on  gram  size, 
and  (perhaps  more  imriguingiy)  what  is  it  about  the  incorporation 
of  a  glassy  grain  boundary  phase  which  so  dramatically  washes  out 
the  T-curve  effect?5**  What  rok  do  internal  microstresscs  play?  It 
is  with  such  issues  that  our  ultimate  ability  to  tailor  superior  struc¬ 
tural  ceramics  must  surely  rest. 

There  are  other  limitations  of  our  analysis  which  warrant  further 
comment,  particularly  in  relation  to  geometric  effects.  In  our  quest 
for  an  analytical  solution  to  the  fracture  mechanics  equations  we 
have  resorted  to  a  quest ionabk  approximation  of  the  crack-wall 
displacement  profile,  Eq.  (4),  Quite  apart  from  the  fact  that  this 
approximation  is  strictly  justifiabk  only  for  traction-fret  walls, 
i.e.,  in  ckar  violation  of  the  very  boundary  conditions  that  we  reck 
to  incorporate  Into  our  analysis,  it  requires  that  we  should  not 
attempt  to  extend  the  description  beyond  the  confines  of  the  near 
field.  Yet  the  results  of  our  experimental  observations  In  Part  I 
show  bridging  activity  zones  of  order  millimeters,  which  is  by  no 
means  in  insignificant  kngth  in  comparison  to  typical  test  Speci¬ 
men  dimensions.  Th  contrary  to  the  predictions  of  Eq.  (II),  we 
should  not  be  surprised  to  find  a  strong  geometry  dependence  in  the 
measured  7-curo  response,  Such  a  dependence  has  been  observed 
in  practice,  particularly  in  sing k-edge-notchcd  beam  specimens  of 
alumina  with  different  suiter  notch  knfths.14*1*  There  are  in  fact 
reported  instances,  in  fiber-reinforced  cements.50  where  specimen 
size  effects  can  dominate  the  intrinsic  component  in  the  7-curve 
characteristic.  This  is  an  added  concern  for  the  design  engineer, 
whose  faith  in  the  7-curve  construction  is  heavily  reliant  on  our 
ability  to  prescribe  7Tc)  as  a  true  materia!  property. 

Notwithstanding  the  above  reservations,  let  us  return  to  the 
question  of  crack  growth  discontinues  raised  toward  the  end  of 
Section  Hi.  It  was  pointed  out  that  we  need  to  consider  short 
cracks,  i.e.,  cracks  smaller  in  kngth  than  the  distance  to  the  first 
bridging  sites,  and  indeed  preferably  smalkr  than  the  mean  bridge 
spacing  itself.  This  is,  of  course,  the  domain  of  natural  (laws.  The 
indentation  method  is  one  way  of  introducing  cracks  of  this  scale, 
with  a  high  degree  of  control,  and  will  be  the  subject  of  a  detailed 
quantitative  analysis  elsewhere.4  For  the  present,  we  simply  con¬ 
sider  such  a  crack,  but  without  residual  contact  stresses,  subjected 
to  a  uniformly  applied  tensile  stress,  <rm .  Figure  6  is  x  schematic 
7-curve  construction  for  this  system,  showing  how  the  initial  crack 
at  Ct  <  d  evolves  as  the  applied  stress  is  increased  to  failure.  The 
plot  is  in  normalized  logarithmic  coordinates,  to  highlight  the 
response  at  small  c.  This  same  plotting  scheme  allows  for  a  con¬ 
venient  representation  of  the  applied  stress  intensity  factor, 
*  d*r*c,'5t  as  a  family  of  parallel  lines  of  slope  Vi  at  different 
stress  levels.  The  sequence  of  events  is  then  as  folL  vs:  (i)  at 
loading  stage  !,  K*  «  A'.to-Ji,  the  crack  remains  .,ationary; 
(ii)  at  stage  2,  the  crack  attains  equilibrium  at  K*  3  Tic),  and 
extends  from  an  unstable  state  at  /  (dK*/dc  >  dT/dc)  to  a  stable 
state  at  J  (dK^/dc  <dT/dc)\  (iii)  on  increasing  the  load  to 
stage  3,  the  crack  propagates  stably  through  J  to  L  up  the  7  curve; 
(iv)  at  stage  4,  a  tangcncy  condition  is  achieved  at  A/,  whence 
failure  occurs.  Thus  our  model  has  the  capacity  to  account  for  the 
first  crack  jump  discontinuity  (pop-in),  as  well  as  the  enhanced 
stability,  we  have  come  to  associate  with  this  class  of  material. 

As  a  corollary  ofthe  construction  in  Fig.  6.  note  that  the  critical 
loading  condition  at  M  is  not  affected  in  any  way  by  the  initial 
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F%.  4.  T<\ me  consiructfon  for  shoo  crack  c,  (c*  £  r  £  r«).  Solid 
turn  ii  Tie)  function.  Inclined  dashed  line*  I  -*  4  rtpitKM  A*,  load- 
inf  lints  fo<  wcctitivtly  locteating  values  of  applied  stress  a.  Crack 
"pop*  in"  aloof  U  ar  tuft  2  in  the  siresilng ,  then  progresses  through 
JIM  akMt  curve  io  failure  a  Mate  4.  Nose  failure  sires*  it  OcstrmirrfiJ 
cxcluti vely  by  langency  cocdid'on  at  M.  independeM  of  if.liiat 
track  tiu. 


crack  size  rv,  provided  this  initial  size  falls  within  the  f-nfe 
<•*  £  o  S  r*.  This  explains  why  the  strenfths  of  specimens  con- 
taininf  controlled  flaws  tend  to  level  off  at  diminishing  crack  size 
(indentation  load).5  Thus  *e  have  a  region  of  “flaw  tolerance,"  a 
desirable  quality  from  the  standpoint  of  engineering  design. 

Finally,  we  are  led  to  believe  that  the  notion  of  crack  interface 
bridging  may  have  a  far  greater  generality  in  the  accounting  of 
T-eurve  behavior  in  ceramics  than  previously  suspected.  We  have 
singled  out  coarse-grained  alumina  for  special  study,  but  the  earlier 
indentation-strength  studies  on  a  wide  range  of  materials  suggests 
a  certain  commonality  in  the  underlying  mechanisms  of  tough¬ 
ening.’  *  At  the  same  time,  the  validity  of  popular  alternative 
models,  particularly  those  founded  on  the  hypothesis  of  a  dispersed 
microcracking  zone,  is  in  serious  doubt.  These  strong  conclusions 
derive  primarily  from  the  direct  observations  described  in  Pan  I. 
The  use  of  such  observations  as  a  means  of  identifying  the  re¬ 
sponsible  toughening  mechanisms  has  been  conspicuously  absent 
in  the  ceramics  literature.  There  is  a  clear  need  to  develop  the 
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present  treatment  further,  especially  in  regard  to  the  bridging  force- 
separation  function.  Further,  the  formulation  should  be  extended  to 
include  nunequilibnum  states,  where  the  T  curve  is  expected  to 
manifest  itself  in  intriguing  ways.  c.g..  in  fatigue  limits  and  non- 
unique  erack  velocity  ttA’.i  functions.  Our  model  is  just  the  first 
Step  to  a  proper  understanding  of  the  toughness  behavior  of  mate¬ 
rials  in  terms  of  microstructural  variables,  which  we  must  ulti¬ 
mately  control  if  the  goal  of  the  property-tailored  ceramic  is  ever 
10  be  realized. 
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An  indentation-strength  formulation  is  presented  for  nontransforming  ceramic  materials  that 
show  an  increasing  toughness  with  crack  length  (T  curve,  or  R  curve)  due  to  the  restraining 
action  of  interfacial  bridges  behind  the  crack  tip.  By  assuming  a  stress-separation  function  for 
the  bridges  a  microstrueture-associatcd  stress  intensity  factor  is  determined  for  the  penny-like 
indentation  cracks.  This  stress  intensity  factor  opposes  that  associated  with  the  applied 
loading,  thereby  contributing  to  an  apparent  toughening  of  the  material,  i.e..  the  measured 
toughness  in  excess  of  that  associated  with  the  intrinsic  cohesion  cf  the  grain  boundaries 
(intergranular  fracture).  The  incorporation  of  this  additional  factor  into  conventional 
indentation  fracture  mechanics  allows  the  strengths  of  specimens  with  Vickers  flaws  to  be 
calculated  as  a  function  of  indentation  load.  The  resulting  formulation  is  used  to  analyze 
earlier  indentation-strength  data  on  a  range  of  alumina,  glass-ceramiq,  and  barium  titanate 
materials.  Numerical  deconvolution  of  these  data  determines  the  appropriate  T  curves.  A 
feature  of  the  analysis  is  that  materials  with  pronounced  T  curves  have  (he  qualities  of  flaw 
tolerance  and  enhanced  crack  stability.  It  is  suggested  that  the  indentation-strength 
methodology,  in  combination  with  the  bridging  model,  can  be  a  powerful  tool  for  the 
development  and  characterization  of  structural  ceramics,  particularly  with  regard  to  grain 
boundary  structure. 


I.  INTRODUCTION 

Recent  studies  have  shown  that  many  polycrystal- 
line,  non-phase-transforming  ceramics  exhibit  an  in¬ 
creasing  resistance  to  crack  propagation  with  crack 
length.  ,-l(  At  small  flaw  sizes,  comparable  to  the  scale  of 
the  microstructure,  the  toughness  Tis  an  intrinsic  quan¬ 
tity  representative  of  the  weakest  fracture  path.  At  large 
flaw  sizes  the  toughness  tends  to  a  higher,  steady-state 
value  representative  of  the  cumulative  crack/micro¬ 
structure  interactions  in  the  polycrystal.  The  progres¬ 
sive  transition  from  the  low-to-high  toughness  limits 
during  crack  extension  is  described  as  theT  curve.  [The 
concepts  of  T  curve  and  R  curve  are  equivalent.’  In  the 
former  the  equilibrium  condition  is  obtained  by  equat¬ 
ing  the  net  stress  intensity  factor  K ,  characterizing  the 
net  applied  load  on  the  crack,  to  the  toughness  T  (alter¬ 
natively  designated  K  tc  in  some  of  the  earlier 
literature)  characterizing  critical  crack  resistance 
forces.  In  the  latter,  the  mechanical  energy  release  rate 
G,  derived  from  the  work  done  by  the  applied  loading 
during  crack  extension,  is  equated  to  the  energy  neces¬ 
sary  to  create  the  fracture  surfaces  /(.] 


'  On  leave  from  I  he  Department  of  Mechanical  Engineering,  Univer¬ 
sity  of  Sydney,  New  South  Wales  2006.  Australia. 


Perhaps  the  most  comprehensive  studies  of  this  T* 
curve  behavior  have  been  made  using  a  controlled  flaw 
technique, ,"4  in  which  the  strengths  of  specimens  con¬ 
taining  indentations  are  measured  as  a  function  of  iden- 
tation  load.  It  was  found  that,  for  large  flaws,  the 
strengths  tend  to  an  “ideal"  —  J  power  law  dependence 
of  strength  on  indentation  load,  indicative  of  a  nonvary¬ 
ing  toughness.  At  small  flaw  sizes,  however,  the 
strengths  decrease  markedly  from  this  ideal  behavior, 
tending  instead  to  a  load-independent  plateau.  Signifi¬ 
cantly,  in  a  group  of  polycrystalline  alumina  materials  it 
was  found  that  the  strengths  at  large  flaw  sizes  were  all 
greater  than  those  of  single-crystal  sapphire,  whereas 
the  reverse  tended  to  be  true  at  small  flaw  sizes.1  Taken 
with  the  observation  that  the  fracture  in  these  aluminas 
is  intergranular,  these  results  suggest  that  the  grain 
boundaries  are  paths  of  weakness  but  that  there  is  some 
mechanism  operating  that  more  than  compensates  for 
this  intrinsic  weakness  as  the  flaw  size  increases.  More¬ 
over,  the  strength-load  responses  of  the  polycrystallinc 
materials  themselves,  even  those  with  similar  grain 
sizes,  tended  to  cross  each  other.1  It  would  appear  that 
the  nature  of  the  grain  boundary,  as  well  as  the  grain 
size,  influences  the  fracture  behavior. 

Two  other  sets  of  experiments  provide  vital  clues  as 
to  the  mechanism  of  crack/microstrccture  interaction 
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underlying  llic  T-curve  behavior.  In  the  first  set,  Knc- 
hans  and  Stcinbrech"  propagated  large  cracks  in  alu- 
mina  using  the  singlc-cdge-notched  beam  geometry. 
They  observed  strongly  rising  T-curvcs  as  cracks  propa¬ 
gated  from  the  tip  of  the  notch.  However,  when  interfa- 
cial  material  was  removed  from  behind  the  crack  tip  by 
careful  sawing,  the  toughness  did  not  continue  up  the  T 
curve  but  reverted  to  its  original  level,  implying  that  the 
critical  mechanism  must  be  operating  in  the  "wake"  of 
the  crack  tip.  In  the  second  set  of  experiments,  Swanson 
el al.*  observed  crack  propagation  in  alumina  using  both 
indcnted*di$k  and  tapered-cantilever  beam  specimens. 
Acive  grain-localized  "bridges"  were  observed  at  the 
primary  crack  interface,  over  a  "zone  length"  of  milli¬ 
meter  scale.  The  implication  here  is  that  interfacial 
bridging  ligaments  behind  the  lip  are  providing  a  re¬ 
straining  influence  on  crack  extension.  The  reversion  to 
the  base  of  the  T  curve  in  the  experiments  of  Knehans 
and  Steinbrech  may  be  interpreted  in  terms  of  the  remo¬ 
val  of  these  restraining  ligaments. 

Mai  and  Lawn10  developed  a  fracture  mechanics 
model  for  the  propagation  of  ligamentary  bridged 
cracks,  incorporating  parameters  characterizing  the  in¬ 
terbridge  spacing,  the  intrinsic  intergranular  toughness, 
and  the  force-extension  "law"  for  the  bridges.  They  ap¬ 
plied  the  model  to  the  propagation  of  full-scale  cracks 
propagating  under  double  cantilever  loading  and  there¬ 
by  demonstrated  consistency  with  the  measured  T* 
curve  response  in  a  polycrystallinc  alumina. 

Here  we  shall  apply  the  Mai-Lawn  bridging  model 
to  the  mechanics  of  the  indentation-strength  test.  It  is 
appropriate  to  do  this  for  two  reasons.  First,  indentation 
cracks  are  strongly  representative  of  the  small  "natural" 
flaws  that  control  the  strengths  of  ceramic  materials  in 
service.1  Second,  and  most  important,  the  indentation 
methodology  will  be  seen  to  be  ideally  suited  to  quanti¬ 
tative  analysis  of  the  T-curve  function.  For  this  purpose, 
recourse  will  be  made  to  several  earlier  sources  of  inden¬ 
tation-strength  data,  covering  a  broad  spectrum  of  ce¬ 
ramic  materials. M-4,1 1  The  consequent  manner  in  which 
the  indentation-strength  test  highlights  one  of  the  most 
important  manifestations  of  T-curve  behavior,  namely 
flaw  tolerance,  will  emerge  as  a  uniquely  appealing  fea¬ 
ture  of  the  approach.  The  potential  for  using  the  atten¬ 
dant  parametric  evaluations  in  the  T-curve  analysis  as  a 
tool  for  investigating  the  role  of  chemical  composition 
and  processing  variables  as  determinants  of  toughness 
properties  is  indicated. 


II.  INTERFACIAL  CRACK  RESTRAINT  MODEL 

An  earlier  fracture  mechanics  model1"  for  straight- 
fronted  cracks  restrained  by  interfacial  bridging  liga¬ 
ments  is  reproduced  here  in  modified  form,  appropriate 
to  penny-like  indentation  cracks. 


A.  Equilibrium  crack  propagation 

A  fracture  system  is  in  equilibrium  when  the  forces 
driving  the  crack  extension  are  equal  to  the  forces  resist¬ 
ing  this  extension.  Equilibria  may  be  stable  or  unstable, 
depending  on  the  crack-length  dependence  of  these 
forces.'*  Here  we  shall  characterize  the  driving  forces  by 
stress  intensity  factors  K{c)  and  the  fracture  resistance 
by  toughness  7(c),  where  c  is  the  crack  size.  We  may 
consider  separately  the  stress  intensity  factor  arising 
from  the  applied  loading  K„,  which  is  directly  moni¬ 
tored,  from  that  associated  with  any  internal  forces  in¬ 
trinsic  to  the  microstructure  K, ,  such  as  the  ligamentary 
bridging  forces  we  seek  to  include  here.  We  may  then 
conveniently  regard  the  fracture  resistance  of  the  mate¬ 
rial  as  the  sum  of  an  intrinsic  interfacial  toughness  of  the 
material  T0  and  the  internal  K,  terms.’  Hence  our  con¬ 
dition  for  equilibrium  may  be  written 

(c)  =  7*(c)  =  T0  —  (c),  (1) 

I 

where  we  have  summed  over  all  internal  contributions. 
We  emphasize  that  T0  is  strictly  independent  of  crack 
length.  The  quantity  7*(c)  is  the  effective  toughness 
function,  or  T  curve,  for  the  material.  To  obtain  a  rising 
T  curve,  i.e.,  an  increase  in  toughness  with  crack  length, 
the  sum  over  the  K,(c)  terms  must  be  either  positive 
decreasing  or  negative  increasing.  In  terms  of  Eq.  ( 1 ) 
the  condition  for  stability  is  that  dKa/dc<dT /dc  and 
for  instability  dK0/dc>dT l dc .’  We  see  then  that  a  ris¬ 
ing  T  curve,  where  dT /dc> 0,  will  lead  to  increased  sta¬ 
bilization  of  the  crack  system. 


B.  Mlcrostructure-assoclated  stress  Intensity 
factor 

We  seek  now  to  incorporate  the  effect  of  restraining 
ligaments  behind  the  growing  crack  tip  into  a  micro¬ 
structure-associated  stress  intensity  factor, /f,,  =  2,  K,. 
In  the  context  of  indentation  flaws  we  shali  develop  the 
nnalysis  for  cracks  of  half-penny  geometry. 

A  schematic  model  of  the  proposed  system  is  shown 
in  Fig.  1.  The  intcrfacial  bridging  ligaments  are  repre¬ 
sented  as  an  array  of  force  centers,  F(r),  projected  onto 
the  crack  plane.  Here  c  is  the  radius  of  the  crack  front 
and  d  is  the  characteristic  separation  of  (he  centers.  At 
very  small  cracks  sizes,  c<d,  the  front  encounters  no 
impedance.  As  the  front  expands,  bridges  are  activated 
in  the  region  d<r<c.  These  bridges  remain  active  until, 
at  some  critical  crack  size  c*  (>  d) ,  ligamentary  rupture 
occurs  at  those  sites  most  distant  behind  the  front. 
Thereafter  a  steady-state  annular  zone  of  width  e*  —  d 
simply  expands  outward  with  the  growing  crack. 

The  qualitative  features  of  the  crack  response  ob¬ 
served  by  Swanson  et  at*  would  appear  to  be  well  de¬ 
scribed  by  the  above  configuration.  Enhanced  crack  sta- 
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FIG.  I.  Schematic  iliijram  ofa  half-penny,  surface  crack  propaf  atin| 
throu{h  a  material  with  bridjtn,  lifamcnts  impeJinj  the  crack  mo¬ 
tion.  Here  if  is  the  mean  lij ament  spacing  e  is  thecrack  radius,  and  r  is 
the  radial  coordinate  from  the  penny  oriim;  •  denotes  the  active  liga¬ 
ment  sits  and  a  denotes  potential  li|ament  sites. 


bility  arises  from  the  increasing  interfacial  restraint  as 
more  and  more  bridging  sites  are  activated  by  (he  ex¬ 
panding  crack  front  (the  number  of  active  bridges  will 
increase  approximately  quadratically  with  the  crack  ra¬ 
dius).  The  discontinuous  nature  of  the  crack  growth 
follows  from  the  discreteness  in  the  spatial  distribution 
of  the  closure  forces  in  the  crack  plane.  Thus  we  imagine 
the  crack  to  become  trapped  at  first  encounter  with  the 
barriers.  If  these  barriers  were  to  be  sufficiently  large  (he 
crack  front  could  be  “trapped"  such  that,  at  an  in¬ 
creased  level  of  applied  stress,  the  next  increment  of  ad¬ 
vance  would  occur  unstably  to  the  second  set  of  trap¬ 
ping  sites.  Further  increases  in  applied  stress  would  lead 
to  repetitions  of  this  trapping  process  over  successive 
barriers,  the  jump  frequency  increasing  as  the  expand¬ 
ing  crack  front  encompasses  more  sites.  There  must  ac¬ 
cordingly  be  a  smoothing  out  of  the  discreteness  in  the 
distribution  of  interfacial  restraints  as  the  crack  grows 
until,  at  very  large  crack  sizes,  the  distribution  may  be 
taken  as  continuous.  With  regard  to  the  steady-state 
zone  width  (c*  —  d)  referred  to  above,  our  own  obser¬ 
vations  and  those  of  Swanson  et  a/.*,,s  indicate  that,  for  a 
given  material,  there  is  a  characteristic  distance  behind 
the  crack  tip  that  contains  apparently  intact  bridges. 

In  principle,  we  should  be  able  to  write  down  an 
appropriate  stress  intensity  factor  for  any  given  distribu¬ 
tion  of  discrete  restraining  forces  of  the  kind  depicted  in 
Fig.  1.  However,  an  exact  summation  becomes  intracta¬ 
ble  as  the  number  of  active  restraining  elements  be¬ 
comes  large.  To  overcome  this  difficulty  we  approxi¬ 
mate  the  summation  over  the  discrete  force  elements 
F(r )  by  an  integration  over  continuously  distributed 
stresses  o(r)  =*F(r)/d We  plot  these  stresses  for  three 
crack  configurations  in  Fig.  2.  These  stresses  have  zero 
value  in  the  region  r<d,  reflecting  the  necessary  ab¬ 
sence  of  restraint  prior  to  the  intersection  of  the  crack 
front  with  the  first  bridging  sites.  They  have  nonzero 
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FIG.  2.  Strew  distribution  applied  by  the  restraining  ligaments  over 
the  eraek  plane  as  a  function  of  radial  distance  from  the  center  of  the 
crack.  Note  that  the  stress  is  zero  for  r  <  d and  reaches  a  steady-state 
distribution  for  Oc*. 


value  in  the  region  d  <  r  <c  up  to  the  crack  size  at  which 
ligamentary  rupture  occurs  (</<c<c*)  and  thereafter  in 
the  region  </  +  c  —  c*<r<c,  where  a  st  ready-state  con¬ 
figuration  is  obtained  (c>c*).  This  approximation  is 
tantamount  to  ignoring  all  but  the  first  of  the  discontin¬ 
uous  jumps  in  (he  observed  crack  evolution.  We  might 
consider  such  a  sacrifice  of  part  of  the  physical  reality  to 
be  justifiable  in  those  cases  where  the  critical  crack  con¬ 
figuration  encompasses  many  bridging  sites,  as  perhaps 
in  a  typical  strength  test. 

The  problem  may  now  be  formalized  by  writing 
down  a  microstructure-associated  stress  intensity  factor 
in  terms  of  the  familiar  Green's  function  solution  for 
penny-like  cracks'1: 


A'  =0  (c<d), 


(2a) 


=  -  (ttt)  J/(r)  (‘/<c<c*)' 

(2b) 


(2c) 


where  4>  is  numerical  crack  geometry  term.  At  this  point 
another  major  difficulty  becomes  apparent.  We  have  no 
basis,  either  theoretical  or  experimental,  for  specifying  a 
priori  what  form  the  closure  stress  function  a(r)  must 
take.  On  the  other  hand,  we  do  have  some  feeling  from 
the  observations  of  Swanson  et  aLt  albeit  limited,  as  to 
the  functional  form  a(;/)t  where  u  is  the  crack  opening 
displacement.  Further,  it  is  a(//)  rather  than  a(r)  that 
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is  (he  more  fundamental  bridging  quantity  and  that  is 
more  amenable  to  independent  specification.  Thus,  giv- 
en  a  knowledge  of  the  crack  profile,  we  should  be  able  to 
replace  r  by  u  as  the  integration  variable  in  Eq.  (2)  and 
thereby  proceed  one  step  closer  to  a  solution. 

However,  even  this  step  involves  some  uncertainty, 
as  the  crack  profile  itself  is  bound  to  be  strongly  in¬ 
fluenced  by  the  distribution  of  surface  tractions,  i.e., 
u(r )  strictly  depends  on  o(r)  (as  well  as  on  the  applied 
loading  configuration),  which  we  have  just  acknowl¬ 
edged  as  an  unknown.  A  rigorous  treatment  of  this 
problem  involves  the  solution  of  two  coupled  nonlinear 
integral  equations,  for  which  no  analytical  solutions  are 
available.14  We  thus  introduce  a  simplification  by  neg¬ 
lecting  any  effect  the  tractions  might  have  on  th e shape 
of  the  crack  profile,  while  taking  account  of  these  trac¬ 
tions  through  (heir  influence  on  the  net  driving  force 
K  =  A'„  +  Kh  from  Eq.  ( 1 ),  in  determining  the  magni¬ 
tude  of  the  crack  opening  displacements.  Accordingly, 
we  choose  Sneddon's  solution11  for  (he  near-field  dis¬ 
placements  of  an  equilibrium  crack,  i.e.,  K  «=»  7*<>, 

u(r,c)  =  (,\I>T(/Ec*n)(ci  —  r)'n,  (3) 

where  £  is  the  Young's  modulus.  Substitution  of  Eq.  ( 3 ) 
into  Eq.  (2)  then  gives 

K„=  0  (c<d),  (4a) 

a[u)du  (d<c<c*),  (4b) 

**  =  a^u)du  (c> c*).  (4c) 

We  note  that  u •  s=  u(d.c*)  is  independent  of  c  so 
cuts  off  at  c>c*. 

Let  us  note  here  that  our  choice  of  the  Sneddon 
profile,  Eq.  ( 3 )  leads  us  to  an  especially  simple  solution 
for  K,,  in  Eq.  (4).  In  particular,  we  note  that  this  term  is 
conveniently  expressible  as  an  integral  of  the  surface 
closure  stress  as  a  function  of  the  crack  opening  dis¬ 
placement,  i.e.,  a  work  of  separation  term.  This  simple 
solution  obtains  only  with  the  Sneddon  profile.  It  might 
be  argued  that  a  Dugdale-type  profile16  is  more  appro¬ 
priate,  but  it  can  be  shown  that  the  fracture  mechanics 
are  not  too  sensitive  to  the  actual  profile  chosen.17  Our 
main  objective  here  is  to  emphasize  the  physical  vari¬ 
ables  involved.  Thus  by  sacrificing  self-consistency  in 
our  solutions,  we  have  obtained  simple  working  equa¬ 
tions  for  evaluating  the  microstructure-associated  stress 
intensity  factor.  We  have  only  to  specify  the  stress-sepa¬ 
ration  function  a(u). 

C.  Stress-separation  function  for  interfacial 
bridges 

The  function  a(u)  is  determined  completely  by  the 
micromechanics  of  the  ligamentary  rupture  process.  We 
have  indicated  that  we  have  limited  information  on 


what  form  this  function  should  take.  Generally.  tr(«) 
must  rise  from  zero  at  Me s  0  to  some  maximum  and  then 
decrease  to  zero  again  at  some  characteristic  rupture 
separation  u*.  The  observations  of  crack  propagation  m 
alumina  by  Swanson  et  at.  suggest  that  it  is  the  decreas¬ 
ing  part  of  this  stress-separation  response  that  is  the 
most  dominant  in  the  polycrystalline  ceramics  of  inter¬ 
est  here.*  The  stable  crack  propagation  observed  by 
those  authors  has  much  in  common  with  the  interface 
separation  processes  in  concrete  materials  that  are  often 
described  by  tail-dominated  stress-separation  functions. 

The  stress-separation  function  chosen  is|u 

<7(u)  =  <z*(l  —u/u*)m  w<U<M*),  (5) 

where  a*  and  u •  are  limiting  values  of  the  stress  and 
separation,  respectively,  and  m  is  an  exponent.  We  con¬ 
sider  three  values  of  m;  m  =»  0  is  the  simplest  case  of  a 
uniformly  distributed  stress  acting  over  the  annular  ac¬ 
tivity  zone;  m  «=  1  corresponds  to  simple,  constant-fric¬ 
tion  pullout  of  the  interlocking  iigamentary  grains; 
m  *=  2  is  the  value  adopted  by  the  concrete  community 
(equivalent  to  a  decreasing  frictional  resistance  with  in¬ 
creasing  pullout).  As  we  shall  see,  the  choice  of  m  will 
not  be  too  critical  in  our  ability  to  describe  observed 
strength  data.  Note  <hat  the  representation  of  the  stress- 
separation  function  by  Eq.  (3)  is  an  infinite  modulus 
approximation  in  (hat  it  totally  neglects  the  rising  part 
ofthecO/)  response. 

Equation  (3)  may  now  be  substituted  into  Eq.  (4) 
to  yield,  after  integration, 

A'„=0  (c<d),  (6a) 

A'„  ■  -  (Tm  -  T0){  1  -  {I  -  (c*(c3-r/:)/ 
c(ctl-di)],/i}m*')  (<f<e<c*),  (6b) 

A'„  =  -  (7\.  -  T0)  (c>c‘),  (6c) 

where  we  have  eliminated  the  stress-separation  param¬ 
eters  a *  and  u *  in  favor  of  those  characterizing  steady- 
state  crack  propagation,  c*  and  Tu : 

c*  =  2(£mV^o):{1  +  (1  +4(W'V£m*)4),j} 

(7) 

and 

Tm  =7'0  +  £a'MV(m  +  l)7'0.  (8) 

These  latter  parameters  are  more  easily  incorporated 
into  the  strength  analysis  to  follow. 

A  useful  quantity  is  the  work  necessary  to  rupture 
an  individual  ligament.  This  work  is  a  composite  mea¬ 
sure  of  the  maximum  sustainable  stress  and  maximum 
range  of  the  stress-extension  function  of  Eq.  (3)  and  is 
given  by  the  area  under  the  stress-separation  curve 
ct(m).  Wc  may  express  this  area  as 

T,  =  P  o(u)du  =  (9a) 

Jo  ( //i  +  1 ) 
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1(  is  useful  (0  compare  (hi$  quantity  with  the  intrinsic 
interracial  energy'* 

r„  «  TI/2E.  (9b) 

The  T  terms  in  Eq.  (9)  are  related,  through  Eq.  (8),  by 
the  ratio 

r,/r0«2{7.  -T0)/T«  (10) 

which  may  conveniently  be  regarded  as  a  toughening 
index. 

D.  Strtngth-indcntation  load  ralatlona 

We  are  now  in  the  position  to  consider  the  mechan¬ 
ics  of  a  test  specimen  containing  an  indentation  crack 
produced  at  load  P  and  subsequently  subjected  to  an 
applied  stress  .  To  obtain  the  “inert  strength"  a ^ ,  we 
need  to  determine  the  equilibrium  instability  configura¬ 
tion  at  which  the  crack  grows  without  limit. 

In  indentation  crack  systems  the  stress  intensity 
factor  associated  with  the  residual  contact  stresses  K, 
augments  the  stress  intensity  factor  associated  with  the 
applied  loading  K4  effectively  giving  rise  to  a  net  applied 
stress  intensity  factor  K  Equation  ( 1 )  becomes 

K:~K.+K,~T{c) 

«tV,c'#3  +  .v/>/cs,J  =  r0-^(c).  (11) 

where  (•  measures  the  intensity  of  the  residual  field.  We 
note  that  K,  is  inverse  in  crack  size  and  hence  will 
further  stabilize  the  fracture  evolution."1  The  indenta¬ 
tion  load  determines  the  initial  crack  size  at  a,  =  0,  but 
because  of  the  stabilization  in  the  growth  we  should  not 
necessarily  expect  this  initial  size  to  be  an  important 
factor  in  the  fracture  mechanics.  Our  problem  then  is  to 
combine  Eqs.  (6)  and  (II)  and  invoke  the  instability 
condition  dK't/dcpdT /dc  to  determine  the  strength  as 
a  function  or  indentation  load. 

Unfortunately,  it  is  not  possible  to  obtain  closed 
form  solutions  to  this  problem.  Limiting  solutions  can 
be  obtained  analytically,  however,  and  we  consider 
these  first. 

(/)  Small  cracks  ( low  P).  In  the  region  c4d  we 
revert  to  the  ideal  case  of  zero  microstructural  interac¬ 
tion,  such  that  Eq.  (6a)  applies.  In  this  region  it  can  be 
readily  shown  that  the  equilibrium  function  at  (c)  ob¬ 
tained  by  rearranging  Eq.  ( 1 1 )  passes  through  a  maxi¬ 
mum,  up  to  which  point  the  crack  undergoes  stable 
growth. 19  This  maximum  therefor:  defines  the  instabil¬ 
ity  point  dcr„/dc  =  0  (equivalent  to  the  condition 
dK  'a/dc  s=  dT  /dc  =  0  here): 

aPm=2T,0,iMAn^xP)m.  (,2) 

The  region  of  validity  of  this  solution  is  indicated  as 
region  I  in  Fig.  3. 

(//)  Large err'ks  ( high  P ).  In  the  region  eye*,  Eq. 
(6c)  applies?  >•  have  maximum  microstructural  in¬ 


teraction.  The  procedure  to  a  solution  is  entirely  the 
same  as  in  the  previous  case,  except  that  now  7\,  re¬ 
places  r„  in  Eq.  ( 12).  Thus 

oZ  *=*  3r4;V-»4'V(,v/,)‘  A.  (13) 

This  solution  applies  in  region  III  in  Fig.  3. 

It  is  for  intermediate  cracks,  region  II  in  Fig.  3,  that 
analytical  solutions  arc  difficult  to  obtain.  Here  numeri¬ 
cal  procedures  will  be  required,  but  the  route  is  never¬ 
theless  the  same  as  before;  determine  a4  (c)  from  Eq. 
( 1 1 )  in  conjuction  with  Eq.  (6b)  and  apply  the  instabil¬ 
ity  condition,  taking  account  of  the  increased  stabiliza¬ 
tion  arising  from  the  KH  term.  To  proceed  this  way  we 
must  first  determine  the  values  of  the  parameters  in  Eqs. 
(6)  and  ( 1 1 ).  We  address  this  problem  in  the  next  sec¬ 
tion. 

III.  DERIVATION  OFT  CURVE  FROM 
INDENTATION  STRENGTH  DATA 

A.  Crack  gaomatry  and  alaatlc/plastlc  contact 

paramatara 

Our  first  step  towards  a  complete  parametric  eva¬ 
luation  of  the  am  (P)  data  is  to  seek  a  priori  specifica¬ 
tions  of  the  dimensionless  quantities  t £•  and  in  Eq. 
( U ).  The  parameter  it  is  taken  to  be  material  indepen¬ 
dent,  since  it  is  strictly  a  crack  geometry  term.  The  pa¬ 
rameter^-  does  depend  on  material  properties,  however, 
relating  as  it  does  competing  elastic  and  plastic  pro¬ 
cesses  in  the  indentation  contact.11  We  note  that  these 
parameters  do  not  appear  in  the  microstructural  term 
in  Eq.  (6),  so  ideally  we  can  "calibrate"  them  from 


INDENTATION  LOAD.  P 

FIG,  3.  Schematic  strength  versus  indentation  load  plot  incorporating 
the  influence  of  bridging  ligaments  into  the  crack  propagation  re¬ 
sponse  (logarithmic  coordinates).  The  solid  line  represents  the  gen¬ 
eral  solution  ( Eqs.  (6)  and  ( 1 1 )  |.  The  dashed  lines  represent  asymp¬ 
totic  solutions  obtained  analytically  for  small  cracks  (region  I,  Eq 
( 12)  |  and  large  cracks  (region  III,  Eq.  1 I  J)  | 
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te* is  on  materials  that  do  not  exhibit  T-curve  behavior. 
The  detail*  of  *uch  calibrations  are  given  in  the  Appen¬ 
dix.  The  value*  we  u*e  are  ^  —  l  .24  and  m  0.0040  ( E  / 
H) '  where  H  is  the  hardness. 

B.  Bounding  paranwtsn  for  th#  rogroMion 
procodurt 

We  have  indicated  that  solutions  for  region  1 1  of  the 
Strength-load  response  of  Fig.  3  must  be  obtained  nu¬ 
merically.  Here  we  shall  outline  the  regression  proce¬ 
dure  used  to  deconvolve  the  T  curve  for  a  given  set  of 
<r„  (P)  data. 

To  establish  reasonable  first  approximations  for  a 
search/regression  procedure,  we  note  two  experimental 
observations.  The  first  is  from  the  indentation/strength 
data  of  Cook  tt  at.1  In  a  number  of  materials  the  am  (P) 
data  tended  strongly  to  the  asymptotic  limit  of  region 
Ill  at  large  indentation  loads  (Fig.  3),  reflecting  the 
upper,  steady-state  toughness  Tm  (sec  Eq.  (13)).  No 
analogous  transition  corresponding  to  7*0  -controlled 
strengths  in  region  I  was  observed:  at  low  indentation 
loads  the  strength  data  were  truncated  by  failures  from 
natural  flaws.  Notwithstanding  this  latter  restriction, 
we  may  use  Eqs  ( 12)  and  ( 13)  (with  calibrated  values 
of  d  and  ^  from  Sec.  Ill  A)  to  set  upper  bounds  to  7*0 
and  lower  bounds  to  Tm  from  strength  data  at  the  ex¬ 
tremes  of  the  indentation  load  range.  We  expect  from 
the  observations  of  Cook  tt  at.  that  the  lower  bound 
estimate  of  Tm  probably  lies  closer  to  the  true  value 
than  the  upper  bound  estimate  to  7V 

The  second  experimental  observation  is  from  the " 
crack  propagation  work  of  Swanson  era/.,"  who  estimat¬ 
ed  the  average  distance  between  bridging  sites  at  2-5 
grain  diameters.  We  accordingly  take  the  lower  bound 
estimate  for  the  interligament  spacing  d  at  1  grain  diam¬ 
eter.  Similar  bounding  estimates  for  c*  are  more  diffi¬ 
cult,  although  the  condition  c*  >  i  must  be  satisfied. 

There  is  one  further  parameter  we  have  to  specify, 
and  that  is  the  exponent  of  the  ligament  siress-extension 
function  m.  We  have  alluded  to  the  fact  that  the  obser¬ 
vations  of  Swanson  et  al.  indicate  that  a  stabilizing,  tail- 
dominated  stress-separation  function  should  be  appro¬ 
priate,  with  m>  1  in  Eq.  (5). 

C.  Rtgraaaion  procodurt 

With  the  first  approximations  thus  determined  we 
search  for  the  set  of  parameters  for  each  set  of  am  (P) 
data.  The  scheme  adopted  to  do  this  is  as  follows. 

( 1 )  The  T  curve  is  set  from  Eqs.  ( 1 )  and  (6)  and 
the  equilibrium  oa  (c)  response  is  calculated  front  Eq. 

( 11 )  at  each  indentation  load  for  which  there  are  m«r- 
sured  strength  data. 

(2)  The  predicted  strength  at  each  indentation  load 
is  determined  numerically  from  the  instability  require¬ 


ment  d<r4/dc  ■  0  (with  the  proviso  that  if  more  than 
one  maximum  in  the  a4  (c)  function  exists,  it  is  the 
greater  that  determines  the  strength— see  Sec.  IV). 

(3)  The  predicted  strengthsare  compared  with  the 
corresponding  measured  strengths  and  the  mean  vari¬ 
ance  thereby  calculated  for  a  given  set  of  T-curvc  pa¬ 
rameters. 

(4)  The  T-curve  parameters  are  incremented  and 
the  calculation  of  the  variance  repeated,  using  a  matrix 
search  routine.  The  increments  in  the  search  variables 
were  0.05  MPa  m,,!  for  the  toughness  parameters  T9 
and  Tm  and  5  /rm  for  the  dimension  parameters 
d  and  c*. 

( 5 )  The  set  ofT-curve  parameters  yielding  the  min¬ 
imum  residual  variance  is  selected. 

IV.  RESULTS 

The  materials  analyzed  in  this  study  arc  listed  in 
Table  I,  along  with  their  Young’s  modulus,  hardness, 
grain  size,  and  minor  phase  percentage.  Previously  pub- 
)ished,J,4‘"  indentation-strength  data  for  these  materi¬ 
als  was  used  for  the  T-curve  deconvolutions.  (Some 
data  were  removed  from  the  original  <rm  (P)  data  sets  at 
large  indentation  loads,  where  the  influence  of  second¬ 
ary  lateral  cracking  was  suspected  to  have  significantly 
decreased  the  magnitude  of  the  residual  stress  intensity 
factor.10 )  The  resultant  parameter  evaluations  are  given 
in  Table  II. 

Our  first  exercise  was  to  select  a  fixed  value  of  the 
exponent  m  for  the  T-curve  evaluate  ns.  Accordingly  a 
preliminary  analysis  of  the  am  (P)  data  for  two  materi¬ 
als  displaying  particularly  strong  T-curve  influences  in 
their  strength  responses,  namely  the  VI 1  and  VI2  alumi¬ 
nas,  was  carried  out.  Figure  4  shows  the  minimum  resid- 


BftOONG  FUNCTION  EXPONENT,  m 


FIG.  4.  The  residual  mean  deviation  between  fitted  and  measured 
indcntatiomstrength  functions  versus  bridging  function  exponent  w 
for  the  VI  aluminas.  Note  the  relative  insensitivity  for  wm  I 
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uni  mean  deviation  as  a  function  of  m  for  these  materi¬ 
als.  The  deviation  for  both  materials  is  greatest  atm  «=  0 
but  thereafter  at  my  I  is  insensitive  to  the  choice  of  ex¬ 
ponent.  The  value  somewhat  arbitrarily  chosen  for  this 
Study  was ««  «  2  in  aceord  with  that  adopted  in  the  con¬ 
crete  literature.10 

To  illustrate  the  procedure  and  at  the  same  time  to 
gain  valuable  insight  into  the  crack  evolution  to  failure 
let  us  focus  now  on  just  two  of  the  listed  alumina  materi¬ 
als  in  Table  1,  VI2  and  AD96.  Figure  5  shows  the 
Strength  versus  indentation  load  data  for  these  materi¬ 
als.'  The  data  points  in  this  figure  represent  means  and 
standard  deviations  of  approximately  ten  strength  tests 
at  each  indentation  load.  The  solid  lines  are  the  best  fits 
( Eqs.  ( I ).  (6),  and  ( 1 1 ) )  to  the  data.  The  dashed  lines 
represent  7*,,-  and  Tm  -controlled  limits  (Eqs.  (12)  and 
( 13)  J.  As  can  be  seen,  the  filled  curves  smoothly  inter¬ 
sect  the  7"„  -controlled  limit  at  large  indentation  loads, 
this  tendency  being  greater  for  the  AD96  material.  This 
smooth  connection  is  a  reflection  of  our  choice  of  m 
above;  form  <  2  lhccr„  (P)  curve  intersects  the  Tm  lim¬ 
it  with  a  discontinuity  in  slope.  At  intermediate  indenta¬ 
tion  loads  the  strengths  tend  to  a  plateau  level,  more 
strongly  for  the  VI2  material.  In  line  with  our  conten¬ 
tion  that  this  plateau  is  associated  with  a  strong  micros- 
tructural  influence  we  might  thus  expect  the  VI2  mate¬ 
rial  to  exhibit  a  more  pronounced  T  curve.  The  larger 
Separation  of  the  Ta-  and  -controlled  limits  for  the 
VI2  material  in  Fig.  6  supports  (his  contention.  Finally, 
at  small  indentation  loads  (he  strengths  cut  o(f  abruptly 
at  the  To-controlled  limit,  corresponding  to  (he  case 


FIG.  S.  Indentnion-sirengih  data  Alt  for  the  VIJ  and  AD96  alumi¬ 
na!.  Note  the  relatively  pronounced  plateau  for  the  VI2  materia),  indi¬ 
cative  of  a  strong  T-curve  influence.  Oblique  dashed  lines  are  Tu-  and 
7\  -controlled  limiting  solutions. 


TABLE  I.  Materials  analyzed  in  this  study. 


Maicrul 

Younj’s  modulus 
£/GPa 

Hardness 

II /G  Pa 

Grain  sue 
;im 

♦Minor  phase 

To 

Ref. 

Alumina 

VII 

393 

19.1 

20 

0.1 

1 

VI2 

393 

19,0 

41 

0-1 

1 

AD999 

386 

20.1 

3 

0.1 

1 

AD96 

303 

14.1 

11 

4 

AD90 

276 

13.0 

4 

10 

1 

m 

400 

16.1 

11 

1 

1 

HW 

206 

11*7 

28 

0.3 

I 

Sapphire 

425 

21.8 

.«• 

**  * 

1 

Ohs*- 

SLI 

87.9 

4.4 

1.2 

33 

1.3 

ceramic* 

SI-2 

87  9 

4.3 

19 

22 

1.3 

su 

87  9 

4.8 

23 

20 

1.3 

Macor 

64.1 

2.0 

P 

50 

4 

Pyroccram 

10S 

84 

1 

•** 

4 

Ihnum 

Cl  1  (cub.) 

123 

5  9 

7 

1 

11 

tnanjic 

CIHtei  ) 

123 

59 

7 

1 

11 
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where  (he  crack  intersects  no  bridges  prior  to  unlimited 
instability. 

Figures  6  and  7  show  the  corresponding  equilibri¬ 
um  c r4  ( c )  and  T(c)  functions  that  underlie  the  curve 
(its  in  Fig.  5.  The  a4  (c)  responses  are  plotted  for  several 
indentation  loads,  embracing  the  data  range  covered  in 
the  indentation-strength  experiments  (e.g.,  Fig.  5).  The 
most  distinctive  feature  of  these  curves  is  that  at  low 
indentation  loads,  where  the  initial  crack  size  is  some¬ 
what  smaller  than  the  first  barrier  distance  d,  there  are 
two  maxima,  most  notably  in  the  V|2  material.  The  first 
maximum,  at  c  <  d,  is  a  pure  manifestation  of  the  crack 
stabilization  due  to  the  residua)  contact  stress  term  ( Eq. 
( II)).W  The  second  maximum,  at  c >d,  results  from 
the  additional,  abrupt  stabilization  associated  with  the 
microstructura)  closure  forces.  Of  the  two  maxima,  it  is 
the  greater  that  determines  the  strength.  Thus  at  very 
low  P  (corresponding  to  region  1  in  Fig.  3)  the  first 
maximum  wins,  and  the  instability  takes  the  crack  sys¬ 
tem  to  failure  without  limit  (e.g.,  the  Pm 0.1  N  curves 
for  both  the  V12  material  in  Fig.  6  and  the  AD96  materi 
al  in  Fig.  7).  At  intermediate  P  (region  11  in  Fig.  3)  the 
second  maximum  becomes  dominant,  in  which  case  the 


FIG.  6.  (»)  Applied  itres*  venus  equilibrium  crack  length  at  different 
indentation  loads  and  (b)  corresponding  T curve,  for  VI2  alumina,  as 
derived  from  the  indent  at  ion 'Strength  data  in  Fig.  5. 


FIG.  7.  (»)  Applied  Uttu  sersui  equilibrium  crack  length  and  (b) 
corresponding  T  curve,  for  ADH  alumina. 


crack  arrests  before  failure  can  ensue  (e.g.,  the  P  ■*  1  N 
curves  in  Figs.  6  and  7).  Note  that  the  second  maximum 
for  the  VI2  alumina  occurs  at  =  100pm,  consistent  with 
abrupt  initial  jumps  of  2-5  grain  diameters  reported  by 
Swanson  tt  al.  At  large  P  (region  III  in  Fig.  3)  the 
curves  tend  more  and  more  to  a  single  pronounced  max¬ 
imum,  as  we  once  more  enter  a  region  of  invariant 
toughness.  1'n  all  cases,  however,  we  note  that  the  stabi¬ 
lizing  influences  of  the  residual  and  microstructural 
stress  intensity  factors  render  the  strength  insensitive  to 
the  intial  crack  length. 

It  is  in  the  transition  region,  region  II,  where  the 
form  of  the  T  curve  most  strongly  influences  (he  crack 
stability  and  strength  properties.  The  T  curve  for  the 
V12  alumina  rises  more  steeply  than  that  for  the  AD96 
alumina.  The  difference  in  responses  for  the  two  materi¬ 
als  may  be  seen  most  clearly  in  the  a „  (c)  curves  for 
/*=  10  N,  Figs.  6  and  7.  In  VI2  alumina  the  restraint 
exerted  on  the  crack  by  the  interfacial  bridges  is  appar¬ 
ently  much  stronger  than  in  AD96.  We  note  that  (he 
indentation-strength  curves  in  Fig.  5  may  be  seen  as  "ro¬ 
tated”  versions  of  the  T  curves  in  Figs.  6  and  7. 

A  word  is  in  order  here  concerning  the  "sensitivity" 
of  the  parameter  evaluation  to  the  range  of  data.  Figure 
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8  shows  ihc  deconvolved  T  curves  for  (he  VI2  materia! 
with  individual  data  points  at  either  end  of  the  indenta¬ 
tion  load  range  deliberately  omitted  from  the  base  data 
in  Fig.  5(a).  When  data  arc  "lost"  from  the  large  Fend, 
the  high  T(c)  part  of  the  curve  is  most  alTccicd;  similar¬ 
ly.  for  data  omissions  at  the  small  P  end,  the  low  T(c) 
part  of  the  curve  is  most  affected.  We  may  regard  the 
curve  shifts  in  Fig.  S  as  characterizing  the  systematic 
uncertainty  in  our  parameter  evaluations,  just  as  the 
mean  residual  deviation  in  the  regression  procedure 
characterizes  the  random  uncertainty.  We  note  that  it  is 
those  parameters  that  control  the  upper  and  lower 
bounds  of  the  T  curve  that  are  subject  to  (he  greatest 
uncertainly,  since  it  is  in  these  extreme  regions  (espe¬ 
cially  in  the  7*0-controlIed  region)  where  indentation- 
strength  data  are  most  lacking.  The  central  portions  of 
theT  curve.,  in  Fig.  S  arc  not  altered  substantially  by  the 
deletion  of  strength  data. 

Subject  to  the  above  considerations,  we  may  now 
usefully  summarize  the  relative  T-curve  behavior  for  the 
remainder  of  the  materials  listed  in  Table  II.  The  T 
curves  are  shown  in  Figs.  9-1 1  for  each  of  the  material 
types,  aluminas,  glass-ceramics,  and  barium  titanates. 
Special  attention  may  be  drawn  to  (he  fact  that  the 
curves  for  the  microstructurally  variant  materials  in 
each  of  these  composite  plots  tend  to  cross  each  other. 
We  note  in  particular  that  the  curves  for  the  polycrystal- 
linc  aluminas  in  Fig.  9  cross  below*  that  for  sapphire  at 
small  crack  sizes,  consistent  with  earlier  conclusions 
that  the  intrinsic  polycrysial  toughness  (7"u)  is  gov¬ 
erned  by  grain  boundary  properties.1 


FIG.  9.  Composite  plot  of  the  deconvoluted  T  curve!  for  ihc  alumm* 
material*. 


V.  DISCUSSION 

We  have  considered  a  fracture  toughness  model 
based  on  an  independently  verified  interface  restraint 
mechanism**'*  for  explaining  the  microstructural  effects 
previously  reported  in  indentation/strength  daia.1'"*  A 
key  feature  of  our  modeling  is  the  strong  stabilizing  ef¬ 
fect  of  grain-scale  ligamentary  bridges  on  the  stability 
conditions  for  failure.  (In  this  sense  our  explanation 
differs  somewhat  from  that  originally  offered  by  us  in 


CRACK  LENGTH  CUml 

FIG.  8.  Deconvoluted  T-curve  plots  for  the  VIZ  alumina  using  full 
indentation-strength  data  set  from  Fig,  5(a)  (solid  line)  and  same 
data  truncated  (dashed  hn:s)  by  removal  of  extreme  data  points  at 
(a)  low  /’and  (b)  high  P. 


FIG.  10.  Composite  plot  of  the  deconvoluted  T  curves  for  the  glass- 
ceramic  materials. 
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FIG.  1 1.  Compoilic  plot  of  lh«  ikeomoluicd  T euoci  for  the  banum 
liianaic  maurial. 


Ref.  1,  where  ii  was  (acilly  suggested  that  the  micro- 
structural  influence  might  be  represented  as  a  positive 
decreasing  function  of  crack  size.  The  distinction 
between  negative  increasing  and  positive  decreasing 
functions  is  not  easily  made  from  strength  data  alone.) 
Although  the  earlier  experimental  observations  used  to 
establish  the  model1"  were  based  almost  exclusively  on 
one  particular  alumina  ceramic, 1  our  own  detailed  crack 
observations,  and  those  of  others,  strongly  suggest  that 
the  model  is  generally  applicable  to  other  nontransform- 
ing  ceramics;  the  discontinuous  primary  crack  traces 


characteristic  of  the  bridging  process  have  since  been 
observed  in  other  aluminas,'**'  glass-ceramics,'*  5'  ” 
SiC  ceramics,**  and  polymer  cements.*'  The  fact  that 
the  resultant  strength  equations  from  the  model  ean  be 
fitted  equally  well  to  all  the  materials  examined  in  the 
present  study  serves  to  enhance  this  conviction. 

A  characteristic  feature  of  the  failure  properties  of 
the  materials  with  pronounced  T  curves  {c.g..  V12  alu¬ 
mina)  is  the  relative  insensitivity  of  the  strength  to  ini¬ 
tial  flaw  size.  This  is  a  vital  point  in  relation  to  structural 
design.  Materials  with  strong  T-curve  responses  have 
the  quality  of  flaw  tolerance.  Ideally,  it  would  seem  that 
one  should  seek  to  optimize  this  quality.  Associated 
with  this  tolerance  is  an  enhanced  crack  stability.  This 
offers  the  potential  detection  of  failures.  On  the  other 
hand,  there  is  the  indication  that  such  benefits  may  only 
be  wrought  by  sacrificing  high  strengths  at  small  flaw 
sizes.  This  tendency  is  clearly  observed  in  the  way  the 
strength  curves  cross  each  other  in  Figs.  7-9  in  Ref.  I 
(corresponding  to  crossovers  seen  here  in  the  T  curves, 
Figs.  9-1 1 ).  In  other  words,  the  designer  may  have  to 
practice  the  gentle  art  of  compromise. 

We  reemphasize  that  the  T-curve  parameters  de¬ 
rived  from  the  strength  data  (Table  II)  are  element;  of 
curve  fitting  and  are  subject  to  systematic  as  well  as  to 
the  usual  random  uncertainties.  Since  any  four  of  these 
parameters  are  independent,  our  numerical  procedure, 
regardless  of  “goodness  of  fit,"  cannot  be  construed  as 
"proof’  of  our  model.  Nevertheless,  we  may  attach 
strong  physical  significance  to  these  parameters.  For  ex¬ 
ample,  the  relatively  large  values  of  T,  and  c*  for  the  VI 
materials  relative  to  the  corresponding  parameters  for 
the  F99  alumina  is  a  clear  measure  of  a  greater  T-curve 
effect  in  the  former.  More  generally,  the  aluminas  with 


TABLE  I!.  T-curvc  parameters  derived  from  strength  data  for  m  2  (from  Refs,  1, 3, 4,  II ). 


Materia) 

r„ 

(MP»m,i}) 

T . 

(MP»  m"5) 

r„ 

r, 

(J  m's) 

d 

(pm) 

C* 

Qrm) 

0* 

(MPa) 

u* 

(/Ml) 

V|| 

1.73 

4.0S 

3.8 

10.4 

40 

420 

280 

0.11 

VI2 

1.49 

4.63 

2.8 

11.8 

60 

540 

J2S 

0.11 

AD999 

2.22 

4.30 

6.4 

12.0 

15 

715 

188 

0,19 

AD96 

2.16 

2.87 

8.5 

5.6 

15 

460 

80 

0,19 

AD90 

2,76 

3.21 

13.8 

4.6 

15 

210 

75 

0,18 

F99 

2,70 

3.50 

9.1 

5.4 

15 

30 

405 

0.04 

HW 

2.64 

4.31 

16.9 

21.4 

95 

710 

153 

0.42 

Sapphire 

3.i0 

3.10 

11.3 

0 

— 

... 

... 

... 

SLI 

1.06 

1.98 

6.4 

11.2 

10 

335 

122 

0.27 

SL2 

1.12 

2.29 

7,1 

15.0 

10 

485 

129 

0  35 

SL3 

1.35 

2.58 

10,4 

19.0 

25 

505 

133 

0  43 

Macor 

1.04 

2*30 

8,4 

20,4 

40 

535 

132 

046 

Pyroccram 

2.04 

2.33 

19.3 

5.4 

20 

415 

35 

0.48 

CH(cub.) 

0,95 

0*95 

3,7 

0 

... 

... 

... 

... 

CIRtct.) 

0.79 

1.35 

2.5 

3.6 

40 

330 

70 

0*14 
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glassy  phases  at  their  grain  boundaries,14  or  wuh 
smaller  grain  size  (Tables  i  and  II)  have  relatively  low 
toughness  indices,  r,/r„,  indicating  that  there  is  some 
kind  of  tradc-olT  between  macroscopic  and  microscopic 
toughness  levels,  and  that  (his  tradc-olT  is  controlled  by 
the  microstructurc.  We  note  also  that  (he  maximum 
stress-separation  range  parameters  u*  for  the  materials 
arc  in  the  range  0.1-0.4/rm,  consistent  with  crack  open¬ 
ing  displacement  observations  at  the  bridging 
sites.*'12"1"2*  We  thus  suggest  that  such  parameters 
could  serve  as  useful  guides  to  materials  processors,  for 
tailoring  materials  with  desirable,  predetermined  prop¬ 
erties,  especially  with  regard  to  grain  boundary  struc¬ 
ture. 

Mention  was  made  in  Sec.  IV  of  the  sensitivity  of 
the  parameter  evaluations  to  the  available  data  range. 
This  has  implications  concerning  conventional,  large- 
crack  toughness  measurements.  To  investigate  this 
point  further  we  plot  in  Fig.  12  the  7\,  values  deter¬ 
mined  here  against  those  measured  independently  by 
macroscopic  techniques.  The  degree  of  correlation  in 
this  plot  would  appear  to  lend  some  confidence  to  our 
fitting  procedure  (and  to  our  a  priori  choices  for  the 
parameters  \[>  and  %).  Since  most  of  our  strength  data 
lend  to  come  from  regions  toward  the  top  of  the  T  curve 
we  should  perhaps  not  be  too  surprised  at  this  correla¬ 
tion. 

Finally,  we  may  briefly  address  the  issue  of  test 
specimen  geometry  in  connection  with  the  accuracy  of 
the  parameter  evaluations.  It  has  been  argued  else¬ 
where9  that  test  specimen  geometry  can  be  a  crucial  fac¬ 
tor  in  the  T-curve  determination.  It  might  be  argued,  for 


U 

r- 

< 

►- 

> 

O 

< 

w 

»- 


i  i 

0  ■  V!2  / 

*  *  A099t 

♦  ■  A096 

•  a  AO  90 

•  *  f  99 

♦  ■  MW 

o  ■  S«x*ff 

y 

f  a  «  CH  (Cube! 

/ 

0  ■  CH(T*v»gor*Q 

*  / 

*  a  Pytoc«*m  _ 

/  • 

v  bMkot 

0  / 

*  a  Sodl-br*  GUll 

/  4 

v  yy 

A/ 

/  i _ t _ - 

_ 1 _ 1 _ 

0  2  4  6  8  10 

CONVENTIONAL  TOUOrJESSWPjm1'1) 


FIG.  12.  Plot  of  T,  (Table  II)  as  a  function  of  independently  mea¬ 
sured  toughness  using  conventional  macroscopic  specimens. 


instance,  that  "superior'’  parameter  evaluations  could 
be  obtained  from  larger  crack  geometries,  particularly 
thcc*,  rm  parameters.  However,  the  indentation  meth¬ 
odology  takes  us  closer  to  the  strengths  of  specimens 
with  natural  flaws,  in  particular  to  the  7*,, -controlled  re¬ 
gions  (notwithstanding  our  qualifying  statements  car- 
licrconccrningthis  parameter),  so  that  the  present  eval¬ 
uations  may  be  more  appropriate  for  designers, 

VI.  CONCLUSIONS 

( 1 )  An  independently  confirmed  ligament  bridging 
model  is  used  as  the  basis  for  analyzing  observed  inden¬ 
tation-strength  data  for  a  wide  range  of  po  .v.}«,alline 
ceramic  materials. 

(2)  Those  materials  with  pronounced  T  curves 
show  the  qualities  of  "flaw  tolerance"  and  enhanced 
crack  stability. 

(3)  A  fracture  mechanics  treatment  of  the  indenta¬ 
tion  fracture  system  with  microsiructure-associaicd  fac¬ 
tors  incorporated  allows  for  the  (numerical)  deconvo¬ 
lution  of  toughness/crack-length  (T-curvc)  functions 
from  these  data. 

(4)  Comparisons  within  a  range  of  aluminas  sug¬ 
gest  that  those  materials  with  "glassy"  grain  boundaries 
and  smaller  grain  size  have  less  pronounced  T  curves 
than  those  with  "clean"  boundaries. 

(5)  The  indentation-strength  technique  and  the 
toughness  parameters  deriving  from  it  should  serve  as 
useful  tools  for  the  development  of  ceramic  materials 
with  predetermined  properties,  especially  with  respect 
to  grain  boundary  structure  and  chemistry. 
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APPENDIX:  EVALUATION  OF  il»  AND  X 

Here  we  derive  numerical  values  for  the  dimension¬ 
less  parameters  ((and  \'  characterizing  the  crack  geome¬ 
try  and  the  intensity  of  the  residual  contact  stress,  re¬ 
spectively.  The  choices  for  these  should  yield  agreement 
between  measured  strength  and  toughness  properties  of 
homogeneous  materials  with  no  measurable  T-curve  be¬ 
havior  (i.c.,  K,,  =  0,  7  =  7*0  =  Tx  ). 

We  begin  with  the  geometrical  \!<  term,  which  is  as¬ 
sumed  to  be  material  independent.  From  the  applied 
stress  (strength)  a„  and  crack  length  cm  at  the  instabil¬ 
ity  point  of  an  indentation,  we  can  show  that25 

3 774 (AI) 

Mcasurementsof^c!,1  forseveral  homogeneous  mate- 
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rials  confirm  that  Eq,  (Al)  describes  (he  toughness/ 
instability  properties1'-**  for  ib  =  1.24.  We  note  that  this 
is  very  close  to  the  value  of  1.27  calculated  by  finite 
element  analyses  of  semicircular  cracks  in  surfaces  of 
bend  specimens.1’ 

For  the  y  term  we  turn  to  Ref.  13.  where  it  is  shown 
that 

V  =  £(£///)'-'.  (A2) 

where  c  is  a  material-independent  constant.  With  this 
result  Eq.  ( 12)  may  be  rewritten  as:* 

r0  =  7/(£///)'‘*(o^'*y\  (A3) 

where 

»/e(236«5,,,|/27),‘4  (A4) 

is  another  material-independent  constant.  From  mea¬ 
surements  of  o°mPUi  for  a  similar  range  of  homogen¬ 
eous  material  we  obtain  y  «  0.52.5*  Hence  eliminating  c 
from  Eqs.  (A2)  and  (A4)  yields 

,V  =  27r/*(£///)u72560\  (A5) 

which  gives  ,y  «=  0.0040 (£///) ,,s. 
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Grinding  fonts  were  measured  in  aluminas  and  glass-ceramics  with  various 
microstructures.  Tht  microstructures  were  found  so  exert  a  profound  influence  on 
the  machinability.  In  particular,  the  controlling  toughness  variable  is  that  which 
pertains  to  small  cracks,  not  that  conventionally  measured  in  a  large-scale  fracture 
specimen. 

|T  IS  w-||  documented  l Km  the  pnttci-  were  made  on  selected  ceramic  materials 

*pal  material  variable  in  mkrofracture-  for  which  well-characterized  f -curve  dau 

controlled  properties  of  brittle  ceramics,  are  available.  The  primary  materials  were 

such  as  erosion,  wear,  and  machining,  is  aluminas  from  a  previous  study,4  where  tba 

the  "toughness."'  This  is  in  accord  with  resistance  characteristics  were  determined 

intuition:  the  greater  the  resistance  to  free*  from  the  strengths  of  specimens  contain* 

ture,  the  harder  it  should  be  to  remove  ing  indentation  flaws.*  In  addition,  two 

material  in  localized,  cumulative,  surface  commercial  glass  ceramics  were  tested.  A 

contact  processes.  Implicit  in  existing  ma*  subsequent  quantitative  analysis  of  the 

ferial  removal  theories  is  the  presumption  indentation-strengih  data  has  provided 

that  toughness  is  a  single-valued  quantity  upper  (large  crack  size)  and  lower  (small 

for  a  given  material.  Recent  studies  of  the  crack  size)  bounds,  7.  and  7a.  to  the  7 

fracture  properties  of  a  wide  range  of  ce*  curves  for  these  materials.4  Table  I  lists 

ramies  call  this  presumption  into  serious  these  parameters  for  comparison  with  the 

’question;  toughness  is  generally  not  a  ma*  grinding  results, 

terial  constant,  but  rather  some  increasing  The  grinding  forces  were  measured 
function  of  crack  size  (A  curve,  or  7  using  a  dynamometer  on  the  table  of  a  sur* 

curve).1  In  certain  aluminas,  for  example,  face  grinding  machine.  Runs  were  made  at 

the  toughness  can  increase  by  a  factor  of  3  Axed  depths  of  cut,  3,  10,  IS,  and  20  pm, 

or  so,  depending  on  the  nuctottructute.1,4  using  a  240-grit  diamond  wheel  (width 

The  7-curve  effect  is  seen  most  strongly  in  10  mm),  rotating  at  3300  rpmwith  a  hori* 

aluminas  with  larger  grain  sizes  and  lower  aontal  feed  rate  of  16  trnn-s"1  and  with 

contents  of  grain-boundary  glassy  phase.  water-soluble  oil  lubrication.  The  condi- 

Most  notably,  the  7  curves  for  different  lions  of  our  experiments  were  such  that  the 

aluminas  tend  to  cross  each  other,4  sc  that  #  Kale  of  individual  damage  events  was  al- 
the  toughness  rankings  at  large  and  small  ’  ways  much  smaller  than  the  depths  of  cut. 
crack  sizes  appear  to  be  reversed.  Clearly,  The  specimens  were  first  cut  into  bars 

if  we  wish  to  retain  toughness  as  an  indi*  5  mm  wide  and  then  mounted  in  a  row  on 

cator  of  wear  resistance,  we  need  to  qualify  me  dynamometer  so  that  force  mea- 

the  Kale  on  which  this  parameter  is  deter-  surements  could  be  made  on  all  materials  in 

mined.  Indeed,  such  a  need  was  fore*  a  single  pass.  The  results  are  plotted  in 

shadowed  in  an  earlier  experimental  study 
on  the  erosion  resistance  of  ceramic  mate¬ 
rials  by  Wiedcrhom  and  Hockey.1 

Accordingly,  surface  grinding  tests 


Frg.  I .  Note  from  the  relative  positions  «>f 
the  curves  that  the  aluminas  and  glass, 
ceramics  have  been  ranked  in  order  of  di¬ 
minishing  grinding  resistance  in  Table  I. 

It  is  immediately  apparent  from  Fig.  I 
that  different  aluminas  and  different  glass- 
ceramics  can  vary  widely  in  their  grinding 
resistance.  Thus  the  alumina  with  the  high¬ 
est  resistance  in  Table  l(i.c..  ADM)  ts  that 
with  the  greatest  glass  content.  This  result 
may  come  as  no  surprise  to  those  who  pre¬ 
pare  ceramic  powden  by  ball  milling:  alu¬ 
mina  spheres  with  high  glass  content  arc 
found  to  be  far  more  durable  than  similar 
high-purity  spheres.’  Note  also  from 
Table  I  that  for  aluminas  of  comparable 
purity  those  with  higher  grinding  resis¬ 
tance  have  finer  grain  sizes  (cf.  A999  and 
Visul).  Most  interesting,  however.  Is 
the  quantitative  correlation  between  grind¬ 
ing  resistance  and  toughness  parameters. 
The  macroscopic  toughness  7,  (i.e..  the 
toughness  Ktc  we  measure  in  conventional 
Urge-Kale  fracture  tests)  Ktually  shows  an 
inverse  correlation  with  the  grinding  re¬ 
sistance.  On  the  other  hand,  the  micro* 
Kopic  toughness  7«  does  appear  to  Kale  in 
the  right  direction.  The  implication  here,  of 
course,  is  that  the  grinding  damage  process 
is  determined  at  the  Kale  of  the  micro- 
structure.  The  data  for  the  two  glass* 
ceramics  in  Table  I  serve  to  reinforce  the 
point;  on  the  basis  of  the  7.  values  we 
would  be  unable  to  choose  between  the  two 
materials,  whereas  the  relative  values  of  T„ 
confirm  Macor  (specified  as  a  machinable 
glass-ceramic  by  its  manufKturer)  as  the 
material  of  lower  grinding  resistance. 

We  conclude,  therefore,  that  the  time- 
honored  conception  of  “toughness'*  as  a 
universal  indicator  of  superior  mechanical 
properties,  at  least  on  the  microscale,  needs 
to  be  carefully  qualified.  The  use  of  con¬ 
ventional  fracture  toughness  evaluations  to 
predict  resistance  to  wear,  erosion,  and  ma¬ 
chining  may  lead  to  imprudent  choices  of 
materials  for  structural  applications.  On  the 
positive  side,  a  more  complete  under¬ 
standing  of  the  micromechanics  that 
determine  the  complete  crack  resistance 
curve  may  ultimately  help  us  optimize 
microstructural  elements  (glass  content, 
grain  size,  etc.)  for  minimum  surface 
degradation. 
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Table  1.  Comparison  of  Toughness  and  Grinding  Resistance  Parameters* 
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Dapth  ot  Cut  (pm) 

Fig.  I,  Verticil  grinding  fortes  as  function  of  depth  of  cui.  Open  symbols 
represent  aluminas;  dosed  symbols  reptxsenl  jlass  ceramics. 
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INTRODUCTION 

Racant  developments  in  tha  charactarizatlon  of  Cha  strangth  of 
ceramics  hava  mada  it  nacassary  to  ra-axamina  savaral  "tradition",  long¬ 
standing  dafinitions  and  assumptions  that  fora  tha  modern-day  fractura 
mechanics  basis  of  NDE.  Caraalcs  ara  vary  brittla  matarials.  Thay  ara 
highly  auscaptlbla  to  failura  from  small  scala  (1-100  urn)  "flavs".  Thasa 
flaws  may  ba  in  tha  fora  of  machining  damaga,  grain  boundary  fissuras, 
procassing  dafacts  (poras  or  inclusions),  ate.  Theoretically,  flavs 
have  been  represented  as  scaled-down  versions  of  large  cracks,  so  that 
tha  macroscopic  "laws"  of  fractura  might  be  assumed  to  apply  at  tha  micro- 
sale.  This  philosophy  is  embodied  in  tha  Griffith  strangth  formalism, 

o-B  -  To/Yc1^  (!) 

where  c  is  tha  flaw  size,  T0  is  tha  toughness  (KIC  In  metallurgical 
terminology)  and  Y  is  a  geometrical  constant.  Implicit  in  Eq.  1  ara 
two  major  conclusions  which  dictate  cha  entire  approach  to  NDE  in 
ceramics: 

(i)  Failura  occurs  spontaneously  at  tha  critical  strass  (  cra); 

(11)  Toughness  (T0)  is  single-valued. 

It  is  from  thasa  two  conclusions  that  tha  concept  of  a  critical  flaw 
size  for  failura  derives. 

In  the  ceramics  literature,  the  validity  of  these  conclusions 
and  of  tha  extrapolation  of  large-crack  data  to  the  region  of 
microstructure-scala  flaws  has  been  questioned  by  many,  but  few 
experimental  attempts  hava  been  made  to  answer  these  questions.  Here 
we  shall  present  some  recent  data  obtained  at  NBS  chat  seriously 
questions  the  entire  basis  of  present-day  NDE  philosophies  for  brittle 
materials.  In  particular,  we  shall  point  out  shortcomings  in  the 
critical  flaw  concept  due  to  so-called  "crack  resistance"  (R-curve  or 
T-curve)  behavior  where  toughness  becomes  a  function  of  crack  size  (1). 
Some  potentially  beneficial  aspects  of  this  behavior  will  be 
emphasized. 
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STRENGTH  CHARACTERISTICS  OF  SPECIMENS  WITH  CONTROLLED  FLAWS 


In  setting  out  to  test  the  validity  of  Eq.  I  v*  sought  an  experimental 
method  which  could  be  used  to  study  systematically  a  vide  range  of  flaw 
sizes,  from  macroscopic  crack  dimensions  down  to  the  scale  of  the  micro- 
structure.  The  indentation  technique  (2)  was  chosen  because  of  Its  well 
documented  capacity  for  controlling  the  scale  of  the  starting  flaw. 

Further,  the  crack  evolution  could  be  directly  observed  during  strength 
testing  in  subsequent  four-point  bend  or  biaxial  flexure  (Fig.  1).  A 
detailed  fracture  mechanics  analysis  of  this  test  configuration  (2,3} 
allows  for  the  elimination  of  crack  size  Jn  favor  of  Indentation  load, 

P,  from  Eq.  1,  retaining  the  assumption  of  a  single-valued  toughness, 

To* 


Hence  by  observing  the  cw(P)  response,  we  can  test  the  basis  for  macro¬ 
scopic  to  microscopic  extrapolations;  if  T0  Is  Indeed  a  single-valued 
constant,  oa  should  plot  as  a  straight  line  with  slope  -1/3  in  logarithmic 
coordinates. 

Alumina  was  chosen  as  the  "model11  ceramic  for  the  experimental  study 
because  of  Its  availability  in  a  wide  range  of  mlcrostructures .  We  ahow 
results  here  for  single  crystal  sapphire  and  two  polvcrystalllnc  materials, 
one  nominally  pure  and  the  ocher  containing  a  glassy  grain  boundary  phase. 

The  results  (\rt  shown  in  Fig.  2.  Each  data  point  represents  the  mean 
of  about  10  specimens  at  a  given  load;  error  bars  are  omitted,  but  standard 
deviations  are  typically  10X.  The  curves  through  the  data  are  best  fits 
(4,5).  The  linear  fits  for  sapphire  and  the  glassy  polycryscalllne 
material  are  In  accord  with  Eq.  2,  suggesting  that  the  macroscopic  tough¬ 
ness  can  indeed  be  extrapolated  back  to  the  flaw  scale.  However,  the  fit 
for  "pure"  alumina  deviates  dramatically  from  the  Ideal  linear  behavior  at 
smaller  flaw  sizes.  Thus,  for  this,  third  material  predictions  based  on 
extrapolations  from  the  macroscale  greatly  overestimate  the  actual 
strengths.  It  Is  as  though  the  toughness,  T,  Is  systematically  diminished 
as  the  flaw  size  gets  smaller,  l.e.,  consistent  with  R-curve  (T-curve) 
behavior.  On  the  other  hand,  we  have  the  desirable  feature  of  a  region 
of  "flaw  tolerance"  where  the  strength  is  constant  over  a  range  of  flaw 
sizes. 


c*c(T0,P)  0-m=0-m(T0.P) 

Figure  1.  Schematic  of  indentation  flay  test  used  to  observe  crack 
evolution  to  failure:  (a)  indentation,  to  Introduce  con¬ 
trolled  flaw;  (b)  bend  test,  to  measure  strength  of  specimen 
with  flaw. 
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Indentation  Load,  F/N 

Figure  2.  Intrt  strength  vs  indentation  load  of  three  aluminas, 
single  crystal  (sapphire)  and  polycrystalline  with  and 
without  glassy  grain  boundary  phase  (PC-glassy  and  ?C- 
pure,  respectively). 


From  these  results,  we  conclude! 

(1)  Extrapolation  of  macroscopic  fracture  data  unconditionally  Into 
small-flaw  regions  can  be  dangerous) 

(1))  Toughness  Is  not  generally  single  valued,  but  can  be  a  function 
of  crack  size,  T(c); 

(t\i)  The  toughness  function  (T-curve)  Is  olcrostructure  sensitive,  and 
the  grain  boundary  structure  appears  to  hold  the  key  to  this  sensitivity. 


MECHANISMS  OF  T-CURVE  BEHAVIOR 

There  are  several  possible  mechanisms  which  have  been  put  forward 
to  explain  T-curve  behavior.  The  most  popular  of  these  are  the  "frontal 
zone"  mechanisms.  Martensitic  phase  transformation  Is  probably  the  most 
powerful  of  all  the  toughening  mechanisms  but,  to  dace,  has  been  observed 
exclusively  in  zlrconlas  [6].  The  concept  of  microcracklng  has  also 
received  much  attention  (7]  in  nontrans forming  ceramics.  In  both  these 
mechanisms,  there  Is  a  frontal  zone  which  travels  with  the  extending 
crack  tip  and  thereby  dissipates  energy  from  the  loading  system.  Some¬ 
what  remarkably,  very  little  attempt  has  been  made  to  verify  these  (or 
indeed  any  other)  mechanisms  by  direct  observation  (except  in  the 
transforming  zlrconlas). 
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Figure  3.  Vickers  indentation  (P  -  5N)  site  of  "fractured"  alumina  diic. 
Specimen  thermally  etched  to  reveal  grain  structure. 


IN  SITU  OBSERVATIONS  OF  CRACK  EVOLUTION  IN  ALUMINA 

By  using  the  arrangement  in  Fig.  1  and  focussing  a  microscope  onto  cha 
indancacion  sica  during  stressing,  tha  crack  avolucion  to  failura  could  ba 
obsarvad  directly  (8),  Thaia  obsarvations  lad  to  soma  surprisas.  Whereas  in 
sapphire  failura  was  spontaneous,  in  Cha  "pure"  polycrystallina  aluaina  it 
certainly  was  not.  Tha  cracks  in  tha  latter  material  vara  stabilized.  At 
"failure"  these  specimens  seamed  to  ba  fully  fractured  (cha  crack  ran  from 
edge  to  edge  and  chrough  cha  chlcknass  of  the  sample)  yet  remained  intact. 

Tha  canter  region  of  a  broken  specimen  of  Che  latter  material  is  shown 
in  Fig.  3.  At  initial  loading  the  indancacion  remained  stationary,  con* 
fined  at  surrounding  grain  boundaries  until  at  a  critical  poinc  the  cracks 
suddenly  "popped  in".  With  subsequent  load  Increments,  grain-dimension 
"Jumps"  occurred  in  a  stable  but  erratic  manner  for  several  millimeters 
before  failure.  Despite  intensive  searching,  no  evidence  could  be  found 
for  any  frontal  zone  mechanism,  microcracking  or  otherwise.  On  the  other 
hand,  inspection  of  the  crack  interface  behind  the  tip  revealed  a  high 
density  of  "active"  regions  where  grains  remained  attached  to  both  walls. 

The  crack  tip  was  clearly  held  up  by  these  parclally  attached  grains.  Two 
specific  examples  of  active  grain  sites  are  shown  in  Fig.  4.  In  both 
cases  in  Fig.  4,  secondary  grain  fracture  is  evident,  suggesting  that  the 
interfacial  restraining  forces  must  be  high. 

To  sutmsarlze  the  experimental  observations! 

(1)  Crack  growth  in  the  "pure"  alumina  was  discontinuous  over  small 
groups  of  grains,  yet  stable  over  10-100  grains  (cf.  relatively 
spontaneous  fracture  In  the  other  aluminas  In  Fig.  2); 

(ii)  Crain  attachment  sites  were  active  behind  the  crack  tip,  over  many 
millimeters  in  the  "pure"  alumina; 

(iii)  No  evidence  was  found  for  a  frontal  microcrack  zone. 
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Figure  4,  Scanning  electron  Micrographs  shoving  tvo  examples  of  secondary 
nlcrofractuve  about  bridging  grains. 


Thus  the  macroscopic  evidence  implies  that  rhe  T- curve  behavior  in  our 
Hpure"  alumina  is  due  primarily  to  hr i dp. inn*  forces  nr  the  erne**  interface. 
More  recenr  vn-k  **v  Swanson  on  other  materials  l°|  snpKOsts  that  this 
observation  nav  genera 11 v  ho  true  of  other  ceramic  types  as  veil. 
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Restraining  Forces 


Figure  5*  Schaaatlc  of  bricking  modal  (shown  here  for  crack  growth  from 
notch) . 


MODEL 

A  fracture  Mechanics  Model  of  the  bridging  mechanism  has  been  de¬ 
veloped  (10]  (tee  Fig.  5).  Circles  denote  bridging  sites;  open  and 
closed  circles  distinguish  active  sites  behind  the  tip  and  future  sites 
ahead  of  the  tip.  The  sequence  of  calculations  Involved  Is  as  follows* 

(I)  The  T-curve  Is  taken  to  be  expressible  as  the  sum  of  the  Intrinsic  (grain 
boundary)  toughness,  T0 ,  and  an  "Internal”  restraining  term,  K^,  l.e. 

T(c)  -  T#  -  Ki(c)  (3) 

For  restraining  forces,  is  negative; 

(II)  The  Internal  closure  force,  Kt(c),  Is  deteralned  by  Integrating  the 
closure  forces  over  the  bridging  zone,  assualng  a  specific  force -separation 
lav.  Since  More  bridges  are  intersected  as  the  crack  grows,  Kt  Is  an 
arithmetically  increasing  function  of  c; 

(ill)  The  critical  condition  for  crack  Instability,  Kt(c)  *  V  cr4c1/2  *  T(c) , 
dKt/dc  *  dT/dc,  (11]  is  cosputed  to  determine  the  strength  vs  load  function, 
or.(P); 

(Iv)  From  the  crw(P)  data  in  Fig.  2,  the  T(c)  function  is  (numerically) 
deconvolved. 


Figure  6  is  a  conpositc  plot  of  the  results  for  those  aluminas  in 
Fig.  2  using  this  approach  (with  several  approximations  in  the  analysis). 

Some  of  the  more  Important  features  to  note  ares 

(i)  The  crack  size  scale  of  the  T-curve  can  be  large,  of  order  millimeters , 
consistent  with  the  scale  of  the  observed  bridging  zones; 

(ii)  The  T-curves  are  microstructure  sensitive:  the  only  difference  between 
the  aluminas  represented  in  Fig.  6  are  the  grain  sizes  and  grain  boundary 
phases; 


(til)  There  appear*  to  be  an  inverse  relationship  between  T0  and  T*. 

(lover  and  upper  plateau  levela)i  thus  large-scale  toughness  can  be  a 
poor  Indicator  of  snail-scale  toughness. 

Consider  now  how  the  results  in  Fig.  6  explain  the  observed  crack 
evolution  for  materials  with  strong  T-curve  behavior  (e.g.,  the  poly- 
crystalline  "pure"  material  in  Fig.  6).  A  construction  for  such  a  material 
is  reproduced  In  schematic  form  in  Fig.  7.  The  solid  curve  reprcscntc 
the  T(c)  function  and  lines  l  through  4  represent  Ka  -  Y  c*c1^  "loading 
lines"  for  successively  increasing  values  of  applied  stress,  o*  Suppose 
our  flaw  has  initial  site  corresponding  to  point  l.  Then  the  crack  re¬ 
mains  stationary  until  stage  2  is  reached  in  loading,  at  which  point 
abrupt  pop-in  occurs,  along  IJ*  With  further  loading  the  crack  subse¬ 
quently  progresses  stably  through  JLM  along  the  curve,  until  at  stage  4, 
failure  ensues.  Actually,  a  more  exact  numerical  deconvolution  than  we 
have  attempted  in  our  data  analysis  would  yield  several  secondary  plateaus 
along  the  rising  T-curves  in  Fig.  6,  consistent  with  the  observation  that 
crack  growth  occurs  in  discrete  Jumps  throughout  Its  evolution.  Thus  the 
failure  stress  is  determined  uniquely  by  the  tangency  condition  at  M, 
independent  of  the  initial  crack  size. 


IMPLICATIONS 

What  are  the  implications  of  our  results  concerning  NDE  in  ceramics? 
First,  we  have  shown  that  suterlals  which  exhibit  strong  T-curve  behavior 
can  be  extremely  "flaw  tolerant".  The  failure  stress  for  these  materials 
is  Independent  of  the  initial  flaw  size.  For  the  engineer,  this  is  an 
extremely  attractive  prospect,  for  not  only  is  the  concept  of  a  well- 
defined  design  stress  feasible,  but  the  material  Is  now  much  less 
susceptible  to  strength  degradation  in  service.  However,  at  the  same 
time  this  raises  the  question  as  to  whether  we  can  retain  the  notion  of 
critical  flaw  size  as  a  basis  for  screening.  Secondly,  there  can  be 
strongly  enhanced  crack  stability  in  these  materials;  the  cracks  can  grow 
large  distances  (tens  or  hundreds  of  grains)  over  the  rising  portion  of 
the  T-curve,  prior  to  failure.  Importantly,  this  growth  can  occur  dls- 
continuously.  Thus,  the  precursor  growth  stage  may  be  usefully  employed 
as  an  "early  warning"  of  impending  failure.  The  possibilities  of  turning 
this  to  advantage  are  clear. 
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Discussion 


Ron  Strelt,  Lawrence  Livermore:  The  concern  I  had  with  some  of  the  things 
you  were  presenting  l*  fracture  mechanics  and  the  KIC  concept  of 
continuum  mechanic's  principles.  You  are  applying  It  to  stuff  the 
sire  of  I  grain,  2  grains,  3  grains.  And  when  you  present  your 
Indentation  data,  tht  strength  falloff  point  on  your  curve  was  suspiciously 
similar  In  size  to  l  grain  size.  Are  we  not  pushing  fracture  mechanics 
beyond  where  It  should  he? 

Mr.  Lawn i  l  don't  believe  we  are.  In  most  of  the  cases  that  I'm  dealing 
with  here,  the  cracks  do  tend  to  be  Intergranular.  So,  provided 
that  we  can  regard  the  crack  growth  in  the  Intergranular  phase  to 
be  charscterlxed  by  an  Intergranular  toughness--that 1 s  the  T  term-- 
l  believe  the  fracture  mechanics  applies  In  principle,  although 
one  must  ask  exactly  what  the  stress  Intensity  factor  means  when 
you  are  going  through  a  very  narrow  interphase. 

Again,  it  raises  some  very  subtle  questions,  but  I  believe  that 
the  basic  principles  remain  valid,  lut  it's  a  point  well-raised, 
and  I  think  you  have  to  be  very  cautious. 

Mr.  John  Ross  (General  Electric)*  I'm  not  sure  I  understand..  Are  you 
saying  that  the  crack  progresses  and  meets  a  grain,  loses  part  of 
Its  energy;  the  radius  of  the  crack  tip  increases  until  other  grains 
or  other  cracks  decline  around  the  grain? 

Mr.  Lawn*  What  I'm  saying  is  this*  our  model  shows  a  crack  growing 
from  a  notch,  but  It  might  be  a  crack  that's  growing  right  from 
scratch. 

So,  tht  Initial  indentation  crack  goes  along  tht  vtak  grain  boundary 
and  meets  virtually  no  resistance,  and  if  that  was  the  whole  story, 
this  whole  material  would  have  no  toughness  at  all.  tut  then  It 
comes  across  an  obstacle  and  it  has  to  run  around  that  grain,  wt 
believe,  leaving  the  grain  attached  to  both  walls.  So  as  the  crack 
grows,  it's  meeting  some  strength  behind  tht  crack  tip.  Then  as 
it  goes  on  further  snd  further  and  encompasses  more  of  these  grains 
and  they  still  remain  active  behind  the  grain,  it's  building  up 
more  and  more  restraint  behind  the  crack.  Htnce,  the  toughness 
seems  to  be  going  up. 

Mr.  Ross:  So  the  closing  portions  that  are  tht  restraining  forces  con* 
crol  the  toughness. 

Mr.  Lawn:  Exactly  how  these  grains  impose  those  forces  is  still  a  little 
bit  obscure.  When  you  do  the  fracture  mechanics,  you  have  to  bring 
that  in  an  empirical  way.  Tht  actual  physics  of  It  Is  still  a  little 
bit  obscure,  but  the  observation  of  it  is  very  definite.  You  can 
see  the  crack  going  around  the  grain  and  have  the  microscop*  trained 
on  that  grain.  You  can  see  the  thing  developing  and  the  rejected 
light  flashing  subsurface  even  though  the  main  crack  Is  miles  away. 

Mr.  Ross:  Like  lateral  stability. 

Mr.  Lawn:  I  guess  there's  an  analogy  there. 

Mr.  Gordon  Kino,  Stanford:  Is  there  something  ve  can  do,  as  NDE  people, 
to  measure  for  what's  going  on?  For  Instance,  when  you  are  doing 
these  measurements  which  you  do  along  the  surface,  you  don't 
really  look  at  the  depth  of  the  crack.  When  you  have  taken  the 
whole  thing  apart,  is  the  crack  growing  in  a  similar  way? 
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And  secondly,  Is  the  system  uniform?  In  ocher  words,  If  you 
do  the  s im  experiment  on  the  same  ceramic  on  another  part  of  It, 
would  everything  be  about  Che  same?  In  other  words,  would  you 
measure,  say,  the  clastic  properties  of  the  grains?  Would  that 
provide  some  Information  that  you  need? 

Hr,  Lawn*  Well,  the  second  question  ls--ajaln,  you  are  getting  Into 
the  actual  details  of  the  mechanism,  and  that  Is  something  we  are 
still  working  on.  But  maybe  NOE  can  help  out  there,  too,  to 
understand  a  little  bit  as  to  how  these  grains  actually  pull 
apart. 

Optical  microscopy  will  tell  you  something,  but  In  most  of  these 
materials  that  we  looked  at,  they  are,  at  best,  translucent,  and 
so  there's  a  lot  of  questions  as  to  whit  goes  on  underneath  the 
surface  of  these  materials,  and  that's  where  l  think  things  like 
acoustic  emission  could  be  extremely  useful. 

One  of  my  co-authors  was  Peter  Swanson,  who  came  from  the  rock 
mechanics  ares.  He  has  done  similar  experiments  where  he  runs  huge 
cracks  through  big  rocks,  and  he  used  acoustic  crlangulatlon 
techniques  to  locate  the  sources  of  these  active  sites  behind  the 
crack  tip.  Maybe  that's  something  we  can  also  do  with  NDE,  because 
In  many  of  chest  materials,  vc  art  talking  about  the  zone  lengths 
at  the  fracture  interface  of  several  millimeters,  up  to  10  milli¬ 
meters,  in  some  cases.  So  It's  not  beyond  the  realms  of  possibility. 

Ve  can  do  that. 

John  McClelland  (Center  for  NDE)t  I  was  wondering,  from  what  you  arc 
saying,  Is  there  any  reason  to  guess  chat  most  of  the  failures  art 
due  to  the  flaws  that  are  connected  to  the  surface  rather  chan  imbedded 
in  the  material? 

Some  NOE  methods  are  better  at  looking  at  surface-related  flaws 
than  deep  flaws,  and  If  you  have  this  bridging  mechanism  working, 
dots  that  work  more  effectively  on  Internal  flaws  and  therefore 
minimize  their  role  In  causing  failure,  or  Is  there  no  reason  to 
speculate  that  way? 

Mr.  Lawn:  Well,  it  depends  on  the  material.  When  we  started  doing  our 
first  experiments,  we  polished  down  our  surfaces  and  wt  polished 
them  very  badly.  This  led  to  some  grain  pull-outs  on  the  surface, 
and  when  ve  did  our  test,  w«  observed  the  cracks  starting  from  the 
Indentations.  Also,  they  started  from  some  of  these  ocher  pull¬ 
outs  on  the  surface,  and  £fttr  a  while,  some  of  them  ran  Into  each 
other.  Thtn  ve  started  to  polish  much  better,  but  ve  still  got 
breaks  from  internal  flaws  in  some  cases,  particularly  with  small 
Indentations. 

So,  l  think  it  depends  very  much  on  the  actual  material,  although 
In  most  of  the  cases  ve  have  looked  at,  it  seems  Chat  ve  are  not 
looking  at  just  the  surface  effect,  but  this  is  something  charac¬ 
teristic  of  Che  microstructure  itself,  something  intrinsic  to  It, 
and  It  occurs  under  the  surface.  So  I  have  a  suspicion  that  you 
are  not  going  to  get  away  with  Just  looking  at  surfaces.  It  has 
to  be  in  the  interior  as  well. 
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Relatively  little  Is  known  about  the  fundamental  deformation 
processes  in  intrinsically  hard,  brittle  materials,  and  even  less 
about  how  these  processes  lead  to  the  initiation  of  cracks.  In 
this  paper,  transmission  electron  microscopy  is  used  to  study 
the  deformation  structure  within  Vkkcrs  indentation  xones  of 
single-crystal  sapphire  with  {lift}  surface  orientation.  The 
relative  misorientation  of  regions  within  these  xones.  as 
mapped  by  convergent-beam  kikuchi  patterns,  b  found  to  be 
severe,  talkative  of  shear  processes  operating  close  to  the 
cohesive  limit.  Two  principal  types  of  deformation  are  Mentl- 
fled,  basal  twinning  and  pyramidal  slip.  IncSpknt  mkrocracks 
are  observed  at  both  the  twin  Interfaces  and  the  slip  planes. 
These  incipient  “flaws"  act  as  nuckatlon  sites  for  the  ensuing 
radial  and  lateral  cracks. 


I.  Introduction 

IN  RECENT  years,  indentation  analysis’ m)  has  emerged  as  a  power¬ 
ful  tool  for  evaluating  and  characterising  the  deformation  and 
fracture  properties  of  ceramic  materials,  particularly  as  quantified 
by  hardness  and  toughness.4*4  The  basic  concept  behind  inden¬ 
tation  testing  is  attractive  In  its  simplicity.  A  standard  “sharp" 
indenter  (e.g.,  Vickers)  is  loaded  onto  the  surface  of  the  test 
material.  The  intense  stress  concentration  beneath  the  indenter 
contact  causes  the  material  to  undergo  both  reversible  and  irre¬ 
versible  deformation,  The  most  obvious  manifestation  of  the  latter 
component  is,  of  course,  the  residual  hardness  impression.  The 
irreversible  component  is  also  responsible  for  any  attendant  crack 
initiation?**  Furthermore,  residual  stresses  can  continue  to  exert 
a  strong  influence  on  crack  propagation  well  beyond  the  near- 
contact  zonc.2,,‘u*,:  A  fundamental  understanding  of  contact- 
induced  deformation  processes  would  therefore  appear  to  be  an 
essential  prerequisite  to  any  complete  description  of  flaw  micro- 
mechanics  in  highly  brittle  ceramics. 

A  notable  restriction  implicit  in  present-day  indentation  fracture 
mechanics  is  the  assumption  of  homogeneity  and  isotropy  of  mate¬ 
rial  structure.  This  restriction  is  apparent  in  experimental  as  well 
as  theoretical  work,  particularly  in  the  strong  tendency  to  adopt 
silicate  glasses  as  model  test  materials.  Studies  into  the  mech¬ 
anisms  of  indentation-induced  crack  initiation  have  been  carried 
out  fl/mojf  exclusively  on  glasses.7"10  Such  studies  reveal  the 
sources  of  initiation  in  the  amorphous  structures  as  "shear  faults" 
punched  in  irreversibly  by  the  penetrating  indenter.  Characteristic 
of  these  faults  is  that  they  form  on  curved  surfaces,  governed  by 
trajectories  of  maximum  shear,  at  stress  levels  close  to  the  theo¬ 
retical  cohesive  limit.  Such  characteristics  would  appear  to  repre¬ 
sent  a  substantial  departure  from  our  traditional  notions  of  slip 
deformation  in  crystalline  materials  by  low-stress  dislocation  pro¬ 
cesses.  Yet  there  are  general  features  of  the  indentation 
deformation/fracture  pattern  in  brittle  materials,  not  least  the  clear 
tendency  for  the  radial  cracks  to  initiate  n car  the  impression  cor¬ 
ners,  that  suggest  some  commonality  in  underlying  mechanisms. 
The  implication  here  is  that  the  classical  picture  of  crystal  plasticity 
by  dislocation  glide  may  require  some  qualification  when  applied 
to  ceramics,  especially  to  the  tougher,  harder  ceramics  with  intrin¬ 
sically  strong  covalent-ionic  bonding. 
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Accordingly,  the  purpose  of  this  study  was  to  characterize  the 
indentation  dcfomulion-fracturc  pattern  in  a  selected  smglc»cr> Mai 
system,  namely  sapphire,  using  a  transmission  electron  micr*f 
copy  ITEM)  procedure  developed  by  Hockey,11  The  choice  *»f 
sapphire  was  based  principally  on  the  requirement  that  the 
structure14*”  and  mechanical  properties'4  should  be  reasonaMv 
well  documented.  (Another,  longer-term  motive  was  that  ihc  >tudv 
should  ultimately  be  extendable  to  practical  ceramics,  m  this  vase 
to  polvcrystalline  alumina,  so  that  the  influence  of  such  micro- 
structural  variables  as  grain-boundary  structure  might  be  system¬ 
atically  evaluated.)  Our  principal  goal  was  to  identify  the  b.mc 
deformation  elements  associated  with  crack  nudeatton  in  sapphire, 
with  the  hope  that  this  might  allow  us  to  make  some  statements 
about  crystalline  solids  in  general.  Because  crack  nuclcation  *%  a 
critical  first  step  in  flaw  development,  wc  may  anticipate  our 
findings  to  be  of  relevance  to  important  practical  issues  concerning 
the  degradation  of  mechanical  strength2  (e.g..  in  small  partklc 
impact),  wear  and  erosion,  etc. 

II,  Experimental  Procedure 

The  method  of  specimen  preparation  for  TEM  examination  was 
similar  to  that  previously  described  by  Hockey.”  Disks  i3*mm 
diameter)  were  cut  using  an  ultrasonic  drill  from  a  thin  slice  of 
sapphire  of  (ll30)  orientation.0  This  particular  orientation  was 
chosen  because  ( l  lIO)  is  the  zone  axis  for  a  large  number  of  planes 
that  are  susceptible  to  shetf  deformation  (Section  III).  The  disks 
were  ground  and  polished  to  a  thickness  of  100  to  150  jxm,  The 
final  polishing  step  was  carried  out  using  0.3->im  AljO*  powder  to 
remove  any  remnant  grinding  damage  which  might  be  confused 
with  the  indentation  structure.  The  samples  were  indented  with  a 
Vickers  indenter  at  loads  from  0.1  to  2.0  N,  although  for  the 
majority  of  indentations  a  load  of  0.25  N  was  used.  The  disks  were 
then  thinned  by  ion-beam  milling  from  the  back  only,  i.c,  the  side 
away  from  the  indentation  surface.  Following  carbon  coaling,  the 
samples  were  examined  in  the  TEM*  at  150  kcV,  Some  of  the 
indented  specimens  were  also  examined  by  scanning  electron  mi¬ 
croscopy  (SEM)  to  reveal  surface  topographical  features. 

III.  Results 

(J)  General  Features 

The  indentation  sites  were  readily  identified  in  the  TEM  as 
localized  regions  of  intense  diffraction  contrast.  Figure  1.  which 
shows  sites  for  two  different  Vickers  orientations  relative  to  the 
specimen  surface,  is  a  typical  example.  The  characteristic  spread¬ 
ing  of  radial  crack  arms  outward  from  the  impression  comers  is 
clearly  evident  in  these  micrographs.  The  intense  contrast  within 
the  indenution  zone,  together  with  the  ubiquitous  appearance  of 
bend  contours  about  ihc  peripheries,  is  strongly  indicative  of  a 
high-strain  deformation  process.  Closer  inspection  of  the  inden¬ 
tation  zones  reveals  crystalline  shear  elements  which  wc  identify  as 
mechanical  twins  and  slip  faults.  Microcracking  associated  with 
these  shear  elements  is  also  identified.  Details  of  such  identi¬ 
fications  are  given  in  (he  following  subsections. 

(2)  Shear  Deformation  Elements 

(A)  Twins— Morphology:  Selected- area- diffraction  TEM 
was  used  to  identify  some  of  the  shear  elements  as  basal  twins 
Examples  are  indicated  in  Figs.  1  to  4,  For  the  (1120)  foil  orien* 
tation.  the  twin  planes  arc  perpendicular  to  the  plane  of  the  foil  and 
have  surface  traces  perpendicular  to  the  10001  j.  No  rhomhohcdral 
twins  were  detected.  The  same  surface  traces  were  visible  in  the 
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Flu.  I.  TEM  iitwfogMph*  *»f  u  -5  N  V  «vUt*  indentation*  *n  uwhitc  <4*  Onrnuamn  A  *  indent  diagonals  at  45*  to  |OOOU»  Ba>al  twin  *f  *  den»tt>  i.«wcr 
for  the  two  quadr.int*  where  ihc  •roprc>*»vft  edge  .*  parallel  to  J  /J.  thu/thUum  It  .indent  diagonal  paraiic)  anJ  pcrpenduuur  to  * «x*| |*  lh>a*  twin 
dentil)  uniform  m  all  tour  quadrant* 


Fig.  ,2.  micrograph  of  2  S’  Vickers  indentation  in  >apphirc.  showing 
luir  r  op  <5  ?  tracer  ai  the  surface  Radial  cracks  inmate  from  near 
itnptw  in  *  met* 


SE M  by  topographical  contrast  tFig  2).  indicating  that  the  shear 
direction  has  a  component  normal  to  the  foil  ic.g..  I HHOJ  or  (OlTnj 
relative  to  the  1 1  l3l))  surface  orientation)  The  morphological  c\> 
dcncc  is  therefore  consistent  with  a  twinning  plane  c A-, i  *  »000l) 
and  iw  inning  direction  ler ,  i  •  (I0ln»  By  viewing  the  shear  planes 
edge-on.  c.g,.  as  in  Fig.  3fcU.  the  width  of  the  twins  was  deter¬ 
mined  to  be  10  to  50  nro. 

The  density  of  tw  ins  within  the  four  quadrants  of  the  indentation 
zone  was  found  to  depend  on  the  orientation  of  the  indcmcr  It  can 
be  seen  that  for  orientation  /\  in  Fig,  I M)  the  twins  arc  located 
almost  exclusively  m  the  two  quadrants  u  hose  impression  edge*  he 
perpendicular  to  |000l!  For  orientation  B  in  Fig  It  Hu  on  the 
other  hand,  the  twin  density  is  more  or  less  equal  in  all  four 
quadrants  This  absence  of  twins  in  the  left  and  nght  quadrants  for 
orientation  A  may  be  rationalized  in  terms  of  the  stress  trajectory 
field  beneath  the  mdentcr;1  **  the  basal  planes  in  these  two  quad¬ 
rants  he  normal  to  the  surfaces  that  experience  the  greatest  punch- 
type  shear  stresses  tsec  Fig,  9.  later)  In  all  other  quadrants  there 
is  some  component  of  resolved  shear  stress  along  the  twinning 
direction.  Herein  lies  our  first  strong  manifestation  of  er\s- 
tallographic  constraint  It  will  be  appreciated  that  the  extreme 
anisotropy  in  twinning  density  means  that  there  must  exist  other, 
perhaps  more  potent,  shear  deformation  modes;  for.  otherwise, 
how*  might  we  possibly  account  for  the  residual  impression  in 
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iwm*frcc  quadrants  such  as  thfl'C  tn  F»g  r* 

These  observations  of  (he  iwtn  patterns  were  ivpie.il  of  all  (he 
indentation  sites  examined  m  Oils  Mudv,  the  only  noteworthy  de¬ 
parture  from  complete  similarity  wa>  an  apparent.  digit!  tendency 
for  the  average  thickness  and  the  density  of  the  twins  to  increase 
with  load. 

f B)  Slip h'tutlu—Mflrphoktv and  Stiwnaiuwtw  Attempts 
were  made  to  resolve  the  slip  elements  responsible  for  the  hulk 
of  the  residual  deformation  in  the  central  indentation  /one  ‘Hits 
proved  difficult  owing  to  the  extremely  high  strain  density  Never* 
thclcss.  by  systematically  tilting  the  foils  m  the  TEM  it  w,i>  po>* 
siblc  to  image  fault  planes  of  localized  high  dislocation  demity. 
c,g„  as  seen  in  Figs.  SlH\  and  4  These  faults  generally  appeared 
to  be  much  narrower  than  their  twin  counterparts  and  were  inter* 
preted  as  planes  of  concentrated  slip.  Selected-area  diffraction  m 
such  regions  showed  no  spurious  reflections,  confirming  that 
the  defects  wtre  not  microtwins.  From  the  TEM  evidence,  along 
with  corresponding  observations  of  fault  traces  in  the  SEN! 
(c.g.,  Fig.  2),  the  slip  plane  for  the  faults  was  determined  to  be 
(1123),  i.c.,  of  the  pyramidal  type.  Because  of  the  extreme  m* 
tensity  of  contrast,  attempts  at  Burgers  vector  determinations  of  the 
dislocations  were  unsuccessful. 

Accordingly,  another  means  was  sought  by  whieh  more  quanti¬ 
tative  information  on  the  associated  deformation  might  be  obtained. 
Convergent-beam  kikuehi  patterns  were  used  for  this  purpose. 
Thus  the  relative  change  in  orientation  in  moving  from  the  center 
to  the  edge  of  the  indentation  zone,  in  the  manner  shown  schemat¬ 
ically  in  Fig.  5(A),  was  mapped  from  the  corresponding  series  of 


Ft*.  4,  TEM  micrograph  of  U.25-N  Vickers  indentation  near  impression 
comer  m  sapphire  Slip  faults  SS  rcprc>cni  planes  of  concentrated  dip  lying 
parallel  to  (I  l2j)  Twins  77  also  visible. 


Fig,  5.  Use  of  convergent-beam  kikucht  patterns  to  measure  unsoricntaium  within  indentation  /one  oil  SJuiimIk  showing  spot  ir.tWiM.  t«i  nuippiiiis  'HU 
lattice  rotations  across  each  quadrant  of  indentation  upper  diauram.  plan  view.  lowei  diagram,  piolilc  \uw  >/li  llu  toiiopiunling  kiKtuln  (MiMits 


kikuchi  patterns,  Fig.  5(B),  The  electron  probe  size  was -0.1  /im* 
and  typically  five  patterns  were  obtained  per  quadrant  (including  at 
least  one  outside  the  indentation  area,  to  give  a  “zero  misoricn- 
ration”  calibration).  Because  the  position  cf  the  kikuchi  pattern 
relative  to  the  transmitted  spot  is  highly  sensitive  to  minute  changes 
in  orientation,  the  shift  between  successive  patterns  provides  us 
with  an  accurate  measure  of  the  misonentation.  More  specifically, 
the  ma gnitudt  of  the  shift  determines  the  an$le  of  misonentation, 
y,  and  the  direction  of  the  shift  determines  the  axis  of  misori- 
emation  (Fig.  6),  The  values  of  y  in  the  near-center  regions  of  the 
indentation  (i.e..  positions  /  to  4  in  Fig.  5(A))  ranged  from  2*  to 
10*;  this  range  appeared  to  be  independent  of  load.  These  values 
are  too  high  to  be  simply  due  to  foil  bending.  Indeed,  y  ■  6* 
corresponds  to  a  shear  strain  tan  y  »  0.1,  which  is  of  the  order  of 
the  theoretical  cohesive  limit.17  This  result  is  not  surprising  when 
one  considers  the  ratio  of  hardness  to  shear  modulus  for  sapphire, 
H/G  »  20  GPa/150  GPa  *■  0.13  (recalling  that*  by  definition* 
hardness  is  a  measure  of  the  “average11  stress  beneath  the  iadenter). 
It  is  clear  that  we  are  dealing  with  a  high-stress  shear  process  here. 

The  slip  configurations  were  sensitive  to  the  indent  orientation. 
For  orientation  5  the  direction  of  the  kikuchi  pattern  shifts  tended 
to  be  collinear*  indicating  that  material  rotation  was  taking  place 
about  an  invariant  tilt  axis.  This  tilt  axis  was  consistent  with  slip 
on  a  single  crystallographic  system  (specifically,  on  {1  l53}(TlOO». 
For  orientation  A ,  however,  although  the  magnitudes  of  the  misori- 
entations  were  similar,  there  was  no  such  invariant  tilt  axis. 

The  difference  in  behavior  between  the  two  orientations  can  be 
explained  by  reference  to  Fig.  7.  In  this  figure  surface  traces  of  the 
active  (1 153}  planes  (imaged  in  the  TEM  as  planes  of  concentrated 
slip)  are  sketched  in  as  dashed  lines.1  Only  two  of  the  three  pos¬ 
sible  surface  traces  are  shown,  as  no  evidence  for  slip  was  obtained 
for  the  third  set.  For  orientation  B  one  set  of  {1 153}  planes,  that 
with  its  trace  more  closely  parallel  to  the  impression  edge,  is 
clearly  more  disposed  to  slip  tlurn  the  other.  For  orientation  A 
symmetry  prevails,  so  the  two  sets  are  equally  well  disposed 
to  slip.  Hence  the  lack  of  a  well-defined  tilt  axis  in  the  latter 
orientation. 

As  mentioned  above,  each  trace  actually  represents  a  pair  of 
planes;  it  is  assumed,  however,  that  only  the  plane  which  expe¬ 
riences  the  greater  component  of  the  shear  stress7  will  be  active. 
It  is  believed  that  although  the  third  set  of  {1)53}  planes  (sur¬ 
face  trace  perpendicular  to  the  {0001])  would  appear  to  be  fa¬ 
vorably  oriented  for  slip  in  orientation  A,  basal  twinning  occurs 
preferentially. 


(JJ  Microcracks 

Particular  attention  was  given  to  the  presence  of  fine  micro- 


Ftg.  7.  Diagram  showing  trace  of  {1133) 
planes  (shown  as  dashed  lines)  with  respect  to 
the  iftdtnfef  for  orientations  A  and  B.  In  orien¬ 
tation  A  the  two  sets  of  {1 133}  planes  are  sym¬ 
metrically  oriented  with  respect  to  the  indemer. 
In  orientation  B  preferred  slip  occurs  on  set  of 
{1123}  planes  55.  Hence  unique  tilt  axis  in  lat¬ 
ter  case. 


cracks  within  the  indentation  zone,  with  the  express  intent  of  deter¬ 
mining  the  source  of  nucleation  centers  for  large-scale  radial  frac¬ 
ture.  Examples  art  shown  in  Figs.  3, 4,  and  8.  No  such  microcracks 
were  ever  detected  in  the  undisturbed  crystal  regions,  eliminating 
the  possibility  that  we  might  simply  be  observing  a  preexistent 
flaw  population.  Further,  the  incidence  of  microcracks  appeared 
to  be  as  great  in  the  thicker  regions  of  the  foil  as  in  the  thinner,  sug¬ 
gesting  that  the  results  are  no  mere  artifacts  of  the  foil  preparation.1 

By  tilting  the  foil  until  the  creeks  were  seen  edge-on,  it  could  be 
determined  that  nucleation  occurred  preferentially  at  either  the 
{1153}  slip  planes  or  the  (0001)  twin  interfaces.  Figures  3  and  8 
show  examples.  In  Fig.  3(A)  we  see  twin-induced  microfissures 
along  7 T  degenerating  into  a  larger-scale  redial  crack  R  at  lower 
left.  (Gose  inspection  reveals  that  the  redial  crack  actually  extends 
back  a  little  way  to  the  right,  into  the  indentation  zone.)  It  is  noted 
that  (0001)  is  not  a  favored  cleavage  plane  in  sapphire,  so  it  is 
difficult  to  envisage  how  these  fissures  might  ever  be  interpreted 
as  anything  other  than  the  result  of  nucleation  events.  In  Fig.  8 
analogous,  slip-plane  fissures  are  evident,  again  degenerating  into 
a  radial  creek  configuration.  We  note  the  segmented  appearance  of 
this  particular  creek  system  near  the  impression  corner,  strikingly 
reminiscent  of  the  redial  patterns  observed  in  glass  (e.g..  Fig.  7  in 
Ref.  9). 


Mt  should  be  noted  that  alio* ether  there  arc  si*  variant*  of  the  (1 123)  plane.  These 
can  be  regarded  as  consoling  of  three  pairs  of  variants,  where  within  each  pair  the  two 
planes  intersect  (he  (1120)  plane  aloe;  the  same  direction,  but  are  inclined  at  equal 
and  opposite  angles  to  the  specimen  surface. 

‘Note  that  even  if  foil  relaxations  were  ,o  be  a  factor,  our  conviction  that  we  are 
witnessing  intrinsic  nucleation  processes  would  hardly  be  diminished;  such  spurious 
relaxations  might  then  be  viewed  as  causing  essentially  the  same  (but  prematun  I 
opening  of  the  microcracks  as  would  ultimately  occur  in  any  subsequent  e sternal 
loading 


IV.  Discussion 

Using  electron  microscopy,  we  have  been  able  to  identify  basal 
twinning  and  pyramidal  slip  as  the  principal  shear  deformation 
elements  for  Vickers  indentations  in  (1 150)  sapphire.  In  addition, 
we  have  observed  microcracking  associated  with  the  shear  ele¬ 
ments.  These  processes  all  operate  at  stress  levels  close  to  the 
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Fit*  ••  TESt  of  0,25-S  Victor*  indent*!  jo*  in  sapphire,  showing 
how*  dip  faults  intetsect  M  tmrtcitiOfl  comer  to  nucleate  micro* 
crack*  thence  ro  intthie  the  UgcMcak  r*Jul  cracks,  Note 
crack  "segments**  parallel  10  impression  Jugotu?  m  comer  ref  ion* 
This  suggests  that.  on  sensing  the  tendk  stress  fieW  that  exist* 
outside  the  hardness  /one.  the  newly  created  mkrocrackt  make 
Kverai  unsuccessful  attempts  to  “pop  in  *  to  the  radial  configure 
non,  only  to  be  arretted  by  an  adjacent  fault  further  removed  from 
the  center. 


theoretical  cohesive  limit.  In  this  respect  the  nature  of  the  contact 
damage  tn  sapphire  appears  to  differ  little  from  that  m  glassy 
materials.  However.  the  anisotropy  tn  deformation  patterns  for 
different  tndenter  orientations  (Ftp.  U  indicates  that  crys¬ 
tallography  imposes  severe  constraints  on  the  capacity  of  the  con¬ 
tact  stress  Helds  to  activate  slip.  It  is  in  this  context  that  wc  discuss 
tn  some  detail,  with  reference  to  Fig,  9.  the  manner  in  which  the 
sapphire  deforms  to  accommodate  the  penetrating  indcntcr  and 
thereby  generates  microcracks, 


(!)  Deformation  Mechanisms 

Basal  twinning  has  been  observed  in  sapphire  by  several  other 
workers. “*,v  What  is  perhaps  surprising  is  that  no  evidence  of 
rhomhahtdral  twinning'**  was  detected  here.  Wc  have  already 
alluded  (Section  III)  to  a  strong  crystallographic  constraint  factor 
in  sapphire,  it  is  therefore  possible  that  the  rhombohcdral  type 
could  be  activated  in  other  foil  and  indcntcr  orientations.  It  can  thus 
be  argued  that  wc  arc  dealing  with  highly  competitive  deformation 
processes  in  this  material  and  that,  for  our  {I  l20)  surface  orien¬ 
tation.  it  is  the  b;t*  plane,  by  virtue  of  its  favorable  disposition 
relative  to  the  direct  ns  of  principal  shear,  that  is  strongly  favored. 

Although  basal  twinning  can  accommodate  some  of  the  per¬ 
manent  deformation  induced  by  the  indcntcr.  it  cannot  account  for 
all  of  it  To  see  this,  consider  the  tw  inning  geometry*  in  Fig.  9(A), 
It  is  readily  shown  that  the  semianglc  of  the  hardness  impression 
is  given  by 

tan  d»  -  | d/ut  *  l))]  tan  a  (I) 

where  !)  is  the  mean  spacing  between  twins,  d  is  the  twin  thick¬ 
ness.  and  <i  is  the  twin  .shear  angle.  Inserting  appropriate  values. 
1)  500  nm  and  d  ^  50  nm  from  the  electron  microscopy  evi¬ 

dence.  and  o  -  >5  from  geometrical  considerations,  we  calculate 
*!»  4  lor  the  impression  angle  1 1ns  is  substantially  less  than  the 

uufcspondinc  angle  H*  between  the  fates  of  the  Vickers  pyramid 
and  ihe  specimen  surface  It  is  clear  that  other  deformation  mecli 
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n«.*.  Schematic  illustration  of  How  Ml  twinning  and  (JO  slip  act  to 
accommodate  the  punch-t)pe  shear  xtrenes  induced  by  the  indemer 


amsrns  mum  act  in  concert  with  the  twinning. 

Our  results  indicate  that  pyramidal  slip.  Fig,  9 8.  is  predominant 
among  these  other  deformation  modes.  This  i>  in  accord  with 
previous  sharp  particle  impact  work  by  Hockey"  on  {I  l2?)  sur¬ 
faces:  for  that  particular  contact  configuration  it  was  possible  to 
resolve  individual  dislocation  arrays  at  the  periphery'  of  the  defor¬ 
mation  zone,  and  thence  to  confirm  the  { I  !23}< I  IiK)>  primary 
system.  However,  the  detailed  nature  of  the  slip  process  remains 
somewhat  obscure,  particularly  in  the  regions  of  highest  stress 
concentration  (i.c,.  at  the  impression  center  and  diagonals),  Wc 
have  mentioned  the  difficulties  in  earning  out  Burgers  vector 
determinations  in  the  regions  of  intense  diffraction  contrast.  Given 
the  strong  inhomogeneity  of  the  typical  indentation  stress  field.1 
together  with  the  constraints  imposed  by  the  indcntcr  shape  (espe¬ 
cially  at  the  contact  diagonals),  it  is  not  unreasonable  to  expect  that 
some  multiple  slip-plane  activity  must  occur. 

The  fact  that  the  slip  processes  operate  close  to  the  cohesive  limit 
means  that  there  are  high  Pcierls  energy  barriers  to  dislocation 
motion.  High  Pcierls  barriers  art.  of  course,  characteristic  of  all 
ceramics  w  ith  a  large  component  of  covalent  bonding,1’  The  ques¬ 
tion  arises  as  to  how  valid  it  is  to  retain  the  picture  of  plasticity  by 
(activated)  glide  dislocation  motion  in  such  cases.  Hill  and  Row- 
cliffc."  in  analyzing  analogous  mdentation-mduccd  dislocation 
structures  in  silicon,  suggested  a  catastrophic  shear  mechanism,  for 
which  they  coined  the  term  ‘’block  slip."  In  their  interpretation  the 
observed  dislocations  simply  represent  the  end  result  of  lattice 
mismatch  between  opposing,  slipped  surfaces,  somewhat  akin  to 
the  configuration  one  would  expect  for  a  healed  shear  crack.  It 
might  be  argued  that  such  distinctions  amount  to  no  more  than  an 
exorcise  tn  semantics:  after  all.  the  final  dislocation  array  is  the 
same  On  the  other  hand,  the  concept  of  block  slip,  unlike  that  of 
simple  dislocation  motion,  does  extend  naturally  to  turners Mallme 
materials,  thus  the  shear  faulting  observed  in  glass*  may  well  Ik 
described  in  these  terms. 


(2)  Crack  Sue  leal  ion 

Regardless  of  the  detailed  nature  of  the  shearing  proses  in 
sapphire,  it  is  apparent  that  the  slip  planes,  as  well  u\  the  twin 
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interfaces,  can  be  viewed  as  high-energy  planar  defects.  As  such, 
(hey  represent  favored  sites  for  mictoeraek  nucicatton,  consistent 
with  the  experimental  results  in  Section  lit  We  arc  unaware  of  any 
study  of  crack  nucleation  in  sapphire  in  the  literature  (apart  from 
inferences  drawn  from  incidental  observations.  e,g  ,  postfailurc 
fhtcrography  of  strength  specimens5*),  so  we  shall  explore  the 
possible  mechanism  m  greater  detail  below*. 

First,  it  may  be  reiterated  that  we  arc  dealing  with  true  nude- 
ation  events  here,  and  not  simply  with  the  propagation  (if  stable) 
of  preexisting  flaws.  Experimental  studies  on  double-cantilever 
beam  fracture  specimens'4  demonstrate  that  (0001)  is  the  hast 
favored  of  alt  crystallographic  planes  for  cleavage  (a  result  tha<  is 
readily  rationalized  in  terms  of  the  high  cost  in  energy  to  separate 
surfaces  of  oppositely  charged  ions).  Yet  one  of  the  sets  of  micro* 
cracks  in  our  indentation  experiments  was  observed  at  the  basal 
twin  interfaces.  Such  energetically  unfavorable  fracture  configu¬ 
rations  arc  to  be  expected  only  under  conditions  of  extraordinary 
constraint,  as  indeed  occur  beneath  a  Vickers  indenter.  There  the 
local  stress  concentrations  arc  presumably  so  intense,  with  a 
strongly  suppressed  tensile  component,  as  to  override  the  usual 
dominating  influence  of  surface  energy/ 

Accordingly,  by  analogy  with  the  shear-fault  modeling  in  earlier 
studies  on  glass/"*  it  is  proposed  that  crack  nucleation  in  sapphire 
occurs  preferentially  on  the  twin  and  slip  interfaces.  Exactly  where 
along  these  interfaces  the  nucleation  begins  is  open  to  speculation, 
but  there  arc  certain  sites  that  appear  more  favored  than  others. 
Among  these  arc  points  of  intersection  between  twin  and  slip  planes 
in  adjacent  quadrants,  especially  in  the  vicinity  of  the  impression 
diagonals/  There  arc  strong  parallels  here  with  the  time-honored 
dislocation  pilcup  models  of  crack  initiation  of  the  Zencr-Stroh- 
Cottrell  :ypc:,"‘*  for  meuis.  An  important  difference  in  the 
eovalcnt-ionic  material  of  interest  here  is  that  the  "pilcup”  planes 
themselves,  because  of  their  state  of  high  energy,  are  liHely  to 
become  an  integral  pan  of  the  crack  embryos  once  the  process  has 
begun.  It  follows  that  for  “subthrcshold'*  indentations  in  which 
nucleation  has  not  yet  been  effected,  these  planes  will  remain  as 
potential  sources  of  weakness  in  any  subsequent,  external  stressing 
and/or  environmental  attack,  as  is  indeed  found  to  be  the  ease  in 
optical  glass  fibers.* 

The  issues  raised  above  have  important  implications  concerning 
the  mechanical  properties  of  intrinsically  hard,  brittle  ceramics.  It 
is  generally  accepted  that  the  chief  cause  of  strength  degradation  in 
ceramic  materials  with  intially  pristine  surfaces  is  the  presence  of 
small  ‘’flaws,’*  and  yet  scant  attention  has  been  paid  to  the  funda¬ 
mental,  precursor  defects  from  which  these  flaws  generate.  In¬ 
stead,  there  is  a  deeply  rooted  tendency  for  those  involved  in 
strength  analysis  to  disregard  such  potential  “complications/  and 
to  treat  flaws  as  scaled-down  versions  of  large-scale  cracks  subject 
exclusively  to  externally  applied  stresses.  The  results  of  our  study 
indicate  that  this  picture  can  be  highly  ovcrsimplistic.  Not  only 
may  the  response  of  these  flaws  in  external  Helds  be  dominated  by 
the  residual  nucleation  stresses  and  local  crystallographic  con¬ 
straints,  but  the  flaws  themselves  may  exist  in  a  “subthrcshold’* 
state.  In  such  eases  the  mechanics  of  failure  differ  dramatically 
from  those  that  derive  from  the  traditional  “Griffith  microcrack** 
theories/1  We  may  envisage  a  similar  impact  on  the  micro- 
mechanics  of  other,  practically  important,  contact-related  pro¬ 
cesses,  such  as  erosion  by  panicle  impact,  and  wear  by  machining, 
grinding,  and  polishing,  etc.  The  additional  complications  that  will 
inevitably  occur  in  polycrystalline  aluminas  and  other  engineering 
ceramics  remain  a  subject  for  future  investigation. 


It  is  interesting  to  note  that  sapphire  is  not  the  only  material  in  vwhich  indentation- 
induced  cracking  on  other  than  primary  cleavage  planes  is  observed.  In  both  LiF  and 
MgO.  radial  crack  arms  can  be  made  to  extend  relatively  large  distances  alone  {110} 
planes,  even  tliough  it  is  {001 1  which  commute  the  easy  fracture  planes;”  there, 
because  of  the  relative  softness  of  the  material,  the  critical  slip  events  responsible  for 
the  generation  of  the  noncleavage  cracks  are  much  more  readily  apparent 


V.  Conclusions 

For  ihc  indention  of  {1120}  sapphire,  (he  deformation  pro* 
cesses  which  occur  have  been  shown  to  be  sensitive  to  the  often- 
(atum  of  the  indenter  wnh  respect  to  the  crystallography  The 
principal  modes  of  deformation  were  identified  as  basal  (winning, 
and  pyramidal  slip.  The  basal  twin  interfaces  and  pyramidal  slip 
planes  were  observed  to  act  as  nucleation  sues  for  incipient  micro- 
cracks.  Since  these  interfaces  represent  planes  of  weakness  in  the 
structure,  one  can  consider  flaws  as  existing  along  these  bound¬ 
aries  in  a  subthrcshold  state.  The  findings  of  our  studies  on  crack 
nucicatton  processes  suggest  that  the  concept  of  a  “Griffith  micro* 
crack/  which  is  subject  tin  its  mechanical  response)  only  to  ex¬ 
ternal  stress  fields,  may  be  overly  simplistic. 
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Temperature  Dependence  of  Hardness  of 
Alumina-Based  Ceramics 

CHARLES  P  ALfERT.*  HELEN  M  CHaN.*  '  STEFHCN )  BENSISON.*'  AM) 

Brian  R  Lawn* 

Ceramic  i  Divnwa.  Nmk*uI  Hum  mi  »>f  Sumiwdi.  Ganhcobuig.  Maryland  20W 

Hardness  was  measured  as  a  function  of  temperature  (20*  to  IQQQ'Cl  far  several 
Al-Of  ceramics,  including  single-crystal  sapphire  and  poiycrystalhne  aluminas 
containing  different  amounts  of  second  phase.  Hardness  decreased  steadily  with 
increasing  temperature  for  all  materials  tested,  in  accordance  with  a  semi • 
empirical  relation  of  the  form  HmHt(l  ~T/T0I.  This  behavior  conformed  with  a 
thermally  activated  slip  process,  limited  by  Peierls  stresses.  At  lower  tempera • 
lures,  the  hardness  values  for  debased  aluminas  were  less  (smaller  H„)  than  for 
the  pure  materials,  consistent  with  a  reduction  in  shear  modulus  resulting  from 
the  "soft"  phase.  However,  at  higher  temperatures  the  hardness  values  for  all 
the  aluminas  converged  (identical  T*.  i.e„  material-invariant  activation  energy!. 
The  latter  behavior  indicated  that  the  temperature  dependence  of  the  indentation 
deformation  was  controlled  predominantly  by  the  AlyOt  component. 


IN  view  of  the  potential  uk  of  ceramics 
*at  high-temperature  materials.  k  it  per¬ 
haps  remarkable  lhai  to  Jtitlc  it  known 
about  their  "hot  hardness"  properties. 
Studies  by  Westbrook.'  Atkins  and  Tabor.3 
and  Naylor  and  Page'  stand  out  as  impor¬ 
tant,  but  isolated,  contributions.  Particu¬ 
larly  surprising  it  the  lack  of  attention  in 
this  respect  paid  to  AJ-O,,  one  of  the  most 
widely  used  of  all  ceramics.  The  data  that 
do  exist  on  this  material I  U  show  a  gen¬ 
eral  tendency  for  the  hardness  to  decrease 
strongly  with  temperature,  suggesting  some 
activated  process.  However,  there  appar¬ 
ently  has  been  no  attempt  to  compart  data 
for  pure  and  dcbaKd  aluminas,  or  even 
for  single-crystal  and  polycrysta!  alumi¬ 
nas,  to  determine  the  influence  of  micro- 


Conn taurtMC  Entoa— W  X  Cakmm 


Mmwkhw  No,  199)71.  Received  Dwht  It. 
1917;  FtVmtfy  It.  I9tt. 

Stffowat  S>  itx  U.S,  Ak  Foret  OffWt  of  Seita- 
liTie  Rtsttteh. 

‘MtiUrr.  *t  America*  Ceram*  Society, 

•Summer  livdeai  float  Waller  Jokato*  Hinlt 
School.  ReWetda.  MA  NXIU. 

'Oa  knt  float  itw  OtytruMM  of  Mattri-k  Set- 
tact  ami  EatiattriM.  Uhiah  Uaivfniiy,  Reddtiwm. 
PA  ItOIS 

'Uti*|  Motel  No.  QM.  hifli-ltntftfMwt  aticio- 
hardoett  ttutr.  laummcM  Div„  Nikon,  lac.,  Garde* 
City.  NV, 

’Adolph  Mtlloc  Co..  Providence.  XI:  wiftct 
OntMMMM  4*110). 

•Vital.  Coott  Porcelain  Co..  CoMtn.  CO. 

••AD999.  Cooes  Porcelain  Co. 


structure.  Thus,  the  role  of  such  factors  as 
grain-boundary  phaK.  so  critical  to  creep 
properties,  remains  largely  undetermined. 

The  present  work  investigates  the 
temperature  dependence  of  several  Al:0| 
ceramics,  with  the  aim  of  examining  the 
role  of  mkrostnictural  variables. 

Experimental  Procedure 

The  materials  tested  included  single- 
crystal  sapphire  and  nominally  pure  and 
debased  polyerystalline  aluminas.  Table  I 
lists  thcK  materials,  along  with  some  of 
their  essential  properties.  The  second 
phase  in  the  dcbaKd  materials  was  de¬ 
termined  by  Kanning  and  transmission 


electron  mictiucopy  to  he  a  partially  crys¬ 
tallized  alummoMlivMte  glaw.  concentrated 
primarily  m  pocketv  between  the  grains 
t Fig  It 

Before  hardness  testing,  each  sample 
vav  mechanically  polished  to  a  l-ptm  sur¬ 
face  finish.  Hot-hardness  tests'  were  made 
at  10-N  loads  using  a  Vickers  tndentcr  at  a 
constant  penetration  rate  rJflO  fim  si  and 
fixed  dwell  time  c  15  si  ai  maximum  load 
Measurement  were  taken  ai  20Q‘C  inter* 
sals  (o  1000'C  rhomologous  lemperaiure 
T  7>0.55l  under  I  ml'ailfl  "  tom  In¬ 
dentation  half-diagonals  were  measureJ 
from  optical  and  scanning  electron  micro¬ 
graphs  and  converted  to  hardness  values 
using  2a:.  w«h  /'  the  foaJ  and  a  the 
indentation  half-diagonal  Mean  and  stan¬ 
dard  deviations  were  evaluated  from  five 
indentations  per  temperature  setting  per 
material. 

Results 

Figure  2  plots  hardness  as  a  function 
of  temperature  for  the  different  aluminas. 
The  typical  standard  deviation  for  (he 
points  in  this  plot  Is  =3$.  but  error  bars 
are  omitted  to  avoid  data  overlap.  The 
hardness  for  all  materials  decreases  nearly 
linearly  with  temperature.  For  sapphire' 
and  the  nominally  pure  polyerystalline 
aluminas.*'**  the  data  arc  practically 
indistinguishable.  This  indicates  that,  for 
the  range  of  temperatures  studied,  grain 
boundaries  play  no  significant  role  in  de¬ 
termining  hardness.  On  the  other  hand, 
the  data  for  the  debased  aluminas  fall 
below  those  for  the  pure  aluminas.  This  is 
not  inconsistent  with  the  expected  role  of 
a  soft  phase.  However,  the  greatest  differ¬ 
ences  in  values  occur  at  the  lower  tern- 


Tabic  I.  Properties  of  Materials  Used  in  This  Study 


.Mattrul 

Second  ptutc 
worn 

Crain  il/e 
fpmt 

(GPa) 

H. 

tCPal 

Sapphire* 

174 

23.2 

Vista!’ 

0.2 

20 

161 

23.2 

AD999' 

0.2 

3 

138 

23.2 

AD%' 

7 

11 

125 

17.6 

AD90' 

18 

4 

113 

15.8 

•Adolph  Mellor  Co.,  Providence,  Rl.  surface  oncnution  (5l 101  Coots  Force- 
lam  Co  .  GolJcn.  CO 


Fig  1  SEM  of  polished  section  of  debased  (AD^Ol  alumina,  dumine 
pockets  of  aluminosilaate  glass  phase  between  the  Al;0»  grains  Note 
that  the  latter  grains  make  vlose  vontjci  vsith  adjacent  neighbor,  i  e  .  ths. 
A I  O  struct  u  re  i  s  “connected  ’ 
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fit.  2.  Plot  of  Hardness  wwt  wmpcrswt  for  the  alumina  mnMmli 
listed  in  TaWt  I,  Solid  lines  act  linear  fits »  Co.  (2). 


pentures:  Indeed,  the  dau  for  all  material! 
converge  strongly  at  the  upper  end  of  the 
temperature  Kale. 

The  general  Implication  of  these  quali¬ 
tative  observation!  is  that  the  Ktivation 
process  for  the  deformation  is  controlled 
bv  the  same,  primary  component  in  all  the 
materials,  i.c.,  the  AIjO,.  Microscopic 
examination  of  the  surface  regions  around 
the  indentation  sites  revealed  the  extent 
and  density  of  slip  lines  to  be  comparable 
in  the  sapphire  and  the  relatively  coarse¬ 
grained  polycrystalline  alumina1  at  ele¬ 
vated  temperatures  (albeit  confined  within 
the  grains  in  the  latter  material),  suggest¬ 
ing  that  the  availability  of  suitably  ori¬ 
ented  slip  systems  is  no  limiting  factor  in 
the  deformation  process. 

Hardness  as  a  Thermally 
Activated  Sun  Process 

With  these  features  in  mind,  a»i  at¬ 
tempt  was  made  to  reconcile  the  results 
with  theoretical  relations  for  dislocation- 
controlled  strain  rates.  An  earlier  paper* 
argued  that  dislocation  slip  processes  ac¬ 
count  for  the  greater  part  of  the  hardness 
deformation  in  sapphire,  even  at  room 
temperature  (although  the  indentation 
shear  stresses  were  dose  to  the  theoretical 
cohesive  limit  for  the  Al-Oj  structure,  and 
twinning  was  also  active).  More  quantita¬ 
tive  studies’*  of  the  deformation  processes 
in  sapphire  confirmed  the  activity  of  well- 
defined  dislocation  slip  systems;  more¬ 
over.  the  (low  stresses  for  these  systems 
follow  the  same  precipitous  decreases  with 
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KmpcnMurc  thtf  appeir  In  Fig.  2.  Accord* 
ingly,  a  semiempirical  relation  for  dislo¬ 
cation  velocities  for  activation  over  energy 
barriers’  yields 

v-p*  exp  [-(AF«/*r)  (I  -r/Y)]  (I) 

where  fi  is  a  dimensionless  constant,  b  is 
the  Burgers  vector,  a*  is  a  lattice  vibration 
frequency.  is  a  zero-stress  (r«0)  ac¬ 
tivation  energy  for  the  dislocation  motion, 
r  is  the  resolved  shear  stress  on  the  rele¬ 
vant  slip  plane.Y  is  the  theoretical  shear 
strength  of  the  ctystal  (*m-  with  M  (he 
shear  modulus),  it  is  Boltzmann's  con¬ 
stant.  and  T  is  absolute  temperature.  The 
barriers  in  Eq.  (1)  could  be  associated 
with  either  the  intrinsic  lattice  resistance 
or  extrinsic  obstacles.  The  main  feature  of 
this  equation  it  the  appearance  of  a  strong 
stress  term  in  the  activation  exponent. 

Consider  the  conditions  under  which 
the  hardness  tests  were  made.  Recall  that 
the  indenlcr  in  the  present  experiments 
was  loaded  at  a  constant  penetration  rate, 
followed  by  a  fixed  dwell  time.  In  the  ap¬ 
proximation  that  the  bulk  of  the  deforma¬ 
tion  occurred  during  the  initial  penetration 
stage  (i.e..  neglecting  any  additional  de¬ 
formation  that  might  have  occurred  in 
the  dwell  time  after  achieving  maximum 
load),  the  average  steady-state  shear-strain 
rale  in  the  near-contact  field  was  the  same 
for  all  indentations,  regardless  of  material 
or  temperature.  But  for  dislocation- 
controlled  deformation,  the  steady-state 
shear  rate  is  simply  bpv,  where  p  is  the 
dislocation  density.  Surely,  p  will  depend 
on  the  resolved  shear  stress,  r  (notably  at 
the  higher  temperatures),  but  such  a  de¬ 
pendence  will  appear  only  as  a  preexpo¬ 
nential  factor  (usually  power  law*)  in  the 
shear-strain  rate,  and  to  a  first  approxima¬ 


tion  may  be  neglected  compared  to  the  ex¬ 
ponential  dependence  in  Eq,  ( I ).  With  this 
qualification,  v  Is  constant,  finally,  the 
hardness.  H.  will  scale  directly  with  the 
resolved  shear  stress,  r.  Then  Eq.  t  U  may 
be  rearranged  to  give 

//-wji-r/ni  c:i 

where  Y*m  it  the  hardness  at  0  K  and 
Is  the  "softening'*  temperature  at 
which  the  hardness  goes  to  zero. 

The  solid  lines  in  Fig.  2  are  fits  of 
Eq.  (2)  to  the  data.  In  this  fitting,  no  at¬ 
tempt  it  made  to  distinguish  between  the 
single-crystal  and  pure  polycrystal  forms 
of  Al-O).  However,  separate  lines  are 
drawn  through  the  data  for  two  debased 
aluminas.  All  the  data  can  be  fitted  to  a 
common  value  of  7*»»  1350  K.  The  values 
of  Hi,  however,  differ  for  each  curve. 
These  values  art  included  in  Table  I. 

Discussion 

Can  one  attach  any  physical  signifi¬ 
cance  to  the  parameters  obtained  from  the 
data  fits?  First,  it  should  be  emphasized 
*  that  the  “goodness"  of  fit  obtained  in 
Fig.  2  establishes  consistency  with,  but 
not  proof  of.  a  flow  process  controlled  by 
dislocation  motion  over  lattice  barriers. 
There  are  several  variants  of  Eq.  (I).’ 
along  with  the  usual  (empirical)  Arrhenius 
function,  and  most  of  these  fit  equally 
wtll  to  the  d*u« 

The  modeling  indicates  that  the  de¬ 
formation  is  stress  activated.  Moreover, 
the  apparent  constancy  in  7*  (*AF«)  sug¬ 
gests  that  the  activation  energy  is  the  same 
for  all  alumina  materials,  which  in  turn 
suggests  that  it  may  be  slip  in  the  hard, 
primary  AI*Oj  component  that  controls 
the  Ktivation  process.  This  possibility 
differs  somewhat  from  that  advanced  by 
Czernuszka  and  Page*  in  an  earlier 
hardness-temperature  study  of  two  de¬ 
based  aluminas,  that  suggested  that  the 
sharp  falloff  in  hardness  with  increasing 
temperature  might  result  in  part  from 
a  softening  of  the  second  phase.  However, 
those  workers  made  no  attempt  to  com¬ 
pare  their  results  with  controls  contain¬ 
ing  no  second  phases.  Also,  the  estimated 
softening  temperature  of  the  class  in  the 
alumina  materials  used  here,'  "  "■900'C 
(from  yiscosity  data  for  aluminosilicate 
glass1*),  suggests  that  the  second  phases 
may  retain  much  of  their  load-bearing 
capacity  at  intermediate  temperatures. 
Furthermore,  it  appears  from  Fig.  I  that, 
despite  the  presence  of  the  glassy  pockets, 
the  Al-O)  grains  in  the  debased  struc¬ 
tures  maintain  close  contact  with  their 
neighbors;  i.e..  the  alumina  structure  re¬ 
mains  effectively  "connected."  In  this 
latter  context,  the  indentation  Held  con¬ 
tains  a  large  hydrostatic-stress  component 
that  would  help  to  enhance  such  intergran¬ 
ular  contact. 

This  picture  of  a  connected  alu¬ 
mina  structure  is  also  consistent  with  the 
"athermal"  element  of  the  hardness 
behavior.  The  shear  modulus  for  such  a 
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structure  would  be  expected  to  diminish 
systematically  with  increasing  glass  con¬ 
tent.  in  accordance  with  some  law  of 
mixtures.  The  reduction  in  Ha  l*M)  with 
Increasing  glass  content  tTable  II  might 
thus  be  interpreted  as  a  reduction  in  ca¬ 
pacity  for  the  structure  to  withstand  shear 
loading:  W#  indeed  appears  to  scale  ap¬ 
proximately  with  the  measured  shear 
modulus  listed  in  Table  I. 

From  these  observations,  soft  phases 
(at  least  at  the  levels  considered  in  the 
present  work!  may  not  always  be  unduly 
deleterious  to  the  load-sustaining  capacity 
of  ceramics  at  moderate  temperatures  (to 
IOOO*C).  particularly  if  the  loading  has  a 
large  compressive  component  (c.g..  as  in 
the  contact  events  responsible  for  erosion 
and  wear).  This  insensitivity  to  composi¬ 


tion  directly  contrast!,  to  creep  properties 
at  higher  temperatures. 
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Crack-interface  tractions  hav«  bean  identified  as  a  source  of  increasing  resistance 
to  Iracture  with  crack  extension,  or  rising  fl-curve  behavior,  in  previous  studies  on 
coarse-grained  alumina.  Real  time,  in  situ,  microscopy  observations  are  used  in  the 
present  study  to  investigate  the  generality  o(  crack-interface  tractions  as  a  crack- 
resistance  mechanism  in  three  alumina  and  three  glass-ceramics  with  varying 
R-curve  characteristics.  Interface  tractions  are  found  to  operate  to  varying  degrees 
in  each  material.  Observed  sources  of  interface  traction  include:  (1)  frictional  or 
geometrical  interlocking  of  microstructurally  rough  fracture  surfaces  and  (2) 
ligamentary  bridging  by  intact  islands  of  material  left  behind  the  advancing  fracture 
front.  Ligamentary-bridge  formation  Is  compared  with  the  development  of  twist 
hackle,  inclusiomwake  hackle  and  cleavage  hackle  in  simple  material  systems.  Both 
sources  of  interface  traction  remain  active  as  far  as  100  particle  dimensions  behind 
the  primary  crack  tip  and,  with  sufficient  crack-opening  displacement,  are  eventually 
overcome  by  interface-localized  microfracturing.  Simple  analytical  fracture  mechan¬ 
ics  concepts  are  used  to  assess  the  influence  of  interface  tractions  on  macroscopic 
fracture  behavior.  Because  of  the  observed  crack-history  dependence  of  the 
interface-traction  crack-tip  shielding,  it  is  suggested  that  neither  fl-curve  behavior 
nor  applied -KVsubcritical  crack  velocity  relationships  are  unique  properties  of  these 
and  similar  materials. 


Our  understanding  of  fracture  micromcchanisms  in  brittle  polycrystals  has 
recently  been  advanced  through  elementary  studies  of  the  fracture-extension 
process  using  real  time  in  situ  microscopy  techniques.,',  These  studies  have 
demonstrated  that,  although  our  understanding  of  the  basic  phenomenology  of 
fracture  in  these  materials  is  still  in  its  infancy,  there  is  great  potential  for  effective 
engineering  design  of  fracture  properties  through  elucidation  of  the  various  roles 
that  a  material's  microstructure  plays  in  providing  resistance  to  fracture.  An 
important  characteristic  of  macroscopic  fracture  serving  to  focus  attention  on 
fracture  micromechanisms  is  the  crack-length-dependent  toughness  observed  in 
certain  polycrvstalline  ceramics.  Of  greatest  interest  are  materials  exhibiting 
increasing  resistance  to  fracture  with  crack  extension  or  rising  /{-curve  behav¬ 
ior.4*6 


'Now  with  U.S.  Bureau  ol  Mines.  Denver  Federal  Center,  Denver,  CO  80225. 
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Fig.  1.  Diffuse  microcrack  zone  predicted  by  microcrack-toughening 
models  incorporating  a  critical-principal-tensile  microcracking  stress, 


Rising  /(-curves  imply  that  a  material  has  an  increased  tolerance  of  cracks  and 
flaws.  As  critical  flaws  in  ceramics  are  generally  very  small  and  very  difficult  to 
detect  using  nondestructive  testing  techniques,  the  benefits  of  sustaining  larger 
flaws  before  reaching  critical  failure  conditions  are  obvious.  Thus,  a  fundamental 
understanding  of  (he  mechanisms  by  which  a  material  resists  fracture  is  cpicial  to 
the  development  of  strong  flaw-tolerant  ceramics. 

Numerous  mechanisms  have  been  suggested  to  be  responsible  for  /(-curve 
behavior  in  single-phase,  nontransforming  ceramics,  particularly  frontal-tone 
micrccracking  (Fig.  1).  This  commonly  cited  toughening  mechat.'ism  was  specif¬ 
ically  tested  for  its  applicability  to  alumina  ceramics  in  a  recent  microscopy 
study.2  No  distributed  microcracking  ahead  of  the  primary  fracture  lip  was 
observed  with  either  optical  reflection/transmission  microscopy  or  diamond-stylus 
surface  profilometry.2 

While  failure  to  find  experimental  evidence  for  distributed  microcracking 
cannot  be  used  as  direct  evidence  of  its  nonexistence,  these  studies  have 
demonstrated  that  another  mechanism  is  active  which  provides  a  reasonable 
explanation  for  a  variety  of  macroscopic  fracture  phenomena,  including  /f-curve 
behavior.  It  is  a  mechanism  of  restraining  forces  acting  across  the  nascent  fracture 
interface  which  shields  the  primary  crack  tip  from  high  levels  of  stress.  The  effect 
is  similar  to  the  action  of  fibers  in  fiber-reinforced  composites;  as  a  crack  extends 
through  the  matrix  of  the  composite,  the  increasing  restraining  effect  of  the  Fibers 
must  be  overcome  for  continued  propagation.  Figure  2  schematically  illustrates 
two  sources  of  restraining  force,  or  crack-interface  traction,  observed  in 
polycrystalline  alumina2  and  multi-phase  crystalline  rocks.7  They  are:  (I)  geo¬ 
metrical  or  frictional  interlocking  of  topographically-rough  fracture  surfaces  and 
(2)  ligamentary  bridging  by  intact  "islands"  of  material  left  behind  the  advancing 
fracture  front. 

Secondary  microcracking  was,  in  fact,  observed  in  the  microscopy  experi¬ 
ments.2-7  It  is  important  to  note,  however,  that  it  did  not  occur  by  (he 
critical-principal-tensile-stress  mechanism  (Fig.  I).  Instead,  microcracking  oc¬ 
curred  behind  the  visibly-defined  primary  crack  tip  at  positions  where  tractions 
were  transmitted  across  (he  fracture  interface.  Interface-localized  microcracking, 
including  both  friction-induced  microcracking  and  localized  inicrocrack  rupture  of 
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(I)  FRICTIONAL  INTERLOCKING 


(II)  GRAIN  BRIDGING 

(INTACT-UAMAIAl  ‘IllANOt*  urt 
•  (MIND  ADVANClNO  f AACTUAI  MONTI 


Fig.  2.  Sources  of  crack-interface  traction  observed  in  coarse-grained 
alumina  (3)  and  multi-phase  crystalline  rocks  (7). 


the  intact  ligamentary  bridges,  served  as  a  mechanism  for  overcoming  the 
crack-plane  tractions. 

The  energetic  importance  of  the  interface-traction  shielding  "activity”  was 
first  demonstrated  directly  in  /{-curve  experiments  on  alumina  by  Knehans  and 
Stcinbrech.*  They  measured  as  much  as  a  four-fold  increase  in  the  energy  required 
for  crack  extension  after  propagation  distances  of  only  a  few  hundred  microme¬ 
ters.  By  removing  the  traction-supporting  interface  with  careful  sawcutting,  they 
showed  that  the  rising  /{-curve  is  reduced  to  original  (short-crack)  levels  of 
fracture  energy.  Contributions  to  the  fracture  energy  from  a  frontal  microcrack 
cloud  were  riot  needed  to  explain  the  increasing  resistance  to  fracture  with  crack 
extension.  In  the  final  energy-budget  analysis,  the  increased  resistance  to  fracture 
can  largely  be  traced  to'  the  increase  in  secondary  microcrack  surface  area.  The 
multiple,  interface-related  microcracks  often  occur  along  transgranular  fracture 
paths  thus  providing  an  intrinsically  high-energy  source  of  fracture-surface 
energy.*1  Additional  fracture  energy  may  be  consumed  through  other  friction- 
related  dissipative  mechanisms. 

In  the  present  paper,  photo-documentation  of  real  time  in  situ  microscopic 
observations  of  tensile-fracture  propagation  in  several  different  alumina  and 
glass-ceramics  is  presented.  The  generality  of  the  interlace-traction  crack- 
resistance  mechanism  in  these  materials  is  explored,  suggestions  as  to  the 
conditions  which  lead  to  interface-traction  formation  are  offered,  and  the  conse¬ 
quences  of  their  action  on  macroscopic  fracture  behavior  through  a  generic 
interlace-traction  fracture  model  are  considered. 
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Fig.  3.  Wedge-loaded  double-cantilever  beam  (WIDCB)  geometry  used 
in  real-time  observations  of  fracture;  (a)  plan  view,  (b)  side  view. 


Exp*.1m*nt«l  Technique 

Mode-1  fractures  were  propagated  in  small  wedge-loaded  double  cantilever 
beam  (WLDCB)  specimens  of  polycrystalline  alumina  (nominal  grain  size  3  pm 
(AD999*),  6  pm  (FF*).  and  80  pm  (VI*))  and  glass  ceramics  (5-pm  cordierite 
laths  (PC*).  8-jr.m  mica  platelets  (MA1).  and  15  to  30  urn  lithium-alumino-silicate 
platelets  (SL3  )  dispersed  in  glass  matrices).  Both  tapered  WLDCB  specimens 
(2-mm  thick.  1'2-mm  per  side  equilateral  triangles  (Fig.  3))  and  rectangular 
WLDCB  specimens  (1.5  by  5  by  12  mm)  were  employed." 

Crack  velocities  ranged  between  approximately  I0"J  and  I0“9  m/s  in  both  air 
and  vacuum  (I0~7  torr)  environments.  Observations  were  made  through  an  optical 
microscope  (Fig.  3)  equipped  with  Nomarski  interference  contrast  capability  and 
a  scanning  electron  microscope.  Specimens  wets  polished  with  successively  finer 
diamond  grit  sizes  down  to  1  pm.  followed  by  0.3  pm  alumina  powder.  The  SEM 
specimens  were  given  a  light  coating  of  gold.  The  optical  microscope  specimens 
were  left  uncoated  to  preserve  optical  transmissibility. 

Precracks  were  initiated  from  130-pm-wide  starter  notches  by  direct  wedge 
loading  in  air.  Load  was  supplied  via  a  60°  screw-driven,  carbide-tipped,  tool-steel 
wedge.  Crack-guide  grooves  were  not  employed. 

After  each  load  increment,  subcritical  crack  extension  was  monitored  through 
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the  microscope  until  ihc  crack  velocity  dropped  below  approximately  l()*K  m/s.  A 
mosaic  of  micrographs  was  obtained  while  the  sample  remained  under  load  and 
then  the  sequence  was  repeated.  Samples  were  mx  unloaded  at  any  time  during  the 
tests.  Crack  propagation  direction  was  from  left  to  right  in  each  micrograph. 

Result* 

Osnsrst  ObssrvaMon* 

As  is  commonly  observed  in  many  brittle  polycrystalline  systems,  fractures 
display  a  general  tendency  to  deflect  along  appr<  iately-oriented  low-fracture- 
energy  particle  boundaries.  Extension  along  these  boundaries  (as  well  as 
transgranular  segments)  occurs  in  discrete  jumps,  with  the  extension-increment 
length  closely  related  to  the  size  of  the  constituent  panicles.  The  increments  are 
quantized  not  only  in  the  direction  of  macrocrack  propagation  but  also  laterally 
along  the  length  of  the  crack  front.  Consumption  of  fracture  energy  is  not. 
therefore,  necessarily  accompanied  by  visible  crack  extension  on  the  surface. 

While  the  overall  macrocrack  velocity  was  in  the  range  of  10"*  to  I0"*  m/s. 
the  speed  with  which  the  individual  increments  advanced  varied.  In  the  large¬ 
grained  alumina,  the  discrete-increment  speed  was  usually  much  faster  than  the 
eye  could  follow  (il0_>  m/s  at  200 x).  It  thus  appeared  as  if  the  macrocrack 
growth  rate  was  limited,  not  by  propagation  over  individual  increments,  but  by 
initiation  of  the  increments.  Exceptions  to  this  were  observed  at  very  low 
velocities  where  the  increment  speed  occasionally  approached  the  average 
velocity. 

Crack  extension  also  was  discontinuous  in  the  glass-ceramics;  however, 
compared  to  the  aluminas,  the  discrete-increment  velocity  more  closely  approxi¬ 
mated  the  overall  average  velocity. 

No  evidence  of  a  diffuse  frontal-zone  microcrack  cloud  surrounding  the 
primary  fracture  tip  was  observed  in  any  of  the  crack  growth  experiments. 
Crack-interface  tractions,  however,  were  observed  to  some  degree  in  all  of  the 
materials  investigated.  Due  to  the  difficulty  in  viewing  three-dimensional  fracture 
structure  from  a  two-dimensional  surface  perspective,  separation  of  the  interface- 
traction  sources  into  the  two  categories  shown  in  Fig.  2  was  not  always  possible. 
Since  many  of  the  materials  studied  range  from  transparent  to  partially  translucent, 
it  was  possible  to  resolve  some  three-dimensional  crack  structure  in  transmitted 
light.  However,  both  the  limited  depth-of-field  available  at  high  magnification  and 
scattering  from  both  rough  fracture  surfaces  and  related  interface  microcracking 
make  positive  differentiation  between  the  two  sources  difficult.  It  is  relatively 
simple,  though,  to  detect  interface  “activity"  without  specifying  the  exact  nature 
of  the  traction  source. 

Intsrfac*  Tractions 

Figure  4  illustrates  a  relatively  clear  example  of  how  geometrical  interlocking 
leads  to  interface-localized  microcracking  in  the  coarse-grained  (VI)  alumina. 
Frictional  resistance  to  the  shearing  components  of  local  crack-opening  displace¬ 
ment  (modes  -II  and  -III)  provides  the  tensile  (or  mixed-mode)  driving  force  for 
the  reverse-propagating  secondary  microcrack.  Friction-driven  extension  of  the 
microcrack  in  Fig.  4  persists  even  though  the  macrofracture  has  traversed  the 
entire  specimen  length  (boundary  of  specimen  is  I  mm  to  the  right  of  the 
secondary-crack  site).  Continued  loading  of  the  "failed"  sample  resulted  in 
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Fig.  4.  Interface-localized  microcrack  produced  in  coarse-grained 
alumina  (VI)  by  frictional  resistance  to  separation  of  interlocking  fracture 
surfaces. 


complete  detachment  of  the  contacting  asperity  to  produce  a  loose  panicle  of 
specimen  debris.  In  general,  the  amount  of  debris  along  the  fracture  interface  of 
cracked  specimens  decreases  as  the  crack  tip  is  approached. 

The  evolutionary  process  of  bridge  formation  and  rupture  in  the  coarse¬ 
grained  alumina  is  shown  in  Fig.  5.  This  sequence  of  photos  shows  the  same  field 
of  view  at  three  different  stages  of  loading.  The  distances  between  the  primary 
crack  tip  and  bridge  site  in  Fig.  5(a)  through  (c)  are  approximately  0.4.  0.7.  and 
4.7  mm.  respectively.  (Interface  tractions  were  observed  to  remain  active  for 
several  millimeters  behind  the  crack  tip  in  this  particular  material.)  In  general, 
bridging  segments  encompass  a  single  grain  or  small  groups  of  grains  (exceptions 
are  later  noted).  In  the  example  of  Fig.  5.  predominantly  grain-boundary  crack 
segments  initially  overlap  around  several  grains  to  form  the  intact  “island"  or 
ligamentary  bridge  of  material.  Subsurface  viewing  shows  that  the  apparently 
isolated  surface-crack  traces  actually  connect  at  depth.  With  further  loading  (Fig. 
5(b)),  both  the  amount  of  crack  overlap  and  the  amount  of  secondary  microcrack¬ 
ing  within  the  span  of  bridging  material  increase.  Eventually,  the  final  fracture 
surface  (Fig.  5(c))  takes  a  completely  different,  often  transgranular.  rupture  path 
through  the  bridging  segment.  Ruptured  bridges  sometimes  produce  complex 
interlocking  fracture  surfaces  which  subsequently  undergo  additional  microcrack 
damage  and  specimen-debris  production  by  frictional-interlocking  tractions  (e.g.. 
Fig.  4). 

As  Figs.  4  and  5  illustrate,  standard  optical  reflection  microscopy  techniques 
are  sufficient  to  study  the  structural  evolution  of  fractures  in  medium-to-large- 
grained  materials.  In  the  finer-grained  aluminas  (Fig.  6).  resolving  crack  structure 
is  difficult.  Even  simple  determination  of  the  crack-tip  location  in  reflected  light 
(upper  photo)  is  difficult.  However,  by  illuminating  the  translucent  sample  with  a 
spot  source  of  light  placed  adjacent  to  the  fracture  trace  and  viewing  with  crossed 
polars.  the  light  scattered  from  the  fracture  interface  throughout  the  near- 
subsurface  region  provides  an  estimate  of  both  (he  crack-tip  location  and 
traction-zone  length.  In  the  two  fine-grained  alumina  materials  (AD999  and  FF). 
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Fig.  5.  Ligamentary-bridge  formation  and  rupture  in  alumina  (VI).  This 
single  bridge  site  is  0.4  (a),  0.7  (b)  and  4.7  mm  (c)  behind  the  advancing 
crack  tip. 


a  gradual  transition  in  the  light  transmissionsreflcction  characteristics  was  ob¬ 
served  as  the  illumination  source  was  translated  parallel  to  the  fracture  trace. 
When  positioned  well  ahead  of  the  crack  tip,  there  was  maximum  light  transmis¬ 
sion.  When  the  light  source  was  placed  adjacent  to  welt  formed  segments  of  the 
fracture,  (here  was  maximum  reflection.  The  transition  between  these  extremes 
extended  over  100  to  ISO  pm  for  both  fine-grained  aluminas  (3  and  S  pm  grain 
size).  Similar  side-scan  illumination  measurements  on  glass  show  an  abrupt 
transition  between  maximum  reflection  and  maximum  transmission.  The  transi¬ 
tion  zones  in  the  polycrystals  therefore  are  interpreted  as  representing  a  measure 
of  the  interface-traction-zone  length.  Since  both  traction  sources  (Fig.  2)  allow 
partial  transmission  of  light,  it  was  not  possible  to  distinguish  between  the  two 
using  this  technique.  , 

Greater  detail  of  fracture-trace  features  is  available  in  in  situ  SEM  experi¬ 
ments.  Unfortunately,  two  significant  advantages  are  lost.  First,  subsurface 
observations  in  optically  translucent  materials  are  no  lonpr  possible.  Secondly, 
the  applied  stress-intensity  range  over  which  moisture-enhanced  slow  crack 
growth  takes  place  is  reduced  in  the  SEM  vacuum.  This  makes  controlled  crack 
growth  experiments  more  difficult  to  perform.  One  unanticipated  advantage  of  the 
SEM  technique  is  related  to  the  need  to  provide  a  conductive  coating  on  poor 
electrical  conductors.  When  the  crack  breaks  through  the  gold  surface  coating,  the 
poorly  conducting  ceramic  interior  is  partly  exposed  to  the  electron  beam  causing 
charging.  Intact-material  bridges,  on  the  other  hand,  remain  coated  and  relatively 
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Fig.  6.  Reflected  light  (top  photo)  end  side-seen  illumination  (bottom 
photo)  ol  frecture  in  fine-grained  elumina  (FF).  Greduel  transition 
(100-150  pm)  from  meximum  to  minimum  light  transmission  gives 
indication  ol  interlace-traction  zone  lengths. 


Fig.  7.  SEM  micrograph  ol  intact  interfacial  ligaments  left  behind 
advancing  fracture  front  in  cordierite  glass-ceramic  (PC). 


dark,  and  therefore  readily  recognizable.  Several  examples  of  ligamentary  bridges 
observed  in  an  experiment  on  the  cordierite  glass-ceramic  are  shown  in  Fig.  7. 
Similar  interface  traction  activity,  including  friction-induced  microcruck  damage 
and  particle-debris  production,  also  was  observed  to  varying  degrees  in  the  other 
glass  ceramics.  Ligamentary  bridges  encompassing  many  particles  (Fig.  8) 
occasionally  persisted  for  up  to  a  millimeter  behind  the  advancing  crack  tip  in 
these  materials. 
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Fig.  8.  Large  ligamentary  bridges  left  1  mm  behind  crack  tip  during 
fracture  of  glass-ceramic  (PC)  in  the  SEM. 


Interface-Traction  Formation 

Contained  within  the  morphology  of  a  fracture  surface  is  the  convolution  of 
the  spatial  variation  in  resistance  to  fracture  and  the  stress  state  present  during  the 
fracturing  process.  This  fundamental  tenet  of  fractography  holds  whether  one  is 
investigating  fracture  on  the  scale  of  single  crystals,  planetary  bodies,  or 
centimeter-size  structural-ceramic  components.  In  consideration  of  the  sequence 
of  events  leading  to  interface-traction  formation,  our  scale  of  interest  lies  within 
the  Kale  of  the  microstmcture.  At  this  Kale,  the  resistance  to  fracture  and  the 
stress  field  are  not  simply  deKribable  in  continuum  terms;  both  quantities  vary 
considerably  as  a  function  of  position  resulting  in  significant  deflection  of  the 
crack  tip  on  this  microstructural  Kale.  Although  geometrical  shielding  by  crack 
deflection  is  considered  a  source  of  toughening  by  itself,9  it  does  not  account  for 
the  long  range  nature  of  rising  /{-curves  observed  in  large  crack-fracture 
mechanics  tests.1  We  emphasize  instead,  in  the  following  diKussion  and  presen¬ 
tation  of  additional  supportive  obKrvations.  the  role  that  local  crack-tip  deflection 
plays  in  developing  conditions  leading  to  both  fracture-surface  interlocking  and 
grain-Kale  ligamentary  bridging. 

Geometrical  Interiecfcirtg 

Substantial  crack  deflection,  as  idealized  to  an  extreme  in  Fig.  2(a).  is 
essential  for  developing  interlocking  fracture  surfaces.  Note  how  the  degree  of 
interlocking,  for  constant  fracture  surface  roughness,  depends  Knsitively  on  the 
long  wavelength  curvature  of  the  crack-opening  profile.  Simple  translation  of 
these  rough  mating  surfaces  in  the  direction  of  the  crack-plane  normal  (Fig.  2(a)) 
does  not  lead  to  mechanical  interference  as  does  rotation  about  the  crack  tip  or 
crack  opening  Kcompanied  by  finite  curvature.  This  observation  suggests  a 
.sensitivity  of  This  crack-resistance  mechanism  to  fracture-test  geometry  (diKussed 
more  fully  in  the  next  section). 

Several  other  factors  which  may  act  to  impede  fracture  surface  separation 
include:  ( I )  the  locally  heterogeneous  nature  of  clastic  strain  on  the  grain  scale:  (2) 
inhomogeneous  shape  and  volume  changes  associated  with  localized  release  of 
residual  thcrmoelaslic/elastic  strain:  (3)  inelastic  deformation:  and  (4)  the  block- 


Fig.  9.  Interaction  between  fracture  and  large  pore  in  alumina  (VI)  leads 
to  strong  crack  deflection  and  subsequent  Interface  damage:  (a) 
reflected-light  micrograph  of  crack  trace  and  tip  of  pore  on  surface,  (b) 
transmitted-light  view  of  (a),  (c)  transmitted-light  view  40  fim  below 
surface,  (d)  interface  damage  and  debris  production  produced  after  one 
additional  mm  of  propagation  (reflected  light). 


age,  by  trapped  specimen  debris,  of  local  fracture-interface  segments  undergoing 
shear  displacement. 

Crack-tip  deflection  is  not  restricted  to  the  scale  of  individual  panicles.  If  the 
macrofracture  "feels"  the  influence' of  microstructural  features  of  larger  scale 
(e.g..  clustering  of  ceramic  panicles  in  the  glass-ceramics)  or  distributed  features 
of  low  volume-fraction  (e.g. .  dispersions  of  second-phase  inclusions  or  processing 
defects),  crack  deflection  may  occur  on  a  larger  scale.  An  example  of  crack/ 
microstructure  interaction  and  deflection  on  a  scale  larger  than  individual  panicles 
is  shown  in  Fig.  9.  The  upper  reflection  micrograph  (a)  shows  a  fracture  surface 
trace  in  the  coarse-grained  alumina.  This  panicular  alumina  contains  a  low- volume- 
density  dispersion  of  large  pore-like  processing  defects  up  to  100  p.m.  The  lip  of 
one  of  the  preexisting  volume  defects  intersects  the  sample  surface  approximately 
80  p.m  away  from  the  trace  of  the  arrested  fracture  tip  (Fig.  9(a)).  Figure  9(b) 
shows  the  same  field  of  view  in  transmitted  light.  By  focussing  40  p.m  below  the 
sample  surface  (Fig.  9(c)).  one  sees  an  abrupt  localized  deflection  of  the  crack  into 
the  main  body  of  the  approximately  50-pm  wide  defect.  Upon  intersecting  the 
massless  pore,  the  effective  fracture-tip  deflection  has  instantly  increased  to  a 
150-p.m-wide  lateral  excursion,  leading  to  a  signficant  perturbation  in  the  fracture 
surface  topography.  Figure  9 ul)  illustrates  the  ultimate  result  of  this  fracture-path 
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Fig.  10.  Development  ol  twist-hackle  fracture  markings  by  addition  of 
mode-ill  load  to  Initial  tensile  fracture  (after  10-12). 


deviation  in  a  reflection  micrograph  of  the  surface  after  several  additional 
primary-crack  extension  increments.  The  extensive  interface  damage  occurred 
when  the  fracture  tip  was  located  I  mm  to  (he  right  of  the  local  deflection  site. 

By  all  outward  appearances,  the  interface  damage  was  associated  with 
geometrical  interlocking  and  subsequent  friction-induced  debris  production.  How¬ 
ever,  as  mentioned  earlier,  it  was  not  always  possible  to  differentiate  between  the 
two  traction  sources  with  complete  certainty.  Nevertheless,  it  is  quite  apparent  that 
localized  deflection  associat'd  with  cracldmicrostructure-interaction  can  lead  to 
significant  interface  damage  and  additional  consumption  of  fracture  energy  over 
and  above  simple  geometrical-deflection  (apparent)  toughening. 

Ugwnantary  Bridge  Formation 

The  brittle-materials  fractography  literature  contains  few  references  to 
morphological  features  associated  with  frictional  interlocking.  There  are,  how¬ 
ever,  many  references  to  the  concept  of  ligamentary  bridging.  In  the  following,  we 
contrast  examples  of  ligamentary  bridge  formation  found  in  simple  materials,  such 
as  glass,  with  examples  found  in  the  relatively  complex  materials  of  the  present 
work.  Using  these  comparisons,  we  argue  that  no  new  mechanisms  are  needed  to 
explain  ligamentary  bridge  formation  in  the  polycrystals.  The  mechanisms 
previously  identified  in  postmortem  studies  of  simple  material  systems  are  still 
active  in  the  polycrystals;  they  are  only  more  difficult  to  recognize  because  of  the 
complexity  of  the  fracture  morphology. 

Table  I  lists  several  fracture-surface  markings  (hackle)  associated  with 
ligamenlary-bridge  formation  and  rupture  in  simple  material  systems.  (We  exclude 
from  consideration  hackle  markings  defined  by  the  special  dynamic-fracture 
sequence  of  mirror,  mist,  and  hackle.)  The  best  known  fracture  marking 
characteristic  of  applied-stress-induced  ligamentary-bridge  formation  is  "(wist 
hackle.’’10-12  This  distinctive  fracture  morphology  (Fig.  10)  is  produced  when  an 
initially  tensile  fracture  is  split  into  parallel,  offset,  finger-like  cracks  upon 
encountering  a  component  of  macroscopic  antiplane  (modc-IIl)  shear  stress.  The 
echelon  array  of  segmented  cracks  is  held  together  by  adjoining  intact  ligaments 
which  trail  behind  the  advancing  fracture  front  and  provide  an  increase  in  the 
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TABLE  t:  LIGAMENTARY-BRIDGE  FORMATION 
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resistance  io  fracture.  Upon  complete  separation  .the  resultant  fracture  surface 
markings,  or  traces  of  twist-hackle  steps,  are  parallel  to  the  direction  of  crack 
propagation.  The  markings  are  so  named  because  the  fracture,  upon  encountering 
the  macroscopic  mixed-mode  stress  field  (generally  a  combination  of  modes  -I. 
-II.  and  -III),  “twists''  into  an  orientation  perpendicular  to  the  new  principal 
tensile  stress  direction. 

Examples  of  twist-hackle  markings  are  found  on  a  variety  of  scales,  from  the 
surfaces  of  secondary  (and  lesser)  twist-hackle-step  markings  on  ruptured  ligament¬ 
ary  bridges  in  laboratory  samples  of  glass10  to  kilometer-scale  fractures  in  rock 
formations  of  Earth's  crust.  As  a  corresponding  example  in  the  present 
investigation.  Fig.  II  illustrates  macroscopic  crack-plane  segmentation  in  a 
WLDCB  specimen  of  fine-grained  alumina  initially  subjected  to  a  complex 
mixed-mode  stress  field.  The  exact  combination  of  mixed-mode  loads  in  this 
prcdominantly-tensile  fracture  experiment  is  not  known;  the  nonuniformity  re¬ 
sulted  from  loading  with  a  damaged  wedge  surface.  Note  the  consistent  left¬ 
stepping  of  the  crack  traces  in  this  example  (crack  tip  is  5  mm  to  the  right  of 
bridging  site).  The  consistency  indicates  that  the  source  volume  of  the  mixed¬ 
mode  loading  was  at  least  as  large  as  the  volume  encompassing  the  segmented- 
crack  array;  i.c..  it  indicates  the  remotely  applied  nature  of  the  mixed-mode  field 
in  the  example  of  Fig.  II. 

With  uniform  applied  load,  both  left-stepping  and  right-stepping  individual 
ligamentary  bridges  were  observed  (Figs.  5-7).  The  size  of  the  ligaments  ranged 
from  the  subgrain  to  the  multigrain  scale.  Bridges  of  microstructural  particle 
groups,  because  of  their  large  size,  often  survive  greater  crack-opening  displace¬ 
ment  than  smaller  bridging  sites  and  hence  remain  intact  for  greater  distances 
behind  the  advancing  crack  lip.  This  makes  them  easier  to  detect  than  their 
smaller,  mere  numerous,  counterparts  closer  to  the  crack  tip. 

After  observing  several  multigrain  ligamentary  bridges  (comprising  tens  of 
grains)  form  and  rupture  in  one  ol  the  fine-grained  alumina  (FF)  specimens  using 
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Fig.  11.  Crack-plane  segmentation  in  fine-grained  alumina  (FF) 
subjected  to  unintentional,  but  repeatable,  macroscopic  mixed-mode 
loading.  Consistent  left-stepping  crack  traces  interpreted  as  twist-hackle 
fingers  locally  propagating  normal  to  sample  surface. 


optical  microscopy,  the  fractured  surfaces  were  examined  by  SEM.  The  large 
bridging  sites  left  either  a  strong  localized  depression  or  a  protrusion  in  the  fracture 
surface  topography  and  were  often  associated  with  loosened  specimen  debris  (Fig. 
12).  In  addition,  anomalously  lar^e  fractured  grains  of  alumina  and/or  spinel  were 
found  near  most  of  the  large  bridging  sites,  but  these  did  not,  in  the  examples  of 
Fig.  12,  actually  serve  as  the  ligaments  themselves.  A  systematic  relationship 
between  anomalous-particle  position  and  ligament  geometry  has  not  yet  been 
established.  At  this  time  only  their  close  spatial  proximity  and  similar  size  arc 
noted.  The  preliminary  interpretation  of  these  observations  is  (hat  the  bridging 
ligaments  formed  as  a  result  of  local  mixed-mode  interaction  (in  particular. 
modes-I  and  -III)  between  the  stress  field  of  the  advancing  fracture  and  the  nearby 
anomalous  heterogeneity  in  the  microstructure.  For  bridging  to  occur  in  this 
fashion,  the  mixed-mode  field  must  maintain  continuity  over  a  volume  at  least  as 
large  as  the  (initial)  ligamentary  bridge. 

Another  example  of  mixed-mode — stress-induced  disruption  of  the  crack 
plane  leading  to  interface  traction  was  twice  observed  when  a  fracture  in  the 
coarse-grained  alumina  propagated  between  two  large,  closely  spaced  processing 
defects  without  actually  intersecting  them  (Fig.  1 1  in  Ref.  !3).  As  these  events 
were  observed  in  the  interior  of  the  specimen,  the  3-dimensional  details  of  the 
disruption  which  led  to  the  interface  traction  activity  arc  not  clear.  What  is 
apparent  from  these  observations  is  the  close  association  of  the  initial  stress-field 
interaction  between  the  primary  crack  tip  and  a  microstructural  element  exhibiting 
an  unusual  stress  boundary  condition  (large  pore  or  anomalous  grain)  and 
subsequent  crack-interface  traction  activity. 

Bridging  ligaments  in  the  glass-ceramics  also  were  occasionally  observed  to 
span  a  volume  considerably  in  excess  of  a  single  microstructural  particle  (Fig.  8). 
Anomalously  large  crystalline  particles  were  not  evident  in  the  microstructure  as 
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Pig.  12.  SEM  micrographs  of  alumina  fracture  surface  (FF)  in  vicinity  of 
large  individual  bridging  sites  (polished  surfaces  at  top  of  figures).  Initial 
ligamentary  bridge  in  (a)  is  marked  by  debris  fragment  consisting  of 
approximately  ten  grains.  Partial  ligamentary  bridge  (b)  left  as  debris 
fragment  in  local  depression.  Note  anomalously  large  fractured  grains 
(alumina/spinel)  near  bridging  sites. 


observed  in  the  alumina.  It  is  conceivable,  though,  that  local  inhomogeneous 
mixing  of  the  crystalline  particles  provides  a  larger-scalc  structure  that  plays  some 
rote  in  developing  large  bridges. 

Other  large-to>intermediate  ligaments  in  the  glass-ceramics  were  observed  to 
form  during,  or  immediately  after,  the  incrementing  of  the  load,  usually  following 
long  periods  (hours  to  days)  of  sustained  subcritical  crack  growth  (also  observed 
to  a  lesser  extent  on  the  grain  scale  in  the  aluminas).  Although  possibly 
attributable  to  subtle  differences  in  the  applied  stress  field  experienced  by  a  crack 
propagating  under  fixed-grip  (fixed-displacement)  vs  increasing-load  conditions, 
the  consistency  of  crack  stepping  expected  with  such  load  adjustment  was  not 
observed.  Of  potential  importance  in  explaining  this  observation  is  the  shear  stress 
contributed  to  the  crack  tip  field  by  the  nearby  interface  tractions.  Although 
macroscopically  the  net  mode-ll  and  -111  fields  average  to  zero,  the  traction 
sources  close  to  the  crack  tip  provide  strong  contributions  to  all  three  fundamental 
displacement  modes  (-1.  -II.  and  -111).  By  opening  (he  crack  after  propagating 
tinder  fixed-grip  conditions,  the  various  components  of  local  crack-interface 
traction  are  abruptly  modified,  giving  rise  to  relatively  sudden  change  in  the  local 
mixed-inode  field.  Local  segmentation  may  then  occur  in  regions  experiencing 
appropriate  components  of  mode-I  and  -III  stress. 

Grain-scale  bridging  (Figs.  5  and  7)  appears  to  contain  the  same  elements  that 
lead  to  "wake  hackle"  or  "inclusion  hackle"  formation  in  simple  material 
systems.  These  fracture  markings  form  as  lbllows:,M',J’"’  Upon  encountering  a 
heterogeneity  (second-phase  inclusion,  anomalous  grain,  etc.)  in  an  otherwise 
uniform  material  (glass,  single  crystals,  very-fine-grained  ceramic,  etc.),  a 
macroscopic  tensile  fracture  is  locally  deflected  due  to  the  perturbation  of  the  local 
stress  Held  and/or  the  variation  in  the  local  resistance  to  Iracture.  Localized 
deflection  around  the  particle  boundary  often  results  in  propagation  along  separate 


Fig.  13.  Fracture  lances  (a-c).  Remnants  of  trailing  ligaments  produced 
in  glass  after  fracture  interacted  with  heterogeneous  structure  (local 
propagation  to  left).  Delicate,  3 -dimensional  lance  structure  (a)  is  subject 
to  interface-localized  microcrack  damage  ( b ,  c)  by  frictional  tractions. 


noncoplanar  segments.  Merging  of  the  split  fracture  front  does  not  immediately 
follow  circumvention  of  the  panicle.  Instead,  the  segments  of  the  fracture 
propagate  in  an  offset,  nearly  parallel,  fashion  for  a  shon  distance,  leaving  s 
trailing  intact  ligament  (tail)  adjacent  to  the  heterogeneity. 

The  heterogeneity  may  or  may  not  serve  as  a  restraining  ligament.  For 
example,  the  (railing  ligament  structure  shown  in  Fig.  13(a)  (known  more 
appropriately  in  the  postmonem  state  as  a  hackle  step  or.  in  this  particular  case, 
a  fracture  lance)11  was  produced  when  a  macroscopic  mode-!  crack  in  glass 
encountered  a  scratch  placed  on  the  sample  surface  with  a  diamond  scribe. 
Interaction  with  this  heterogeneous  structure,  i.e..  scribe-induced  damage  and 
attendant  residual  stress,  led  to  propagation  along  nearly  parallel  overlapping 
crack  segments  (local  propagation  is  to  left  in  photo).  Formation  of  a  ligamentary 
tail  is  accomplished  without  the  pinning  effect  of  a  "tough”  inclusion.  We  also 
note  that  the  topographically-rough  hackle-step  features  (lances)  are  susceptible  to 
further  damage  by  geometrical  interlocking  and  friction-induced  microcracking 
(Fig.  13(6)  and  (c)),  particularly  during  slow  crack  growth  or  cyclic  fatigue 
conditions.13 

It  thus  appears  that  the  grain-scale  ligamentary  bridges  observed  are  examples 
of  the  polycrystalline  form  of  the  indusion/wakc-hackle  phenomenon.  Appropri¬ 
ately  situated  grains,  or  combination  of  grains  and  other  microstructural  features, 
provide  the  initial  mixed-mode  deflection  conditions  conducive  to  propagation  on 
locally  noncoplanar  segments.  If  fracture  is  predominantly  intergranular,  the  offset 
and  occasionally  overlapping  segments  are  separated  by  individual  grains  which 
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constitute  ihc  initial  bridge.  Subsequent  tail  formation  is  restricted  (or  enhanced) 
by  the  adjacent  microMructural-scalc  fracture  properties  and  stress  conditions. 
This  type  of  grain-scale  ligament  formation  and  rupture  has  been  suggested  to  lie 
responsible  for  plumose  structures  found  on  large-scale  fracture  surfaces  of  a  u  ide 
variety  of  polycrystallinc  rocks.'*  The  widespread  occurrence  of  these  fracture 
surface  markings,  especially  well  recognized  in  the  field  of  structural  geology, 
implies  that  this  grain-scale  source  of  crack-interface  traction  is  commonplace  in 
these  polycrystallinc  materials. 

Crack-plane  segmentation  on  the  subgrain  scale  (Table  I)  is  associated  with 
transgranular  fracture  in  single  crystals  which  readily  split  along  cleavage  planes. 
When  a  cleavage-plane  crack  is  subjected  to  applied  mode-1  loading,  it  usually 
propagates  on  multiple  offset  planar  segments  as  a  result  of  intersecting  screw 
dislocations. I7,,<  Cleavage-plane  segmentation  also  occurs  under  applied  modc-l/ 
mode-ill  conditions,  and  when  transgranular  fractures  in  polycrystals  encounter 
grains  of  different  orientation.17  The  restraining  effect  of  the  clcavagc-.'-latcd 
ligaments  in  single  crystals  has  long  been  appreciated.  l7':o 


Influence  of  Interface  Traction*  on  Macroacoplc  Fracture 

To  demonstrate  how  interface  tractions  influence  the  macroscopic  response  of 
fractures,  we  model  the  traction  sources  as  point  or  line  restraining  forces  acting 
symmetrically  across  the  fracture  surfaces.  In  a  fashion  similar  to  (he  classical 
"thin-zone"  models  of  Dugdale  and  Barcnblait.19  we  start  with  a  sharp, 
two-dimensional,  mathematically-flat,  traction-free  crack  and  then  add  to  the 
surfaces  the  counteracting  net  normal  forces  supplied  by  the  tractions.  Although 
the  crack-plane  forces  oppose  the  action  of  the  applied  toads,  we  do  not  require 
them  to  cancel  the  singular  field.  The  stress  intensification  experienced  by  the 
primary  crack  (ip  is  then  expressed  as 

A1, (tip)  «  /f|(appl)  +  A'|(trac)  (I) 

The  Afifappl)  is  the  conventional  applied  stress-intensity  factor,  a„\fria,  where  a„ 
is  the  remotely  applied  tensile  stress  and  a  is  the  primary-crack  half-length.  In  (his 
particular  application,  Afi(trac)  is  negative,  or  resistive,  and  is  determined  by 
integrating  the  restraining  forces  over  the  traction-zone  length,  .r„  through  (he  use 
of  an  appropriate  Green’s  function  G(.a,x).il  Note  that.r,  increases  from  zero,  for 
a  traction-free  crack,  to  the  steady-state  value  characteristic  of  an  equilibrium 
traction-zone  length.  For  convenience,  we  consider  the  restraining  forces  to  be 
continuously  distributed  and  representable  as  stresses  a'j.t.O),  acting  at  a  position 
(x.O).  The  A'i(trac)  becomes 

A',(trac)  =  -*/.lG(a..r)<r'»  f.r.OWr  (2) 

From  the  perspective  of  the  experimentalist  who  measures  an  /f-curve  (tr„VT?a  vs 
Am)  sve  obtain 

A'/jtappI)  =  K|C(tip)  +  J  1G(M..r)cr»(t.O)f/.r  (3) 

« 
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where  A#tappl)  is  ihe  value  of  A'jfappl J  needed  to  extend  the  crack  and  A'ic(tip)  is 
an  averaged  gratn-boundary/singlc-crystal  toughness,  considered  here  to  be  an 
inherent  property  of  the  material. 

In  describing  an  fi-curvc  with  Eq.  (3).  an  increasing  resistance  to  fracture 
with  crack  extension  can  be  associated  with  an  increase  in  A'i(trac)  without  an  a 
priori  need  to  invoke  changes  in  the  fundamental  bond  rupture  processes 
(detcribed  by  A'icitip))  acting  at  the  advancing  fracture  front.  The  fl-curve 
measurements  show  that  A'Ktrac;  can  be  as  great  as  four  to  five  times  A'ic(tip)  in 
certain  alumina  ceramics.21  The  magnitude  of  A'i(trac),  of  course,  is  dictated  by 
the  magnitude  of  cr',y  and  a',j(x,0)  is.  in  turn,  governed  by  the  density  of  traction 
sites  and  the  specific  restrairiing-force/crack-opening  displacement  relation  devel¬ 
oped  at  each  traction  site.  The  force-separation  relation  !  akin  to  cohesive-force 
"lav.<"  in  atomic-scale  fracture  models.1* 

From  the  examples  of  bridging  and  interlocking  shown  in  previous  sections, 
it  is  apparent  that  there  is  no  single  force-separation  law  at  work  on  the 
microstructural  scale  in  any  one  material.  For  example,  large  ligamentary  Vdges 
maintain  restraining  forces  over  larger  crack-opening  displacements  than  grain- 
scale  or  subgrain-scale  bridges.  However,  for  purposes  of  discussion,  we  consider 
there  to  be  a  single  "effective’’  or  averaged  force-separation  law  specific  to  each 
material,  which  accounts  for  all  sources  of  traction.  This  allows  us  to  describe  the 
average  local  restraining  force  according  to  the  average  local  displacement  * 
oJ,(v(x)).  Since  the  local  crack-opening  displacement  is  dependent  upon  both  the 
applied  K\  and  the  integrated  effect  of  the  interface  tractions,  the  traction-zone 
length  and  force-displacement  law  are  not  independent.  This  leads  to  a  nonlinear 
singular  integral  equation  for  A'i(trac).  solvable  only  by  numerical  techniques.21  A 
quantitative  solution  is  not  pursued  here.  Some  recent  literature  describes  similar 
cohesive-zone  approaches  to  modelling  fracture  in  rocks,24  concrete.25  compos¬ 
ites,26  and  ceramics.27  We  use  this  approach  not  as  a  pragmatic  way  of 
determining  engineering  toughness  parameters,  but  as  a  simple  analytical  tool  for 
incorporating  the  effects  of  microstmcture  into  the  mechanics  analysis — even  if 
only  qualitatively— and  assessing  (he  response  of  macroscopic  fractures. 

In  separating  the  mechanics  into  crack-tip  and  crack-flank  terms  (Eq.  (3)). 
the  question  of  characterization  uniqueness  immediately  comes  to  minJ.  By 
admitting  the  existence  of  /{-curve  behavior,  we  have  already  given  up  the 
standard  one-parameter  (Afic(appl)l  description  of  fracture.  "Is  there  a  unique  K/t 
versus  Ac  relation?"  To  answer  this,  we  must  first  appreciate  the  conditions  under 
which  the  single  parameter  K\  is  adequate  for  describing  fracture  at  any  crack 
length.  Conventional,  engineering  fracture  mechanics  philosophy  dictates  that 
fracture  toughness  measurements  be  obtained  from  tests  in  which  the  influence  of 
specimen  size  and/or  geometry  is  removed  from  the  fracturing  process.2*  so  that 
the  toughness  measurements  are  "valid"  or  material  specific.  Satisfaction  of  the 
small-scale  inelastic  deformation  requirement,  or  confinement  of  the  material- 
breakdown  zone  to  a  region  which  is  small  in  comparison  to  pertinent  specimen 
dimensions  (e.g..  ,r/«  <  2%).  is  necessary  for  this  condition.2*  As  long  as  x Jit  < 
2Cr.  the  applied  K\  is  taken  to  represent  the  intensity  of  the  clastic  field 
surrounding  the  entire  material-breakdown  zone  and  the  resulting  toughness 
measurements,  for  a  givn  crack  length,  are  independent  of  sample  geometry. 

In  the  present  experiments,  we  have  found  several  instances  of  gross  violation 
of  the  small-scale  breakdown  assumption  (i.e..  ,\y«  approaching  KXKr).  Under 
these  conditions,  the  magnitude  of  A't(trac)  becomes  a  strong  function  of  the 
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crack*opcning  profile  produced  by  the  particular  .specimen  geometry.  This 
influence  can  be  accounted  for  i«‘  the  crack-opening  profile,  the  force-separation 
law  and  the  appropriate  Ct.v.ol  arc  known.  The  measured  /(-curve.  however,  is 
still  inherently  dependent  upon  specimen  geometry. 

Under  small-scale  breakdown  conditions,  where  specimen-geometry  effects 
are  absent,  there  is  still  another  complication  which  makes  the  A,'#  vs  A</  curve 
nonunique.  This  is  the  effect  of  crack-opening  displacement  history.  Because  the 
act  of  surmounting  interface  tractions  irreversibly  consumes  fracture  energy,  there 
is  no  one-to-one  relationship  between  crack-opening  displacement  and  interface- 
traction  magnitude  (i.e..  <x'u  is  hysteretic).  Consequently,  even  if  the  force- 
separation  law  is  known  exactly,  it  is  still  necessary  to  know  details  of  the 
crack-opening  history  to  determine  Af|(trac)  and  hence  the  driving  force  experi¬ 
enced  by  the  primary  crack  tip.  This  strongly  suggests  that  the  /{-curve  is  not  an 
inherent  propeny  of  these  materials:  in  general,  it  is  nonunique,  depending  upon 
the  extrinsic  variables  of  crack  length,  crack-opening  displacement  and  crack¬ 
opening  displacement  history. 

Without  a  quantitative  measure  of  the  force-separation  relationship,  the  form 
of  the  /{-curve  cannot  be  predicted  quantitatively,  even  under  monotonic  loading 
conditions.  Nevertheless,  it  is  instructive  to  formulate  qualitative  predictions  of 
macroscopic  behavior  based  upon  assumed  forms  of  the  force-separation  law  or 
the  resultant  <r'v?(x.O).  In  this  fashion,  we  can  reconcile  the  observation  that  each 
of  the  materials  investigated  exhibited  crack-interface  traction  activity,  but  each 
did  not  exhibit  /{-curve  behavior.  The  exercise  also  emphasizes  the  importance  of 
determining  force-separation  relationships  quantitatively  for  different  individual 
traction  sources  and/or  for  material  samples  as  a  whole  to  establish  "effective" 
force-separation  laws. 

Two  equilibrium  crack-interface  traction  distributions  are  shown  schemati¬ 
cally  in  Fig.  14.  The  tractions  are  in  equilibrium  in  the  sense  that  the  magnitude 
of  Af|(trac)  remains  constant  with  crack  extension.  Other  peninent  material 
properties  such  as  the  intrinsic  grain-scale  toughness  (Aficftip))  and  the  density  of 
individual  traction  sites  are  taken  to  be  identical,  the  only  difference  being  the 
functional  form  of  the  force-separation  law  associated  with  the  unspecified  traction 
source.  The  traction-zone  lengths,  x„  are  identical,  but  the  shielding  provided  b> 
material  B  is  significantly  greater  than  that  provided  by  material  A.  Consequently, 
material  B  exhibits  a  higher  steady-state  crack-growth  resistance  at  the  top  of  the 
/{•curve.  Obviously,  mere  detection  of  long  lengths  of  crack-interface  traction 
activity  (Fig.  14)  by  itself  dees  not  imply  significantly  increased  resistance  to 
fracture;  there  must  be  significant  energy  consumption.  Two  illustrative  examples 
from  the  microscopy  experiments  can  be  cited  here. 

The  fine-grained  aluminas  exhibited  traction  activity  persisting  for  roughly 
equal  distances  (100-150  p.m)  behind  the  crack  tip.  According  to  Cook  et  al..:v 
one  alumina  (AD999)  exhibits  significantly  greater  /{-curve  behavior  than  the 
other  (FF).  From  the  simple  interface-traction  fracture  model  (and  assuming 
everything  else  equals  we  would  associate  the  AD999  and  FF  with  traction 
distributions  B  and  A.  respectively.  Similarly,  the  mica  and  cordierite  glass- 
ceramics  exhibited  roughly  equal  traction-zone  lengths  lor  long  cracks  under 
monotonic  loading  but  one  (MA)  exhibits  /{-curve  behavior  and  the  other  (PC) 
does  not.-vl  Thus,  the  need  for  direct  measurements  of  the  force-displacement 
relations  associated  with  various  traction  sources  is  clear.  Simple  visual  exami¬ 
nation.  as  essential  as  it  is.  is  not  by  itself  sufficient  for  this  task. 

The  interface-traction  concept  also  provides  a  rational  explanation  for  some 
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Fig.  14.  Two  hypothetical  Interface-traction  (crL(x,0))  distributions 
associated  with  different  force-separation  'laws,  (a)  and  ( b )  have 
identical  equilibrium  traction-zone  lengths,  x(,  but  (b)  exhibits  much 
stronger  fl-curve  behavior  than  (a). 


of  the  observed  inconsistencies  in  fracture  mechanics  parameters  used  to  describe 
subcritical  crack  growth.  It  is  well  known  that  experimentally-determined  “con¬ 
stants"  in  the  empirical  relationship  between  applied  stress-intensity  factor  and 
crack  velocity  (v  ■*  \‘oK”)  often  depend  upon  specimen  geometry  and/or 
technique.31  Agreement  between  subcritical  crack  growth  parameters  obtained  by 
different  methods  or  sample  geoir*tries  is  found  in  only  a  select  few.  very 
homogeneous,  materials  such  as  certain  glasses,  glass-ceramics,  and  some  very 
fine-grained  (<  10  (im)  polycrystalline  ceramics.31  Pletka  and  Wiederhorn31  have 
suggested  that  this  inconsistency  is  due  in  part  to  increasing  resistance  to  fracture 
with  crack  extension. 

Pletka  and  Wiederhorn31  and  others  also  note  that  when  using  the 
double-torsion  relaxation  technique  to  determine  v-K\  data  in  many  common 
polycrystalline  ceramics,  the  data  often  do  not  define  a  single  v-K\  relationship. 
Similar  observations  of  nonuniqueness  in  force-relaxation  measurements  (relax¬ 
ation  rate  assumed  proportional  to  crack  extension  rate)  in  polycrystals  have  been 
noted  by  this  author.33  Using  nondestructive  testing  techniques,  the  force 
relaxation  was  shown  to  be  produced  not  only  by  extension  of  the  primary  crack 
but  also  by  time-dependent  adjustment  of  the  interface  tractions. 3  The  above 
observations  are  consistent  with  the  assumed  crack-history  and  test-geometry 
dependence  of  the  interface-traction  magnitude  A't(trac). 

Conclusions 

In  situ  microscopy  observations  have  been  made  of  the  stable  crack-extension 
process  in  six  different  alumina  and  glass-ceramics  of  varying  /(-curve  character¬ 
istics.  No  evidence  of  a  diffuse  cloud  of  microcracking  distributed  ahead  of  the 
primary  crack  tip.  as  predicted  by  critical-principal-tensile-stress-based 
microcrack  models,  was  found  in  any  of  the  materials  using  these  techniques. 
Localized  microcracking  was  observed  as  far  as  100-particle  dimensions  behind 
ihe  crack  tip  and  was  associated  with  overcoming  crack-interface  tractions. 
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Crack-intcrfacc  tractions  were  provided  by  ( 1 1  frictional  or  geometrical  interlock¬ 
ing  of  the  rough  fracture  surfaces  and  (2)  ligamentary  bridging  by  intact  islands  of 
material  left  behind  the  advancing  fracture  front.  The  ligamentary  bridging 
appears  to  represent  the  development  of  the  polycrystalline  form  of  twist* 
inclusion/wakc.  and  cleavage  hackle. 

Through  the  use  of  simple  fracture  mechanics  concepts,  the  macroscopic 
fracture  response  was  shown  to  be  related  to  the  rcstraintng-forcc  action  of  the 
traction  sources  and  the  extrinsic  variables  of  crack  length,  crack-opening 
displacement,  and  crack-opening  displacement  history.  Using  this  approach,  the 
interface-traction  mechanism  was  shown  to  provide  a  rational  explanation  for  both 
fl-curvc  behavior  and  the  inconsistency  in  subcritical  crack  growth  data  ob$er\cd 
for  these  materials. 
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Effect  of  Heat  Treatment  on  Crack-Resistance  Curves  in  a 

Liquid-Phase-Sintered  Alumina 

Stephen  J.  Bennison,*  Helen  M.  Chan/*’  and  Brian  R.  Lawn’ 

Ceramics  Division.  Notional  Institute  of  Standards  and  Technology.  Gaithersburg.  Maryland  2QS99 


The  effects  of  heat  treatment  on  the  R - 
curve  (crack-resistance)  behavior  of  a 
commercial  liquid-phase-sintered 
(LPS)  alumina  have  been  studied  us¬ 
ing  the  indentation-strength  test.  An 
enhancement  of  the  R-curve  charac¬ 
teristic  of  this  LPS  alumina  is  ob¬ 
tained  by  a  treatment  that  increases 
the  scale  of  the  microstructure .  The 
enhanced  R-curve  characteristic  leads 
to  the  desirable  property  of  flaw  toler¬ 
ance ,  albeit  at  the  expense  of  a  dimin¬ 
ished  strength  at  small  crack  sizes. 
The  implications  of  these  findings  are 
discussed  with  reference  to  processing 
and  design  strategy.  ( Key  words:  alu¬ 
mina ,  sintering ,  cracks,  mechanical 
properties,  strength.} 

OEVERAL  workers  have  reported  that  the 
^toughness  of  liquid-phase-sintcrcd 
(LPS)  aluminas  can  be  improved  by  suit¬ 
able  heat  treatments.1"1  Those  workers  at¬ 
tributed  the  changes  to  modification  of 
residual  thermal  expansion  mismatch 
stresses  or  to  crystallization  of  the  amor¬ 
phous  intergranular  phase.  Such  claims 
deserve  detailed  attention  because  they 
open  up  the  prospect  of  tailoring  mechani¬ 
cal  properties  via  simple  heat  treatments. 

Implicit  in  these  previous  studies, 
however,  is  an  assumption  which  is  now 
known  to  be  restrictive;  i.e.,  that  the 
“toughness”  is  a  single-valued  material 
quantity.  Recently  it  has  been  shown,  us¬ 
ing  indentation-strength5’1  and  doublc- 
cantilevcr-beam11*10  techniques,  that  the 
toughness  of  alumina  (and  other)  ceramics 
is  not  generally  single-valued,  but  tends  to 
increase  with  increasing  crack  size  ( R - 
curve  behavior).  The  extent  of  the  in¬ 
crease  is  found  to  depend  critically  on  the 
microstructurc,  with  the  grain  size  and 
the  nature  of  the  intergranular  phase  the 
apparent  controlling  parameters. 

The  form  of  the  R  curve  has  signifi¬ 
cant  implications  for  structural  applica¬ 
tions.11  In  particular,  flaw  tolerance 
becomes  an  important  design  factor.  One 
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interesting  feature  of  the  alumina  data 
collected  by  Cook  et  oh*'*  is  the  tendency 
for  the  R  curves  to  cross  each  other,  corre¬ 
sponding  to  an  inverse  relationship 
between  large-scale  and  small-scale  tough¬ 
ness  values  (a  result  of  special  conse¬ 
quence  to  wear  resistance11).  Hence,  in 
evaluating  the  significance  of  toughness 
‘'improvements.*'  it  is  important  to  specify 
the  crack  size  range  over  which  measure¬ 
ments  are  made.  In  this  context,  wc  note 
that  the  previous  studies1*4  of  the  effect  of 
heat  treatment  on  toughness  were  gener¬ 
ally  made  at  'large**  crack  sizes:  i.e.,  large 
with  respect  to  the  scale  of  the  microstroc- 
ture.  A  complete  assessment  of  the 
changes  in  mechanical  properties  requires 
a  determination  of  the  entire  R  curve. 

Accordingly,  the  aim  of  the  present 
study  was  to  investigate  the  effects  of 
microstructural  changes  resulting  from 
simple  heat  treatments  on  the  /(-curve 
behavior  of  a  LPS  alumina.  Wc  use  the 
indentation-strength  technique  because  of 
its  special  usefulness  in  the  investigation 
of  /(-curve  characteristics  at  small  as  well 
as  large  crack  sizes.5 

Experimental  Procedure 

A  commercial  LPS  alumina1  contain¬ 
ing  **10  wt%  (•■18  vol%)  intergranular 
second  phase  was  chosen  for  the  study.  The 
samples  were  provided  as  disks,  25  mm 
in  diameter  and  2  mm  thick,  suitable  for 
biaxial  flexure  testing. 

Heat  treatments  (HT)  of  the  as- 
received  material  were  conducted  in  air 
using  a  MoSi-  resistance  furnace  accord¬ 
ing  to  the  schedules  in  Table  !.  The  aims 
of  the  heat  treatments  were  to  (l)  vitrify 
the  second  phase  without  changing  the 
grain  size  (HT-1),  (2)  recrystallize  the  in¬ 
tergranular  phase  without  changing  the 
grain  size  (HT-2),  and  (3)  increase  the 
grain  size  with  a  controlled  (vitrified)  in¬ 


tergranular  phase  (HT-3).  A  heating  and 
cooling  rate  of  25Q*C/h  was  used  for  all 
firings. 

The  following  specimen  characteris¬ 
tics  were  determined:  (1)  (Ire  degree 
of  crystallinity  and  composition  of  the 
intergranular  phase,  using  transmission 
electron  microscopy  iTEM)  and  energy- 
dispersive  X-ray  miccosmalysis  (X-ray 
EDS);  (2)  grain  size,  using  scanning  elec¬ 
tron  microscopy  (SEM)  with  a  lineal  inter¬ 
cept  method;”  and  (3)  i?n$ity,  using  the 
Archimedes  method.  The  specimen  char¬ 
acteristics  resulting  from  the  heat  treat¬ 
ments  are  included  in  Table  I. 

.  The  prospective  tensile  face  of  each 
specimen  was  diamond  polished  to  a  I- 
Mm  finish  prior  to  mechanical  testing. 
Most  of  the  disks  were  indented  at  the 
face  centers  with  a  Vickers  diamond  pyra¬ 
mid  at  contact  loads  of  2  to  300  N.  Inden¬ 
tations  were  made  through  a  piece  of 
carbon  paper  to  mark  the  contact  sites. 
Some  specimens  were  left  unindented  as 
controls.  All  indentations  were  made  in  air 
and  the  samples  allowed  to  stand  for 
10  min.  The  biaxial  strength  tests  were 
made  using  a  flat  circular  punch,  4  mm  in 
diameter,  on  three-point  support,  20  mm 
in  diameter.14  A  small  drop  of  silicone  oil 
was  placed  on  the  indentations  prior  to 
testing,  and  failure  times  were  kept  below 
20  ms  to  minimize  effects  from  static 
fatigue.  Strength  values  were  calculated 
from  the  breaking  loads  and  specimen 
dimensions  using  thin-plate  and  beam  for¬ 
mulas.14  15  Care  was  taken  to  examine  all 
specimens  after  they  fractured  to  verify 
the  contact  site  as  the  origin  of  failure. 
Unsuccessful  breaks  were  incorporated 
into  the  data  pool  for  unindCTitcd  controls. 

Results 

Figure  1  plots  the  results  of  the  me¬ 
chanical  tests  of  the  various  heat-treated 


Table  L  Heat  Treatments  Used  for  Liquid-Phase-Sintcrcd 
Alumina  and  the  Resulting  Material  Characteristics 


Matcna! 

Anneal  temp. 
l*C> 

Time 

(M 

Grain  sue 
(Mm) 

Density 
(Mfm  *) 

Second  phase* 

As-rcceivcd 

4.2 

3.61 

A 1C 

HT-l 

1600 

8 

4,8 

3.63 

A 

HT-2 

1600 

8 

4.8 

3.64 

C 

1200 

48 

HT-3 

1600 

196 

24.2 

3.60 

A 

•A  is  amorphous  and  C  is  iryitilline 
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Indentation  Load,  f  (N) 

Fig  *  !  Results  of  the  indentation -strength  foe  alumina 
specimens  subjected  to  the  heat  treatments  in  Table  I.  Open 
sjmbots  at  left  represent  strength  values  for  specimens  that 
broke  from  natural  flaws,  Curves  through  data  are  flu  to  as- 
received  (dashed  line)  and  HT-3  (solid  line)  materials;  note 
data  for  HT-I  and  HT-2  materials  art  indistinguishable  from 
those  of  the  as*rcecived. 


Jluminii.  inert  strength.  crm .  versus  in-  the  microstructural  characteristics  illus¬ 
tration  load.  P.  Each  point  on  the  plot  trated  in  the  SEM  photograph  in  Fig.  2. 

represents  the  mean  of  at  least  10  spec!-  enable  us  to  deduce  the  effect  of  the  heat 

mens  per  load.  The  standard  deviation  for  treat  menu  on  the  mechanical  behavior, 
each  point  is  “11%.  (Error  bars  are  omit-  The  as-received  material  has  a  grain 

ted  from  the  plot  for  clarity.)  From  the  size  of  "4  jim,  as  shown  In  Fig.  2(A). 

fracture-mechanics  analyses  based  on  a  The  individual  grains  are  surrounded  by  a 

crack-interface  bridging  model,1*'"  the  continuous  second  phase,  which  is  par- 

flattening  of  the  response  may  be  inter-  tially  crystalline  in  form.  All  the  classical 

prated  as  an  enhancement  of  the  R -curve  features  of  a  LPS  material,  such  as  wet- 

characteristic.  The  curves  through  the  data  ting  of  grains,  pockets  of  amorphous 

in  the  figure  are  best  fits  to  the  as-received  phase,  and  facetted  grain  structures,  arc 

(dashed  line)  and  HT-3  (solid  line)  mate-  evident.  Microanalysis  indicates  that  the 

rials,  respectively,  from  such  analyses.  intergranular  phase  consists  primarily  of 

The  results  in  Fig.  I,  in  conjunction  with  silicates  of  calcia,  magnesia,  and  alumina. 


JJS'A  photographs  of  a  liquid-phase-sintered  alumina  for  tA)  as-received  malenal  and 

IB)  following  heat  treatment  HT-3  designed  to  increase  the  grain  sire.  These  specimens  were  first 
polished,  then  thermally  etched  at  1500’C  for  I  h  in  air  to  reveal  grain  structure.  (Pockets  of  inter- 
granular  phase  were  removed  by  (his  preparation.)  Note  the  sixfold  increase  in  grain  size  in  the  latter 
material.  Faceting  of  alumina  grains  is  apparent  in  both  micrographs. 


Nofc  from  the  dashed  line  in  Fig,  I  that 
the  <rMiP)  response  of  this  control  material 
deviates  only  slightly  from  the  P  1  1  de- 
pcndcnce  appropriate  to  a  single-valued 
toughness;  i.e.*  the  /(-curve  character¬ 
istic  for  this  particular  material  is  not 
pronounced. 

Examine  now  the  effects  of  changing 
only  the  degree  of  crystallinity  of  the  inter¬ 
granular  phase  on  the  mechanical  behav. 
ior  by  referring  to  the  data  for  the  HT-I 
and  HT-2  materials.  Analysis  by  TEM 
shows  that  the  intergranular  phases  in 
these  two  materials  arc,  respectively, 
completely  amorphous  and  predominantly 
crystalline.  However,  the  <r*iP)  data 
points  for  HT-I  and  HT-2  in  Fig,  I 
are  virtually  indistinguishable  from 
the  dashed-line  fit  for  the  as-rcccivcd 
material.  Thus,  in  these  two  cases,  the 
effo-t  of  heat  treatment  on  the  R  curve  is 
insignificant. 

The  effect  of  increased  grain  size,  on 
the  other  hand,  is  significant,  as  seen  from 
the  solid  line  fit  for  the  HT-3  material  in 
Fig.  I.  Tlie  scale-up  in  grain  size,  from 

to  **24  jam  is  readily  apparent  from  a 
comparison  of  the  morphology  for  this 
material  in  Fig,  2(B)  with  the  correspond¬ 
ing  morphology  for  the  as-received  mate¬ 
rial  in  Fig.  2(A).  The  HT-3  material 
shows  reduced  strength  at  small  indenta¬ 
tion  loads,  with  a  distinctive  plateau  in 
the  <rm(P)  response  in  this  region,  and  a 
countervailing  increase  in  strength  at  large 
indentation  loads.  This  third  heat  treat¬ 
ment  has  led  to  a  noticeably  stronger 
R -curve  behavior. 

Discussion 

The  above  results  lead  us  to  an  im¬ 
portant  conclusion:  the  toughness  proper¬ 
ties  of  ceramic  materials  can  be  modified 
by  simple  heat  treatments .  For  the  alumina 
material  studied  here,  the  most  significant 
modifications  were  achieved  by  a  treat¬ 
ment  that  coarsened  the  microstructurc  (al¬ 
though  the  possibility  of  a  contributing 
effect  resulting  from  some  subtle  change 
in  the  grain-boundary  toughness  cannot  be 
entirely  discounted).  More  generally,  this 
means  that  one  may  be  able  to  adjust 
properties  of  as-received  ceramic  compo¬ 
nents  before  placement  in  service.  In  the 
present  case,  the  desirable  feature  of  flaw 
tolerance  is  obtained  at  the  expense  of  a 
decreased  strength  in  the  region  of  small 
crack  sizes  (balanced  somewhat  by  an  in¬ 
creased  strength  at  large  crack  sizes).  An 
enhanced  /(-curve  characteristic  may  not, 
however,  always  be  beneficial,  c.g.,  in 
applications  in  which  maximum  resistance 
to  microfracture-controllcd  wear  and  ero¬ 
sion  is  a  premium  requirement.12  We  need 
also  be  aware  that  the  toughness  properties 
of  ceramic  components  exposed  to  thermal 
cycles  may  change,  for  better  or  for  worse 
(again,  depending  on  the  application), 
during  service. 

It  is  interesting  to  consider  the  find¬ 
ings  here  in  the  context  of  the  previous 
studies,1*4  where  no  attempt  was  made  to 
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define  [he  operative  region  of  crack  st/c. 
Note  that  if  our  materials  were  to  have 
been  tested  at  a  single,  intermediate  crack 
size,  corresponding  to  an  mentation  load 
of  *  10  N.  the  change  in  R  curve  for  HT-3 
would  have  passed  unnot.dcd,  Alterna¬ 
tively,  tests  by  two  sets  of  experimenters 
operating  at  extremes  of  large  and  small 
crack  sues  would  have  lead  to  totally  op¬ 
posite  conclusions.  The  danger  of  tough¬ 
ness  evaluations  at  a  Single  crack  Size  is 
that  any  such  perceived  improvement  (or, 
indeed,  degradation)  may  all  too  easily  be 
misconstrued  as  universal. 

This  Still  leaves  unanswered  the  ques¬ 
tion  of  the  role  of  the  beat  ticatmcnt  in  re¬ 
lation  to  the  underlying  mechanism  of  the 
R  curve.  We  alluded  in  the  previous  sec¬ 
tion  to  toughening  by  bridging.1 ,MI  In  this 
interpretation  the  increased  crack  resist¬ 
ance  arising  from  the  scale  up  of  grain 
size  may  be  attributed  to  an  enhancement 
of  frictional  tractions  associated  with  pull- 
out  of  grains  bridging  th<s  intcrfacial  walls 
in  the  wake  of  the  crack  tip.  Residual 
stresses  arising  from  thermal  expansion 
mismatch1*4  could  play  an  important  role 
in  augmenting  these  frictional  tractions  by 
"clamping1*  the  bridging  grains  into  the 
alumina  "matrix**.  A  detailed  description 
of  (his  residual  stress-induced  friction 
process  will  be  presented  elsewhere. 11  It 


seems  that,  contrary  to  earlier  sugges¬ 
tions,1  1  the  degree  of  crystallinity  is  not 
necessarily  the  principal  factor  in  deter¬ 
mining  the  influence  of  such  residual 
stresses  on  the  R  curve,  at  least  in  the  type 
of  LPS  aluminas  studied  here. 
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The  stabilizing  influence  of  increasing  toughness  with  crack  size  associated  with  a  cumulative 
closure-stress  process  (/?*curve.  or  T-curve)  on  the  strength  properties  of  brittle  ceramic 
materials  to  analysed.  Three  strength-controlling  flaw  type*,  are  examined  in  quantitative  detail: 
microcracks:  with  closure-stress  history  through  both  the  initial  formation  and  the  extension  in 
subsequent  strength  testing:  microcracks  with  closure  stresses  active  only  during  the  sub¬ 
sequent  extension:  spherical  pores.  Using  a  polycrystalline  alumina  with  pronounced  f-curve 
behaviour  as  a  case  study,  it  is  demonstrated  that  the  strength  is  insensitive  to  a  greater  or 
lesser  extent  on  the  initial  size  of  the  flaw,  i.e.  the  material  exhibits  the  quality  of  "flaw 
tolerance".  This  insensitivity  is  particularly  striking  for  the  flaws  with  full  closure-stress  history, 
with  virtually  total  independence  on  initial  size  up  to  some  100/<m;  for  the  flaws  with  only 
post-evolutionary  exposure  to  the  closure  elements  the  effect  is  less  dramatic,  but  the  strength 
characteristics  are  nevertheless  significantly  more  insensitive  to  initial  flaw  size  than  their 
counterparts  for  materials  with  single-value  toughnesses.  The  implications  of  these  results  to 
engineering  design  methodologies,  as  expressed  in  conventional  A-curve  constructions,  and  to 
processing  strategies  for  tailoring  materials  with  optimal  crack  resistance  properties,  are 
discussed. 


1.  Introduction 

The  mechanical  characterization  of  ceramics  con¬ 
tinues  to  be  based  in  large  part  on  the  traditional 
notion  of  a  single-valued  crack  resistance  R.  (or 
toughness.  T)' .  An  explicit  prediction  of  any  theory  of 
strength  based  on  invariant  R  is  that  failure  should 
occur  spontaneously  from  some  pre-existent  ("Grif¬ 
fith")  flaw  when  a  critical  applied  stress  is  reached, 
such  that  the  strength  varies  inversely  with  the  flaw 
size.  This  prediction  is  the  cornerstone  of  nearly  all 
non-destructive  evaluation  of  structural  ceramics.  It 
has  resulted  in  a  strong  movement  toward  a  processing 
philosophy  of  flaw  elimination  [1-5],  m  which  system¬ 
atic  efforts  are  made  to  remove  all  potentially  severe 
flaws.  It  is.  therefore,  not  difficult  to  understand  why 
"flaw  sensitivity"  has  remained  the  most  pervasive 
concept  in  the  entire  theory  of  the  strength  of  ceramics. 

The  recent  realization  that  many  ceramics  display 
an  increasing  resistance  with  continued  crack  exten¬ 
sion  (6).  so-called  /(-curve  (or  T-curvc)  behaviour, 
requires  that  this  philosophy  be  re-examined.  Materials 
with  significant  /{-curves  do  not  fail  spontaneously: 
rather,  the  critical  flaw  first  grows  stably,  often  over  a 
considerable  distance,  before  failure  ensues  [6-1 2J. 
This  enhanced  stability  imparts  a  certain  "flaw 


tolerance"  to  the  material,  because  it  is  the  final,  not 
the  initial,  size  that  determines  the  instability.  Such 
tolerance  is  of  great  benefit  to  the  structural  designer, 
because  of  a  tendency  to  increased  reliability  (increased 
Weibull  modulus  (13.  14])  coupled  with  a  reduced 
sensitivity  to  subsequent  damage  in  service  [7].  It  also 
offers  the  attractive  prospect  of  early  detection  by 
non-destructive  evaluation  (II).  Most  importantly, 
perhaps,  it  reduces  the  onus  on  the  ceramics  processor 
to  fabricate  full-density  and  defect-free  materials. 

One  of  the  most  useful  methodologies  for  examining 
the  influence  of  /(-curve  behaviour  in  the  context  of 
flaw  instability  is  that  of  indentation-strength  testing, 
where  the  strength.  tfm.  ts  determined  as  a  function  of 
indentation  load.  P [7. 1 1 . 1 2].  The  /(-curve  is  manifest 
as  a  deviation  of  em  from  the  classical  P~n  depen¬ 
dency  for  materials  with  fixed  toughness  to  a  distinctive 
plateau  at  low  indentation  loads.  By  deconvoluting 
the  <rm  (P)  data  set.  the  /(-curve  can  be  extracted  [12], 
For  materials  with  strong  /(-curve  characteristics  the 
low-load  plateau  often  appears  to  correspond  to  the 
strength  for  failure  from  processing  defects  (7).  Despite 
this  demonstrated  correspondence  there  is  a  wide¬ 
spread  perception  in  the  ceramics  fracture  mechanics 
community  that  indentation  flaws,  by  virtue  of  their 
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"artificial"  origin.  cannot  be  representative  of  the  natu¬ 
ral  flaw  population;  and.  therefore,  that  the  latter  arc 
not  subject  to  the  stabilising  influence  of  tne  A-curvc. 

In  this  paper  we  examine  the  effect  of  A-curvc 
characteristics  on  the  strength  response  for  some  well- 
defined  natural  flaw  types;  >harp  microcracks  of  some 
grain-facet  dimensions  with  a  full  A-curvc  history:  the 
same  but  without  any  A-eurvc  history  prior  to  exten- 
>ion:  relatively  large-scale  processing  pores.  We  use 
indentation-strength  data  on  a  specific  coarsegrained 
alumina  to  establish  the  toughness  characteristics,  and 
invoke  a  basic  A-eurve  instability  condition  to  deter* 
mine  the  variation  of  strength  with  initial  flaw  size  for 
the  various  flaw  types  in  this  same  material.  The  A* 
curve  mechanism  in  our  selected  material  is  identili* 
able  as  grain-localized  bridging  behind  the  crack  tip 
(9-12.  15):  however,  our  statements  concerning  the 
mechanics  of  flaw  response  will  be  of  a  general 
nature.  It  will  be  shown  that  the  natural  flaw  types  do 
indeed  exhibit  the  same  kind  of  tolerance  as  their 
artificial  indentation  counterparts.  In  arriving  at  this 
conclusion  we  shall  dwell  on  some  of  the  pitfalls  that 
can  arise  from  widely  used  A*curve  constructions  tliat 
represent  the  flaw  size  as  a  negative  intercept  of  the 
applied  loading  function  on  the  crack*size  coordinate. 

2.  Fracture  mechanics  for  flaws  in 
materials  with  r-curvs 
characteristics 

2.1 .  General  conditions  for  crack  equilibrium 
and  stability 

We  begin  by  defining  a  general  net  stress  intensity 
factor.  A.  for  a  uniformly  stressed  equilibrium  crack 
in  a  material  with  A*curve  characteristics  (6).  We 
write  it  as  the  sum  of  two  terms,  an  external  uniform 
applied  stress  term.  A,,  aval  an  internal  micro* 
structure-associated  closure  stress  term.  A„ 

m  -  A.(r)  +  A,(c)  -  r„  (la) 

where  71,  is  an  intrinsic  toughness,  and  c  is  the  crack 
length.  Or.  alternatively. 

A,(r)  -  T,  +  r„( c)  -  71c)  (lb) 

where  Tf  *  -  A.  may  be  regarded  as  a  positive  con¬ 
tribution  to  the  toughness.  With  this  definition  of  a  net 
toughness.  T (the  stress  intensity  equivalent.  A,.  -  T. 
of  the  resistance  term  associated  with  the  mechanical 
energy  release  rate.  Gr  «  A),  we  adopt  the  term  *T- 
curve"  to  describe  the  size-dependent  resistance 
characteristic. 

Consider  now  the  condition  for  instability  (6).  For 
71,  «  constant  we  require  the  condition 

dArde  ^  0  (2a) 

to  he  satisfied  in  Equation  la.  or.  equivalently. 

dA„;dr  Js  dr  dr  (2b) 

in  Equation  lb.  This  latter  is  the  tnngcncy  condition  it. 
the  familiar  A*curve  construction. 

We  now  cohmi'ci  the  micromcchumcs  of  failure  for 
three  dHlcrent  Haw  type*  in  :t  material  wiih  7-curve 
due  to  itr.im-locah/ed  budging  at  (he  crack  interlace. 
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a  mechanism  identified  as  pertinent  to  a  wide  range  of 
non-transforming  ceramics  (9. 15). 

2.2.  Microcrack*  with  full  T-curva  history 
Consider  first  a  sharp-crock  flaw  whose  inception  and 
subsequent  evolution  takes  place  entirely  in  the  inter- 
facial  closure-stress  field  responsible  for  the  7’-curve. 
Fig.  la.  This  might  be  expected  to  be  a  most  common 
state  for  microcracks  with  histories  unfavourable  to 
the  relaxation  or  destruction  of  the  attendant  bridging 
elements:  e.g.  flaws  developed  during  the  final  stages 
of.  or  even  after,  processing.  We  seek  to  characterize 
the  response  of  this  flaw  type  in  a  subsequent  strength 
test,  and  thence  to  determine  the  dependence  of  the 
strength  on  the  ’’initial"  (pre-test)  microcrack  size. 

Start  with  the  applied  stress  term.  A,.  For  u  flaw 
normal  to  the  applied  tensile  stress  this  term  has  the 
familiar  dependence  on  the  crack  size,  c  (6) 

A,(c)  -  tfoc1*  (r  >  c„)  t3; 

where  +  is  a  geometrical  constant  ( ■  2-x' :  for  penny 
cracks). 

The  A,,  term  is  derived  from  the  mechanics  of  crack- 
interface  bridging  for  penny-shaped  cracks  (12).  As 
the  crack  begins  to  extend  from  the  initial  flaw,  bridg¬ 
ing  elements  arc  activated  over  the  entire  area  of  the 
crack  beyond  intersection  with  the  first  bridge  at 
«•  *  »/.  i.c.  over  most  of  the  initial,  as  well  as  all  of  the 
subsequent  area  regardless  of  the  value  of  e„.  The 
attendant  restraint  stabilizes  the  crack  growth.  The 
huild-up  of  inlcrfaciul  surface  traction  prevails  until, 
at  a  crack  si/e  r  =  r, .  the  bridges  furthermost  *•-  ' 

the  advancing  tip  begin  to  rupture,  at  which  r  •«e 

bridge  configuration  translates  with  the  up  hi  steady 
state.  Derivation  of  the  A„lcrm  thereby  involves  mu- 
oration  of  the  underlying  (continuum  nppioMiii.iiioui 


stress-separation  function  for  iIk  bodging  ckrrnts 
within «/  <  c  <  c.  (I0|.  Because  this  bridging  term  is 
negative,  we  adopt  the  7“,  notation  of  Equation  lb. 
thus  (12) 

Tjt)  -  0.  (e  <  </)  (4a) 

W  -  IT,  -  r„> 

x  Jl  -  (I  -  (c,(r  -  -  </•'))' :('|. 

(«/  <  r  <  r.)  (4b) 

r„(t  )  -  7,  -  r*.  (*■  >  o  (4ci 

with  7,  the  steady-state  value  of  7. 

Let  us  emphasize  that  the  derivation  of  this  par¬ 
ticular  relation,  or  even  the  identification  of  bridling 
as  the  ;ular  7- curve  mechanism,  are  not  issues 
here:  we  use  Equation  4  only  as  a  formula  for  rep¬ 
resenting  the  experimentally  determined  results  for 
our  chosen  alumina  test  material.  Any  other  analytical 
expression  that  fits  the  7-curve  data  would  serve 
equally  well  to  demonstrate  the  tolerance  factor  in  the 
strength  characteristics. 

2.3.  Microcr»ck«  without  full  7-curvt  history 
Now  consider  our  second  mkrocrack-type  Daw,  of  the 
same  initial  size,  r„  but  without  any  (pre-test)  history 
of  inierfacia!  bridging.  Fig.  lb.  Such  could  be  the  case 
if  bridges  were  never  to  be  given  the  chance  to  form  in 
the  first  place  (e.g.  flaws  associated  with  incomplete 
densification  at  an  early  stage  of  sintering,  grain¬ 
boundary  triple  points),  or  if  any  post-fabrication 
mechanical,  thermal  or  chemical  interaction  were  to 
destroy  existing  (i.e.  post-evolutionary)  bridges. 

The  applied  stress  term.  K,(c),  is  identkal  to  that  of 
Equation  3.  However,  the  mkrostructure-associated 
T„(c)  term  differs  slightly  from  Equation  4.  by  virtue 
of  the  fact  that  the  bridging  stresses  are  operative  only 
over  the  area  of  the  extended  (not  the  initial)  crack.  In 
this  case  the  7-curve  is  displaced  along  the  r-axis. 
corresponding  to  integration  of  the  stress-separation 
function  for  the  bridging  elements  between  c»  +  d  < 
r  4  r0  +r,  (10).  The  expressions  for  7„  may  thus  be 
obtained  by  replacing  </in  Equation  4  with  r9  +  (/and 
c,  by  r0  +  r, 

T„U')  -  0.  (r  <  c»  +  d)  (5a) 

W  -  (J\  -  70XI  -  (1  -{((c„  +  c.) 

x  (r  -  (iv,  +  </):)}/c(c0  c,)J  -  (r#  +  J)'). 

(r«  +  d  <  c  <  ctt  +  i\)  (5b) 

7„(c)  *  7,  -  7U.  (c  >  c„  +  rj  (5c) 

which  now  explicitly  involves  flaw  size.  e„.  We  empha¬ 
size  here  that  this  7-curve  displacement  is  not  equiv¬ 
alent  to  a  simple  shift  in  origin  along  the  e-axis;  i.e.  the 
function  7„(  Ac),  where  Ac  »  c  -  <•„.  is  not  invariant. 

2.4.  Crack  extension  from  pores 

For  our  third  flaw  type,  consider  a  spherical  pore  of 
radius  h„.  from  which  annular  microcracks  extend  on 
a  diametral  plane  normal  to  the  subsequently  applied 
tensile  field.  Fig.  Ic.  The  terminology  />„  is  adopted 
here  to  distinguish  this  kind  of  delect  from  a  sharp 
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whtcb  full  density  is  not  rea*x0 
The  appHr1  stress  term  for  the  pore  is  no  longer  of 
the  simple  form  given  in  Equation  3.  Note  that  the 
true  crack  size  in  this  c».  *  K  not  <  hut  <■  -  A,„  The 
consequent  reduction  in  cffccti  mess  of  the  pore  ,t>  a 
strength-degrading  flaw  is  net. ltd  somewhat  b\  a 
stress-concentrating  capacity.  Accordingly.  K  u\  t> 
modified  as  follows 

A*4(c)  »  fate  -  cl  («  ^  A„i  t6t 

where  the  modifying  function  Hk,  c)  is  (16)  (neglecting 
free  surface  effect*  at  c  ■  h„) 

/(M)  -  (1  +  A„e),;!l  +(I2K A„«*): 

+  (3,f(7  -  5v)j(6rt  «»*!. 

(r>Art)  (?) 

with  v  Poisson**  ratio.  Note  that  at  c  ►  A*,./  -*  I,  as 
required  for  Equation  7  to  restore  to  Equation  3.  As 
c  decrease*  toward  h».  on  the  other  hand./becomes 
increasingly  greater  than  unity,  indkativc  of  the 
stress-concentration  effect.  Again,  there  are  more 
sophisticated  expressions  for /(<•//>«),  but  the  numerical 
accuracy  of  Equation  7  is  not  central  to  our  argument. 

For  the  mkrostructurc-associatcd  KJv)  term  we 
may  retain  Equation  S  above  as  for  microcracks  with¬ 
out  7-curve  history,  but  with  A^  replacing  r»  (again  in 
the  approximation  of  negligible  free  surface  effects  at 
c  -  bt) 

Uc)  -  0.  <e  </>,  +  (/)  (8a) 

7,(0)  -  (7,  -  741  -  (I  -{(A,  +  r.) 
x  (r  -  (A*  +  i/)5)}M*.  +  cj5  -  (A,  +  d)'}':)'l 
(Aa  +  d  <  c  <  bt  +  e#)  (8b) 

7„(c)  «  7*  -  70.  (c  >  A„  +  c.)  (8c) 

so  that  initial  flaw  size  is  again  a  factor.  Again,  we  note 
that  the  function  7|l(Ar).  where  Ac  »  c  -  A*,  is  not 
invariant. 

3.  Calculation  of  strength  -  flaw-siza 
relations:  cast  study  on  a 
polycrystallina  alumina 
3.1.  A  model  alumina  material 
Let  us  now  investigate  the  above  formulations  for  an 
alumina  with  relatively  pronounced  7-curve  (A- curve) 
characteristics  associated  with  the  bridging  mechan¬ 
ism.  The  appropriate  parameters  needed  in  order  to 
specify  Tp  in  Equation  3  for  this  material  have  been 
evaluated  from  the  indentation-strength.  en(P).  data 
shown  in  Fig.  2  (12).  We  note  the  distinct  plateau 
in  these  data,  indicative  of  the  strong  7-curvc  influ¬ 
ence  referred  to  earlkr.  This  plateau  corresponds 
closely  to  the  strength  level  for  breaks  from  natu¬ 
ral  flaws  (including  unindented  specimens,  and  inden¬ 
ted  specimens  whose  failures  did  not  originate  at 
the  contact  site).  The  material  is  polycrystalline  with 
an  average  grain  size  20 /im  (Vistal  grade,  grain 
si/e  20 /tin.  <0.1%  impurity.  Coors  Ceramics  Co- 
Colorado).  It  has  a  strong  tendency  to  intergranular 
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fracture  (7).  so  that  the  intrinsic  toughness,  Tt.  ident¬ 
ifies  with  the  grain-boundary  fracture  resistance.  The 
specimens  were  broken  in-their  as-fired  state,  so  that 
extrinsic  machining  or  polishing  Raws  might  be 
avoided.  However,  they  contain  some  readily  observ¬ 
able  processing  defects,  microcrack*  up  to  50 /tm  long 
( %  2  to  3  grain  facet  lengths)  and  occasional  large  pores 
up  to  100pm  radius,  examples  of  which  are  shown  in 
Fig.  3.  These  defects  have  been  identified  as  the  failure 
sites  for  breaks  of  unindented  specimens  (or.  at  low 
contact  loads,  of  some  indented  specimens). 

Accordingly,  we  plot  the  applied  stress  A',(r)  func¬ 
tion  and  equilibrium  T(r)  function  of  Equation.  I  b  for 
the  three  flaw  types,  in  Figs  4  to  6.  The  crack  coor¬ 
dinate  is  plotted  as  r‘ :  in  these  figures  so  that  A*,,(<')  for 
the  microcruck-typc  flaws  might  be  represented  in  the 
usual  way  as  straight  lines  with  slope  proportional  to 
applied  stress.  The  T- curves  have  the  :ame  form  for 
each  of  the  different  flaw  types,  with  lateral  displace¬ 
ments  along  the  abscissa  depending  on  the  effective 
initial  flaw  size.  The  range  in  rover  which  the  T-curve 
rises  for  this  alumina  may  be  taken  as  a  measure  of  the 


large  /one  lengths  (r  -  </)  over  which  the  stabilizing 
effect  of  the  restraining  forces  can  be  realized  in  non- 
transforming  ceramics. 

3.2.  Microcracks:  full  T-curve  history 
Consider  first  the  T curve  construction  for  microcrack- 
like  flaws  with  full  T-curvc  history.  Fig.  4.  In  this  case 
the  7f<  )  function.  Equation  4.  is  independent  of  initial 
flaw  size.  r„.  The  actual  critical  condition  for  failure. 
Equation  2b.  corresponding  to  the  tangency  condition 

m  nm  m  ff,  in  the  diagram,  also  shows  an  indepen¬ 
dence  on  cM.  but  only  within  the  size  range  c,*,  <  < 

c,*.  For  the  particular  value  of  crt  illustrated  the  flaw 
first  "pops  in"  unstably  to  the  intersection  point  along 
the  "loading  line"  at  ■»  <r:  on  the  rising  branch  of 
the  T-curve.  and  thereafter  grows  stably  up  the  curve 
until  the  critical  unstable  configuration  <•»<*«,«  <« 
is  reached  at  <r,  -  qT  ■  ff,  (superscript  P  denoting 
plateau  value).  This  may  be  regarded  as  an  "activated” 
instability.  For  r„  <  c'»  the  instability  condition 
a,  m  om  occurs  at  a  higher  applied  stress  level,  c.g.  at\ 
conversely,  for  r»  >  c£  at  lower  a,,  e.g.  e-  or  (for  very- 
large  c«)  In  these  latter  cases  the  instability  is 
"spontaneous".  With  such  a  construction  we  can  deter¬ 
mine  (at  least  numerically)  the  functional  dependence 
of  9m  on  r«  over  as  wide  a  range  of  flaw  size  as  we 
please. 

3.3.  Microcracks:  no  previous  T-curve  history 
Consider  next  the  construction  for  (he  same  micro- 
crack-like  flaws,  but  without  T-curve  history.  As  indi¬ 
cated  above,  the  influence  of  initial  flaw  size  t*n  is  now 
manifest  as  a  shift  in  the  Tfr)  function.  Equation  5. 
along  the  r-axis.  without  any  effect  on  the  Kt{c)  func¬ 
tion.  We  plot  He)  for  r0  «  0  (i.e.  equivalent  to  flaw 
with  full  T-curve  history.  Equation  4).  50 pm  (corre¬ 
sponding  to  the  approximate  microcrack  size  actually 
observed.  Section  3.1)  and  500 pm  (an  extreme  value 
approaching  “macroscopic"  crack  dimensions)  in 
Fig.  5.  We  include  Ks{c)  loading  lines  only  at  the 
tangency  configurations.  Note  now  that  even  within 
the  flaw  size  range  c‘„  <  c„  <  rj  ( a  condition  always 
well  satisfied  for  the  50  and  500  pm  flaws  represented 
in  Fig.  5)  this  tangency  configuration  is  not  independent 
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of  i*„:  i.e.  the  slope  of  the  A'„(r)  line,  which  determines 
a,  m  am,  differs  from  curse  to  curse.  Nevertheless, 
not  only  is  the  failure  still  actis-ated,  but  the  stable 
growth  stage  prior  to  futal  instability  is  actually 
enhanced  (the  tangency  point  lies  further  up  the  T- 
curse  st  the  two  larger  values  of  <*,)•  Accordingly,  the 
tolerance  characteristic  imparted  by  the  r-curve  will 
be  far  from  lost,  especially  where  the  range  of  the 
r-curve  greatly  exceeds  the  range  of  flaw  sizes,  as  is 
the  case  for  our  material  in  Fig.  5.  Again,  it  is  a 
straightforward  matter  to  determine  the  functional 
dependence  of  am  on  c,  from  this  construction. 

3.4.  Pores 

Finally,  consider  the  construction  for  the  pore-like 
flaws.  Now  both  the  7fc)  function.  Equation  8.  and 
the  ff,(c)  function.  Equations  6  and  7.  are  dependent 
on  the  initial  flaw  size.  A,.  We  plot  these  two  functions 
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Fn rare  4  As  for  Ftg.  J.  hut  for  pores  of  sires  o,  ■  JO  and  5nii|im 
Tit  l  curvet  from  Equation  8,  A'.li  l  curvet  from  Equation*  A  and  ». 
Note  deviation  of  A',01  twin*  r' :  dependence  I  dashed  lines)  at 
smalt  r.'Mlh  zero cui-oiT air  ■  A.  (Note  also  that  7* and  K. crack 
functions  arc  definable  only  ai  r  >  \  for  this  defect.) 

for  A,  *  30  and  300/tm  in  Fig.  6  (cf.  (law  sizes  in 
Section  3.3):  for  Kt(c)  we  include  plots  for  equivalent 
cracks,  h*  -  r,  in  Equation  3.  aa  the  dashed  lines.  The 
modifying  effect  of  the  effective  reduction  in  crack 
length  (from  c  to  c  -  b»)  associated  with  the  pore  is 
apparent  as  a  pronounced  deviation  below  a  linear 
A,(c)  plot,  with  cut-off  at  small  crack  extensions. 
However,  the  stabilizing  effect  of  the  f- curve  is  suf¬ 
ficiently  strong  that  this  modification  has  little  notice¬ 
able  influence  on  the  tangency  condition,  except  at 
unusually  large  pore  sizes  (such  as  the  500 /<m  pore  in 
Fig.  6).  Again,  the  tangency  configuration  depends  on 
the  size  of  the  history-dependent  flaw.  Note  that  for 
this  tangency  condition  to  represent  the  strength  con¬ 
figuration  it  is  necessary  only  that  the  pore  should  be 
circumscribed  by  a  pre-existent  annular  starter  crack. 
Ac.  a  few  micrometres  in  dimension  (i.e.  considerably 
less  than  a  grain  facet  length  in  cur  material),  such 
that  the  requirement  <0  <  h„  +  Ac  <  ci  (cf.  Fig.  4)  is 
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satisfied.  In  l Ik  interest  of  conservative  design  we  ilo.il 
with  this  "worst  case”  in  Section  3.5  below. 

3.5.  Strength  data 

Fig.  7  i>  llw  resultant  plot  of  the  strength  against 
initial  flaw  M/etc,, or whichever is  appropriate!  for 
the  three  flaw  types  discussed  above,  indicated  as 
curves  A.  B  and  C.  respectively.  It  is  evident  that  the 
stabilizing  influence  of  the  T-curve  has  produced  sig¬ 
nificant  flaw  tolerance  over  the  size  range  10  to  100 /im 
(encompassing  the  range  observed  in  our  alumina 
material.  Section  3.1).  even  if  somewhat  less  pro¬ 
nounced  in  B  and  C  where  bridging  is  not  operative 
over  the  initial  length.  To  put  these  results  in  perspec¬ 
tive.  we  may  compare  with  the  strength  characteristics 
for  a  hypothetical  ceramic  with  the  same  material 
constants  as  our  alumina  but  without  T-curve  influ¬ 
ence  over  any  of  the  crack  area,  extended  as  well  as 
initial:  these  characteristics  are  obtained  here  by 
repeating  the  calculations  for  sharp  microcracks  at 
T,  ■  Oti.e.  with  a  toughness  T  ■  T„)  and  are  plotted 
as  curve  D  in  Fig.  7. 

4.  Discussion 

It  has  been  shown  that  different  flaw  types  in  materials 
with  pronounced  T-curve  (A-curve)  characteristics 
exhibit  the  quality  of  “tolerance**  in  their  associated 
strength  behaviour,  to  a  greuer  or  lesser  extent 
depending  on  history  and  geometry.  The  greatest 
effect  is  predicted  for  those  flaws  that  experience 
enhanced  resistance  over  their  entire  area,  initial  as 
well  as  extended.  A  smaller,  but  by  no  means  insignifi¬ 
cant.  effect  is  predicted  for  those  flaws  that  experience 
resistance  over  only  their  extended  area.  This  latter 
point  runs  counter  to  traditional  thought  in  the 
ceramics  community  where  it  is  presumed  that  certain 
flaws,  particularly  processing  defects,  are  inevitably 
susceptible  to  spontaneous  failure  from  their  initial 
configuration.  Our  results  would  suggest  that  in  such 
T-curve  materials  as  the  alumina  represented  in  Fig.  7. 
the  improvements  in  strength  pined  by  eliminating 
processing  flaws  much  smaller  than  100  /im  (corre¬ 
sponding  to  a  few  bridp  spacing*)  are  likely  to  be 
minimal. 

We  have  considered  just  one  matenal  (polycrystal¬ 
line  alumina),  and  just  one  mechanism  (bridging),  but 
the  conclusions  carry  over  to  any  material  and  any 
mechanism.  It  is  the  form,  not  the  origin,  of  the  T- 
curve  that  determines  the  scale  of  the  effect.  (We  have 
recently  refined  the  detailed  form  of  the  T-curve  for 
bridging  materials  given  in  Equation  4.  but  these 
refinements  in  no  way  change  the  substance  of  our 
conclusions  here.)  Note  that  there  are  two  features  of 
the  T-curve  that  need  to  he  maximized  for  optimum 
tolerance,  the  magnitude  T,  -  T„.  and  (he  range 
<  ,  -  il.  For  the  alumina  considered  here  the  mag¬ 
nitude  is  modest.  T,  iT„  *  2  to  3.  but  the  range  is 
relatively  large.  c# id  %  10  (i.c.  some  tens  of  grain 
diameters).  It  is  interesting  to  reflect  that  whereas 
most  theoretical  treatments  of  T-curve  behaviour 
focus  almost  exclusive^  on  the  former,  it  is  the  latter 
that  is  the  key  contributing  factor  to  the  tolerance  in 
mu  material,  by  virtue  of  its  controlling  mllueiKc  on 


the  scale  of  the  llaw  insensitivity  range  i  -  *  , , 

tFig.  4).  Thus  whereas  many  materials  processors  seek 
to  optimize  only  the  magnitude  T.  it  is  apparent 
that  the  range  « ,  <1  may  be  at  least  as  important 

The  type  of  construction  depicted  in  Figs  4  to  b  is 
just  one  of  several  possible  ways  (6)  of  representing  the 
T-curve  influence  on  flaw  mechanics  One  commonly 
used,  alternative  construction  warrants  special  men¬ 
tion.  because  of  an  unwitting  tendenev  for  workers  in 
the  ceramics  field  to  regard  its  scope  of  application  a> 
universal.  We  refer  to  the  construction  in  which  both 
T  and  A'j  are  plotted  as  a  function  of  crack  extension. 
Ac  ■  c  -  t  „  (or.  for  pores.  At  ■>  <  -  b..).  instead  of 
absolute  crack  size,  r  (17).  In  that  scheme  a  change  in 
flaw  size  is  represented  as  a  shift  in  the  intercept  of  the 
A’.tAc)  load  line  along  the  negative  Ac  coordinate, 
with  an  invariant  T-  or  A-curve  fixed  at  some  origin 
along  the  abscissa.  Such  a  construction  might  at  first 
sight  appear  to  be  equivalent  to  that  shown  in  Fig.  5 
(and  6)  for  defects  without  T-curve  history  over 
their  initial  area:  there  we  simply  displaced  the  origin 
of  T  instead  of  A*.  However,  we  recall  from  Sections 
2.3  (and  2.4)  that  the  function  T  (Ac)  (inserting 
r  -  Ac  +  r«  in  Equation  5.  or  c  ■  Ac  +  in 
Equation  S)  is  not  invariant  with  r«  (or  />*):  i.e.  the 
shape  of  the  T-curve  depends  on  the  initial  flaw  size. 
The  alternative  construction  is  even  more  inapplicable 
to  flaws  with  full  T-curve  history,  such  as  the  micro- 
crack  system  in  Fig.  4.  where  the  relative  locations  of 
the  T and  K,  origins  are  fixed  regardless  of  c4.  For  this 
last  flaw  type,  constructions  that  shift  the  relative  Kt 
origin  wilt  inevitably  lead  to  a  significant  underestimate 
of  the  tolerance  level  (e.g.  will  predict  a  curve  closer  to 
B  than  to  A  in  Fig.  7).  It  is  dear  that  considerable  care 
needs  to  be  exercised  in  drawing  conclusions  regarding 
strength  characteristics  from  the  traditional  A-curve 
representations. 

We  have  seen  that  the  tolerance  properties  of  a 
material  with  T-curve  behaviour  depend  strongly  on 
the  flaw  type.  This  dependence  may  be  usefully 
explored  in  the  indentation-strength  test,  by  exami¬ 
ning  the  data  set  in  the  low-load  region.  Thus  we  note 
for  our  alumina  material  in  Fig.  2  that  the  am(P)  data 
tend  asymptotically  to  the  strength  level  for  breaks 
from  natural  flaws:  and.  moreover,  that  this  level 
itself  corresponds  (within  experimental  scatter)  to  the 
plateau  value  arm  in  Fig.  7  for  microcrack-type  flaws 
with  full  T-curve  history.  We  conclude  that  the  domi¬ 
nant  natural  flaws  in  our  alumina  must  have  evolved 
within  the  (bridging)  T-curve  field,  and  are  therefore 
most  likely  to  be  the  grain-facet  microcracks  of  the  kind 
shown  in  Fig.  3a.  There  is  indeed  evidence  from  in  utu 
observations  of  polished  alumina  surfaces  that  such 
microcracks  are  the  most  prevalent  source  of  natural 
failures  (7. 1 8).  That  thc<xlu(T)  plot  for  the  indentation 
flaws  is  asymptotic  to  rather  than  coincident  with  the 
(tH,  plateau  is  attributable  to  an  additional  driving 
force,  proportional  to  P.  associated  with  residual  con¬ 
tact  stresses  |7.  MI-12).  For  flaws  without  complete 
T-curve  history,  e.g.  the  pores  m  Fig.  tb.  the  attendant 
reduction  in  strength  values  will  manifest  itself  .is  a 
cut-olf  in  the  <»,„(/’)  plot  m  the  low-load  legion  *1  Ins 
indicates  that  such  delects  aie  not  present  in  a  sulluieni 


numtvr specimens  lo  k*wer  the  mean  strengths  of 
our  alumina  significantly.  hut  there  are  reported  data 
for  Mjvcral  other  ceramics  without  strong  r-curu* 
characteristics  (including  aluminas)  that  exhibit 
strong  cut-oir  hehaviour  |7).  It  is  these  latter  defect 
types  that  pose  the  greatest  threat  to  degradation  of 
strength  properties, 

In  conclusion.  Haw  insensitivity  is  a  natural  conse¬ 
quence  of  r-eurve  behaviour.  The  degree  of  insensi- 
fixity  depends  on  such  matters  as  history  and  geometry. 
The  implications  concerning  materials  design  arc  pro¬ 
found.  Nowhere  is  this  more  apparent  than  in  ceramics 
processing  strategy.  Elimination  of  all  daws  need  not 
be  the  ultimate  objective  of  materials  fabrication.  In 
this  view  it  might  not  make  good  sense  to  pursue 
unlimited  rclinement  of  the  microstructural  makeup, 
particularly  where  the  elements  of  that  particular 
microstructure  compensate  by  enhancing  the  T-curve. 
Moreover,  the  attendant  crack  stabilization  afforded 
by  the  rising  T-curve  could  be  turned  to  advantage,  to 
provide  early  warning  of  any  impending  failure  (I  I],  It 
is  clear  that  future  decisions  in  ceramics  design  will 
inevitably  require  a  proper  understanding  of  the  under¬ 
lying  mechanics  of  the  T-curve  response,  along  with  a 
complete  characterization  of  the  flaw  types  that  are 
most  likely  to  lead  the  material  system  to  failure. 
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ABSTRACT 


A  grain-bridging  model  of  crack- resistance  or  toughness  (R-curve,  or  T- 
curve)  properties  of  nontransforming  ceramics  is  developed.  A  key  new  feature 
of  the  fracture  mechanics  treatment  is  the  inclusion  of  internal  residual 
(thermal  expansion  mismatch)  stresses  in  the  constitutive  stress-separation 
relation  for  pullout  of  interlocking  grains  from  an  embedding  matrix.  These 
internal  stresses  play  a  controlling  role  in  the  toughness  properties  by 
determining  the  scale  of  frictional  tractions  at  the  sliding  grain-matrix 
interface.  By  providing  a  physical  account  of  the  underlying  micromechanics 
of  the  bridging  process  the  analysis  allows  for  predetermination  of  the 
Material  factors  in  the  constitutive  relation,  thereby  reducing  parametric 
adjustments  necessary  in  fitting  the  theoretical  toughness  curve  to 
experimental  data.  The  applicability  of  the  model  is  illustrated  in  a  case 
study  on  indentation-strength  data  for  a  "reference"  polycrystalline  alumina 
with  particularly  strong  T-curve  characteristics.  From  theoretical  fits  to 
these  data  the  constitutive  relation,  and  thence  the  entire  T-curve,  can  be 
deconvoluted.  This  "parametric  calibration",  apart  from  demonstrating  the 
plausibility  of  the  model,  allows  for  quantitative  predictions  as  to  how  the 
toughness  and  strength  characteristics  of  ceramics  depend  on  such 
microstructural  variables  as  grain  size  and  shape,  grain  boundary  energy, 
level  of  internal  stress  and  sliding  friction  coefficient.  An  indication  of 
this  predictive  capacity  is  provided  by  a  preliminary  calculation  of  the 
grain-size  dependence  of  strength,  using  some  existing  data  for  other  aluminas 
as  a  basis  for  comparison. 
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1.  INTRODUCTION 


Huch  recent  attention  has  been  paid  to  the  phenomenon  of  a  systematically 
increasing  fracture  resistance  with  crack  extension  in  ceramics  (R-curve,  or 
T-curve) .  In  nontrans forming  ceramics  1  the  magnitude  of  this  increase  can  be 
respectable,  i.e.  in  excess  of  a  factor  of  three,  depending  on  the 
microstructure  [ 1 - 12 J .  The  ranee  of  extension  over  which  the  increase  can 
occur  is  perhaps  even  more  impressive,  amounting  in  some  instances  to  some 
hundreds  of  grain  dimensions.  The  R-curve  has  a  stabilising  influence  on 
crack  growth,  strikingly  manifested  in  strength  properties  as  a  tendency  to 
flaw  insensitivity  [13]:  hence  "flaw  tolerance",  a  concept  with  especially 
strong  appeal  to  those  concerned  with  structural  design. 

This  flaw  tolerance  is  especially  well  demonstrated  in  indentation- 
strength  tests  (3,4,9),  where  Vickers  indentations  are  used  to  Introduce 
controlled  starter  flaws  into  the  surfaces  of  strength  specimens.  At 
decreasing  indentation  load  the  strength  deviates  away  from  the  (logarithmic 
-1/3)  dependence  of  strength  on  indentation  load  predicted  for  materials  with 
single-valued  toughness,  and  tends  instead  toward  a  well-defined  plateau. 

Such  plateaus  have  been  reported  in  a  wide  range  of  ceramic  materials  [3,9], 
indicating  a  certain  genera Mty  in  the  R-curve  phenomenology.  Moreover,  these 
plateaus,  where  they  are  pronounced,  tend  to  the  strengths  for  failures  from 
processing  defects.  Thus  the  indentation- strength  test  provides  R-curve 
information  in  the  crack-size  domain  most  pertinent  to  designers,  i.e.  the 
domain  of  natural  flaws. 

1  As  distinct  from  transforming  ceramics  (zirconia) .  The  significant 
increases  in  toughening  in  this  latter  class  of  material  are 
relatively  well  documented  and  understood. 
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There  is  now  a  weight  of  direct  evidence  demonstrating  that  the  principal 
mechanism  of  rising  crack  resistance  behaviour  in  nontransformlng  ceramics  is 
grain- localised  bridging  at  the  crack  interface  behind  the  advancing  tip 
(4,5,7,10).  In  particular,  it  is  observed  that  frictional  tractions 
associated  with  the  pullout  of  Interlocking  grains  can  restrain  the  crack 
opening  for  large  distances  (up  to  several  mm  in  some  aluminas)  behind  the 
tip,  thereby  accounting  for  the  range  of  the  R-curve.  A  traditional 
preoccupation  of  ceramics  fracture  analysts  with  post-mortem  fractographic 
observations  had  long  precluded  identification  of  this  mechanism:  the  very 
act  of  failure  destroys  the  bridges.  It  is  only  recently,  as  a  result  of  in 
iitii  crack  extension  observations  made  during  the  stressing  to  failure,  chat 
the  bridging  mechanism  has  become  clear.  Again,  the  mechanism  appears  to  be 
common  to  a  wide  range  of  ceramics,  especially  noncubic  ceramics  that  fail  by 
intergranular  failure. 

Theoretical  descriptions  of  the  bridging  mechanism  are  in  their  infancy. 
Mai  &  Lawn  (13)  presented  a  model  based  on  a  distribution  of  closure  tractions 
across  the  crack  walls.  This  distribution  gives  rise  to  a  “microstructuralM 
stress  intensity  factor,  which  augments  the  stress  intensity  factor  associated 
with  the  applied  loading.  Since  this  micros true tural  stress  intensity  factor 
is  negative  it  can  be  regarded  as  part  of  the  toughness/crack-size  function, 
T(c) ;  thence  the  R-curve  (or,  more  strictly,  T-curve).  Key  to  the 
theoretical  development  is  the  specification  of  a  constitutive  stress- 
separation  function  defining  the  physical  restraint  exerted  by  individual 
bridges.  In  this  regard  the  approach  of  Mai  &  Lawn  was  phenomenological; 
they  recognised  the  need  for  an  extensive  functional  "tail*1  to  account  for  the 
large  traction  zone  behind  the  crack  tip,  but  adopted  an  empirical  inverse 


4 


celadon  Co  descrlba  1c.  Their  empirical  function  contains  the  necessary 
ingredients  for  a  macroscopic  description  of  the  failure  mechanics,  allowing 
for,  among  ocher  things,  a  deconvolution  of  indentation-strength  data  to 
obtain  the  T-curve  (9].  However,  while  there  is  some  precedent  in  the 
concrete  literature  for  tail-dominated  relations  (14),  the  empirical  approach 
precludes  a  fundamental  understanding  of  the  underlying  material  aspects  of 
the  phenomenon.  Uhat  elements  of  the  mlcrostructure  control  the  restraining 
tractions,  and  how  might  we  adjust  these  elements  to  optimise  the  R-curve 
characteristics? 

In  this  paper  we  set  out  to  answer  such  questions  by  incorporating  a 
stress-separation  function  based  on  a  specific  physical  mechanism  of  grain 
pullout  for  noncubic  materials.  Ve  consider  the  bridging  grains  to  be 
"locked"  into  the  "matrix"  on  either  side  of  the  crack  Interface  by  Internal 
thermal  expansion  mismatch  stresses.  Th«  resistance  to  pullout  then  derives 
primarily  from  Coulomb  friction  at  the  sliding  matrix-grain  Interface.  In 
this  sense  the  mechanism  is  analogous  to  that  of  fibre  pullout  in  ceramic 
composites.  Indeed,  we  shall  borrow  from  established  fracture  mechanics 
descriptions  for  composites  in  our  own  formulations.  Ve  are  led  to  consider 
internal  stresses  as  an  important  factor  for  two  reasons:  first,  because  of 
an  apparent  diminishing  of  the  T-curve  behaviour  with  addition  of 
intergranular  phases  in  alumina  ceramics,  the  second  phase  presumably  acting 
to  relax  the  stress  buildup  during  the  processing  (3,4):  second,  because  the 
T-curve  effect  has  been  observed  in  noncubic,  but  not  cubic,  ferroelectric 
ceramics  (viz.  barium  titanate  below  and  above  the  Curie  temperature  (3)).  We 
emphasise  at  the  outset  that  these  internal  stresses  enter  the  T-curve 
analysis  only  via  their  influence  on  the  micromechanics  of  bridging  and  not 
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via  any  direct  interaction  with  the  field  of  the  advancing  tip;  we  shall 
argue  chat  the  latter  possibility,  considered  as  a  potential  source  of 
toughness  variation  in  the  earlier  literature  (15),  cannot  account  for  the 
scale  of  the  T-curve  observed  in  the  materials  to  be  investigated  here. 

Our  goal  is  to  formulate  a  theory  for  quantifying  the  roll  of  such 
microstructural  parameters  as  size,  shape  and  spacing  of  bridging  grains, 
grain  boundary  energy  and  intergranular  sliding  friction  coefficient,  on  the 
strength  properties  of  ceramics.  To  illustrate  the  formalism  we  fit  our 
toughness  equations  to  some  data  from  previous  indentation-strength  tests  on 
an  alumina  with  particularly  strong  T-curve  characteristics.  Uich  the  results 
of  this  fit  we  then  make  some  preliminary  predictions  of  the  strength/grain- 
size  dependence.  The  ultimate  hope  is  that  such  an  approach  might  be  used  to 
establish  a  theoretical  base  for  a  processing  strategy  that  allows  for 
optimisation  of  strength  properties  of  ceramics  for  specific  applications. 


2.  MICRQMECHANICS  OF  FORCE -SEPARATION  FUNCTION  FOR  INTERLOCKING  CRAINS  KITH 
INTERNAL-STRESS -MODIFIED  FRICTIONAL  TRACTIONS 

2.1  Geometrical  Factors  and  Internal  Stresses 

An  important  element  of  our  model  is  the  geometrical  configuration  of 
interlocking  grains  at  the  crack  interface,  and  the  role  of  local  residual 
internal  stresses  in  determining  subsequent  frictional  restraints  as  these 
grains  are  progressively  disengaged  from  the  crack  walls.  Such  stresses  were 
first  discussed  in  the  context  of  grain  bridging  by  Swain  [16].  However, 
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Swain  confined  his  attention  Co  estimates  of  the  spatial  extent  of  the  T- 
curve,  without  any  consideration  of  the  shape  or  height  of  this  curve. 

Consider  first  thermal  expansion  mismatch  stresses  normal  to  the 
separation  plane  along  which  the  crack  is  to  propagate.  These  internal 
stresses  arise  from  crystallographic  anisotropy  of  individual  grains  within 
the  material  microstructure.  They  are  conservative .  in  chat  they  may  be 
relaxed  and  restored  in  any  elastic  operation  that  displaces  the  opposing 
half-spaces  across  the  separation  plane.  They  consist  of  both  tensile 
stresses,  ,  and  compressive  stresses,  oj : 


=  +  /3+  EAaAT 

(la) 

=  -  EAaAT 

(lb) 

where  E  is  Young's  modulus,  Aa  is  the  differencial  thermal  expansion 
coefficient,  AT  is  the  temperature  range  through  which  the  material  deforms 
elastically,  and  the  f)  are  coefficients  <  1.  Those  grains  subject  to 
compression  will  tend  to  remain  in  contact  with  both  sides  of  the  interface  in 
any  such  reversible  separation  process,  and  thence  constitute  incipient 
"bridges";  Chose  remaining  grains  subject  to  tension  may  then  be  considered 
as  making  up  the  constitutive  "matrix". 

How  define  a  characteristic  grain  size  £  and  characteristic  bridge 
spacing  d,  as  illustrated  schematically  in  Fig.  la  for  a  periodic  rectangular 
lattice,  such  that  the  area  fraction  of  bridges  is  £2/2dz.  Then  the 
requirement  for  the  tensile  and  compressive  stresses  to  balance  over  any 
potential  separation  plane  is  that 

aR(l  -  *2/2d2)  =  -  aR(i2/2d2).  (2) 
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For  the  ideal  case  of  a  unimodal,  homogeneous  grain  structure,,  where  we  expect 
equal  probability  of  tensile  and  compressive  stress,  i.e.  /?+  «  /J_  ,  Eq.  2 
requires  chat  d.  =  Z.  This  corresponds  to  the  limiting  configuration  in  which 
every  alternate  grain  is  (on  average)  a  bridge. 

How  might  these  internal  stresses  exert  restraining  forces  on  prospective 
crack  walls?  Vhen  we  deal  with  fracture  mechanics  later  we  will  need  to 
distinguish  certain  crack-size  domains.  For  very  small  cracks  in  the  initial 
stages  of  development,  c  <  d,  the  walls  will  feel  the  full  influence  of  either 
the  matrix  tensile  stress  aK  (or,  alternatively,  the  compressive  stress  a\  in 
the  relatively  unlikely  event  of  cracks  generating  from  within  the  bridges 
themselves).  Thus  in  this  domain  the  discreteness  of  the  microstructure  is 
crucial.  For  very  large  cracks,  c  »  d,  the  internal  stresses  must  average 
out  to  zero  over  the  potential  separation  plane.  In  the  intermediate  domain 
within  the  first  few  bridge  intersections  the  micrcstrur.tural  discreteness, 
representable  as  alternate  areas  of  positively  and  negatively  stressed  grain 
facets,  will  rapidly  wash  out  (the  crack  area  increasing  with  «*  c2  for  the 
penny-like  geometry).  Accordingly,  we  make  the  approximation  chat  the  net 
internal  elastic  stress  across  any  crack  area  beyond  the  first  bridge  is  zero. 

If  this  last  approximation  holds,  then  the  origin  of  the  closure  stresses 
needed  to  produce  toughening  must  lie  in  some  subsidiary,  nonconservative 
source.  Suppose  the  fracture  to  be  intergranular,  and  consider  the  internal 
stresses  transverse  to  the  separation  plane  at  the  grain-matrix  interfaces 
(Fig.  lb).  Some  of  the  grains  (those  destined  to  act  as  bridges)  will  be  in  a 
state  of  residual  compression.  At  this  stage  we  make  no  attempt  to 
distinguish  fine  details  of  the  stress  state,  assuming  a  uniform  distribution 
at  the  boundaries.  We  shall  propose  below  that  Coulomb  sliding  friction  at 
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che  compressive  grain-matrix  interface  provides  the  dominant  closure  stress  as 
the  surfaces  are  separated  along  the  grain  boundaries.  It  is  possible  chat 
not  all  compressively  stressed  grains  will  be  ideally  oriented  to  provide 
effective  interlocking,  in  which  case  we  may  generally  expect  d  >  Jt,  even  in 
ostensibly  homogeneous  microstructures.  In  this  model  che  internal  stresses, 
although  not  che  direct  cause  of  che  closure,  are  (contrary  to  what  one  might 
at  first  sight  conclude  from  che  preceding  paragraph)  far  from  benign,  since 
they  determine  the  magnitude  of  che  frictional  tractions. 

Accordingly,  we  need  to  determine  a  constitutive  relation  between  closure 
stress,  p,  and  (half)  crack-wall  separation,  u,  for  this  dissipative  friction 
component.  Ve  shall  adopt  che  convention,  consistent  with  our  notion  that 
frictional  tractions  will  always  act  to  oppose  crack  opening,  that  positive 
p(u)  denotes  closure.  The  function  p(u)  is  derived  for  different  crack-size 
regions  in  the  following  subsections. 

2.2  Frictional  Debondlne  at  Matrix-Grain  Interface 

Suppose  the  crack  intersects  a  grain  in  residual  compression,  Fig.  2a. 

The  intersected  grain  initially  exerts  an  opening  force  on  che  crack  walls. 

As  separation  behind  the  advancing  crack  tip  proceeds,  this  opening  force 
diminishes  and  ultimately  becomes  negative  (closure) ,  leaving  the  grain 
embedded  in  the  matrix  on  both  sides  of  che  interface.  This  is  the  first 
stage  of  bridge  formation.  The  ensuing  build-up  of  differential  strain 
between  the  grain  and  matrix  results  in  interfacial  debonding,  starting  at  the 
crack  plane  and  extending  stably  up  the  interface.  Simultaneous  with  this 
debonding  is  the  onset  of  resistive,  frictional  tractions,  increasing  in 
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intensity  until  debonding  is  effectively  complete. 

Calculations  of  the  debonding  process  have  been  carried  out  in  the 
ceramic  composites  literature,  particularly  in  the  context  of  fibre- 
reinforced  composites.  We  resort  to  one  such  calculation,  by  Marshall  and 
Evans  [17],  deferring  details  to  the  Appendix.  At  the  outset  we  may  assert 
that  the  debonding  is  unlikely  to  make  a  profound  contribution  to  the  energy 
dissipation;  although  frictional  forces  are  involved,  the  distances  over 
which  these  forces  are  active  is  limited  to  the  relatively  small  elastic 
displacements  within  the  internally  stressed  bridges.  Balancing  the 
integrated  frictional  shear  lag  stress  over  the  debonded  interface  area 
against  the  axial  stress  in  the  residually  stressed  bridging  grain,  one 
obtains  a  square  root  dependence  of  closure  stress  p  on  u  [17]  (Appendix), 

p(u)  =  {(2poREV*2)l/2/(2d2/.{2  -  l))u1'2  -  o*  (3) 

where  X  is  the  circumferential  distance  around  the  debonding  grain  at  the 
separating  interface  (e.g.  X  =  Ui  for  the  rectangular  geometry  in  Fig.  1)  and 
p  is  the  friction  coefficient.  We  note  the  appearance  of  E  in  Eq.  3, 
consistent  with  an  elastic  relaxation  process.  We  note  also  the  negative 
intercept,  p(0)  =  -  ,  indicative  of  the  opening  stress  that  pertains  at 

initial  wall  separation. 

2.3  Sliding  Friction  Grain  Pullout 

Once  debonded,  the  grain  can  slide  out  of  the  matrix,  Fig.  2b.  The 
frictional  closure  stress  on  the  crack  wall  is  now  exerted  by  individual 
bridging  grains  as  they  are  pulled  out  of  the  embedding  matrix.  The  force 
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«x«rc«d  by  one  grain  at  any  wall-vaii  separation  2u  is  given  by  the  product 
of:  A(2u.  -  2u) ,  with  2u.  the  separation  at  which  the  grain  disengages  (area 
of  grain  wa).L  in  contact  with  matrix);  n  (sliding  friction  coefficient);  and 
-  ojj  (normal,  clamping  stress) .  Noting  that  the  average  area  occupied  by  one 
bridge  is  2d2  and  recalling  Eqs.  1  and  2,  we  obtain 

P(u)  =  0io*.\u./d2)(2d2/i2  -  1)(1  -  u/u.).  (A) 

This  relation  has  the  same  characteristic  falloff  with  u  as  assumed 
empirically  in  earlier  studies  [8,9],  except  that  here  it  is  explicitly 
linear.  Such  a  linear  dependence  is  contingent  on  an  invariant  cross- 
sectional  grain  geometry  during  pullout  [18],  as  implicit  in  our  consideration 
of  a  rectangular  microstructure  in  Fig.  2.  The  representation  in  Fig.  2  also 
depicts  the  frictional  forces  as  distributed  uniformly  and  symmetrically  over 
the  entire  matrix/bridging- grain  remnant  "contact”  interface.  Direct 
observations  of  the  bridging  configurations  indicate  that  the  reality  is  more 
complex:  the  bridging  configuration  is,  in  general,  far  from  rectangular,  and 
the  frictional  contact  regions  tend  to  be  concentrated  at  points  of 
geometrical  irregularity  (ledges,  re-entrant  corners,  etc.),  often  across  a 
single  (compress ively  stressed)  facet  of  the  disengaging  grain,  where  the 
resistance  forces  can  be  intense  (see,  for  instance,  Fig.  12  of  Ref.  7),  Ours 
is  a  somewhat  idealised  representation  of  the  closure  stress  function. 
Nevertheless,  Eq.  4  does  contain  the  essential  physics  of  the  proposed 
separation  process,  and  is  well  structured  for  incorporation  of  critical 
microstructural  parameters. 

In  deriving  Eq.  4  wc  have  not  considered  the  possibility  that  the 
bridging  grains  might  rupture  transgranularly.  If  such  rupture  were  to  occur, 
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p(u)  would  cue  off  prematurely  at  some  critical  separation.  Such  cutoffs  are 
indeed  predicted  in  ceramic  composites  with  continuous  fibres  (17).  They 
might  be  expected  in  our  monophase  ceramics  if  the  frictional  stresses  were 
allowed  to  build  up  sufficiently,  e,g.  at  large  grain  sizes.  For  the  present 
we  neglect  this  possibility. 

Because  sliding  friction  can  occur  over  a  large  fraction  of  the  embedded 
grain  dimension,  we  may  anticipate  pullout  to  dominate  debonding  as  a 
contributory  factor  in  the  toughening. 

2.4  gflM9gl£fi.,.g(ul..functlgQ 

Now  let  us  combine  the  results  in  Sects.  2.3  and  2.4  to  obtain  a 
composite  closure  stress-separation  function  p(u)  for  the  entire  evolution  of 
the  bridge,  from  initial  formation  to  rupture  and  beyond.  It  is  re-emphasised 
that  we  are  dealing  with  an  approximation  in  which  a  discrete  distribution  of 
bridging  forces  is  replaced  by  a  continuous  stress  function.  We  recall  that 
this  approximation  is  good  only  for  cracks  with  area  large  compared  to  the 
area  occupied  by  a  single  bridge  (c  »  d) .  As  alluded  in  Sect.  2.1,  we  shall 
extend  the  formalism  down  to  the  intermediate  crack-size  domain,  but  not  to 
the  small-crack  domain  (c  <  d)  where  the  Internal  stresses  dominate. 

Notwithstanding  these  provisos,  we  reduce  the  closure  stress  function  as 
follows: 


p(u)  =  pD(u/u.)1/2  -  , 

(0  £  u  £  u+) 

(5a) 

p(u)  =  pH(l  -  u/u.) , 

(u+  :S  U  =S  U*  ) 

(5b) 

/-S 

c 

S-/ 

II 

o 

(u  >  u.) 

(5c) 
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where  Che  scaling  quantises 


p0  -  (2pff*EAu./X2)l'V(2<lV*2  -  1)  (6a) 

Pm  a  (pff*Au./d2)(2d2/,t2  -  1)  (fib) 

are  respecclveLy  the  shear-lag  scress  In  Eq,  3  evaluated  at  .  *  '*  In  che 
absence  of  residual  scress  a x  and  che  sliding  friccion  stress  in  Eq.  4 
evaluaced  at  u  =  0.  Equation  5  is  plocced  schematically  in  fig.  3.  Thus 
have  a  function  p(u)  with  negative  intercept  at  p(0)  =  -  a* ,  square  root 
dependence  to  che  crossover  point  at  u  «  uf ,  and  linear  decline  to  p(u. )  a  o. 
The  area  under  che  curve  in  Fig.  3  represents  che  energy  of  separation  of  che 
bridged  interface. 

It  is  instructive  to  determine  che  crossover  point  where  che  p(u) 
functions  in  Eqs.  Sa  and  Sb  are  identically  equal: 

Ut/u.  a  (Po/2pM)2((l  +  4Pm(Ph  +  °r)/Po)U2  *  U2*  (7) 

As  Indicated  above,  we  may  generally  expect  to  find  p0  »  pH  +  ,  ut/u«  « 

( (Pm  +  o*)/Po)2  «  li  ln  which  event  the  debonding  terra  will  be  relatively 
insignificant  in  che  fracture  mechanics.  Ue  shall  find  this  to  be  che  case 
for  our  alumina  later  (Sect.  4). 


3.  FRACTURE  MECHANICS 

3 . 1  General  Equilibrium  Requirements 

Begin  by  defining  a  general  stress  intensity  factor  condition  for  the 
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equilibrium  of  a  crack  subject  to  an  applied  tensile  loading  field  (Ka),  a 
flaw- localised  internal  tensile  field  associated  with  any  residual  nucleatlon 
forces  on  the  crack  (Kr)  (19),  and  a  microstructure-associated  closure  field 
(Km)  (8),  These  scress  Intensity  fields  are  linearly  superposable,  A 
stationary  value  obtains  when  the  net  K  on  the  crack  tip.  K.  (c)  say,  just 
balances  the  toughness  associated  with  reversible  creation  of  surfaces,  T0 ; 

K.(c>  =  K.(c)  +  Kt(c)  +  K„(c) 

-  T0  =  (270E')i/2  (8) 

with  E'  «  E/(l  -  v1)  for  plane  strain,  v  Poisson's  ratio.  Here  is  an 
appropriate  surface  energy  term.  For  the  case  of  special  interest  to  us,  that 
of  intergranular  fracture,  we  have 

27o  =  27s  *  7s  #  (9) 

with  7S  the  surface  energy  of  the  bulk  solid  and  ya  the  grain  boundary 
formation  energy. 

It  is  convenient  to  restate  the  above  equilibrium  requirement  in  a  form 
appropriate  to  the  R-curve  phenomenology.  We  note  chat,  like  K, ,  Kr  is  a 
truly  extrinsic  mechanical  driving  force  on  the  crack  system.  (We  shall 
identify  Kr  specifically  for  indentation  cracks  below.)  The  quantity  on 
the  ocher  hand  is  an  intrinsic  resistive  term,  always  negative,  so  is  more 
appropriately  regarded  as  part  of  the  toughness,  i.e.  Tp  =  -  K,, .  Accordingly, 

Ka(c)  =  K.(c)  +  Kc(c) 

=  T0  +  T„  (c)  =  T(c) .  (10) 

The  composite,  crack-size  dependent  toughness  term  T  is  equivalent  to  the 
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quantity  K*  used  by  some:  we  adopt  the  T  notation  to  avoid  potential 
confusion  with  the  negative  sign  In  ,  and  to  emphasise  that  we  are 
considering  an  intrinsic  material  property  rather  than  an  extrinsic  mechanical 
force.  We  may  note  the  equivalence  of  the  above  stress  intensity  factor 
relation  Kc  =  KA  *  T  with  che  mechanical  release  race  relation  Ge  =  R,  via  the 
familiar  connection  T  =  (RE')l/2  (13);  hence  our  use  of  the  term  HT-cutveH 
instead  of  the  more  familiar  "R-curve". 

The  critical  condition  for  the  crack  equilibrium  to  be  unstable  is  Chen 
given  by  dK. (c)/dc  i  dT0/dc  ■  0  in  Eq.  8  or,  alternatively,  by  dKA (c)/dc  fc 
dT(c)/dc  in  Eq.  10  (3).  The  latter  defines  the  familiar  "cangency"  condition 
for  materials  with  T-curves. 


Consider  Che  idealised  penny  crack  system  in  Fig.  A.  As  discussed  in 
Sect.  2.1  we  suppose  that  the  crack  originates  within  the  matrix  (i.e.  in  a 
region  between  bridges)  subject  to  the  (conservative)  tensile  stress  o* ,  and 
subsequently  spreads  into  the  surrounding  regions  defined  by  the 
(nonconservative)  closure  stress  function  p(u).  We  shall  designate 
contributions  to  the  microstructural  toughness  term  TM  from  the  aK  component 
by  single  prime  notation,  and  from  the  p(u)  component  by  double  prime,  i.e.  T,, 
=  TjJ  +  TjJ 1 .  It  is  convenient  tb  separate  Che  problem  into  three  crack-size 
regions:  c  smaller  than  d  (corresponding  to  first  bridge  intersections  at  one 
half  the  spacing  2d  in  Fig.  1);  c  larger  than  d  but  smaller  than  the  critical 
size  c,  at  which  the  first-intersected  bridges  just  rupture;  c  larger  than  c, 
(such  that  the  entire  bridging  zone  translates  with  the  advancing  tip).  As  we 
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shall  see  below  (Secc.  3.2.2),  a  further  subdivision  of  the  second  of  these 
regions  may  be  made. 

3.2.1  Precursor  tensile  zone,  c  3  d.  Within  this  region  the  crack 

experiences  only  the  matrix  tensile  stress  The  negative  of  the  stress 

intensity  factor  for  this  region,  ,  is  of  the  familiar  form  for 

uniform  stress  fields, 

T;<c)  =  -  i>ot cl/I,  (c  i  d).  (11) 

where  ^  is  a  geometry -dependent  coefficient  appropriate  to  penny- like  cracks. 
In  this  region  the  contribution  from  p(u)  is,  of  course,  zero,  i.e. 

T;'(c)  -  0,  (csd).  (12) 

3.2.2  Bridging  zone,  d  S  c  i  c. .  Within  the  bridging  zone  the  crack 
experiences  two  contributions,  one  due  to  the  persistent  tensile  stresses  oR 
over  the  radial  distance  r  £  d  and  the  other  to  the  frictional  closure 
stresses  p(u)  over  r  &  d.  These  microstructural  contributions  will  continue 
to  evolve  with  crack  extension  as  long  as  the  first- intersected  bridge  at  r  = 
d  remains  intact. 

Start  with  the  first  of  these  contributions,  .  We  use  the 

Green's  function  solution  for  penny- like  cracks  subject  to  radially 
distributed  stresses  o(r)  =  over  0  i  r  £  d,  o(r)  =  0  over  r  £  d  ((20); 

d 

T;(c)  =  -  W/c1/2)J  ro(r)dr/(c2  -  r2)1/2 

0 

=  -  \toRc1/2[l  -  (1  -  d2/c2)1/2),  (d  i  c  <  c„).  (13) 
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The  following  lisle*  are  of  interest:  «c  c  «  d,  *  -  ifaRdl/2,  as  required 
to  match  Eq.  11;  at  c  »  d,  *•  -  \krRdJ/2c3/2 ,  which  is  the  solution  for  a 
central  point- forc«  opening  configuration.  It  is  apparent  chat  the  influence 
of  the  persistent  matrix  stress  diminishes  rapidly  once  the  crack  enters  this 
bridging  zone. 

Now  consider  the  second  contribution,  T£*  *  -  K^'.  In  its  exact  form, 
this  contribution  is  expressible  as  a  nonlinear  integral  equation,  which  has 
no  general  closed-form  solution  (21).  To  avoid  a  detailed  numerical  analysis 
we  compute  this  term  analytically  in  the  approximation  of  "weak  shielding" 
(9,17],  where  the  influence  of  the  closure  stresses  is  taken  into  account  in 
the  stress  intensity  factor  balance  but  is  ignored  in  the  crack-opening 
displacement  relation.  The  assumption  of  weak  shielding  is  appropriate  for 
ceramics  with  modest  toughening  characteristics,  i.e.  ceramics  for  which  T^*  < 
T0 ;  for  our  model  material  this  condition  is  satisfied  in  tho  crucial  small- 
crack  region  (see  Sect.  4,  Fig.  7).  In  this  approximation  we  have  [9,17] 

ru« 

T; ' (u)  «  +  (E'/T0)J  p(u)du  (14) 

0 

where  u,  is  the  crack- opening  displacement  At  the  stationary  edge  of  the 
closure  zone,  Z  in  Fig.  5. 

The  integral  in  Eq.  14  is  most  conveniently  taken  in  two  parts,  according 
to  whether  the  crack-opening  displacement  u  is  less  or  greater  than  u+  in  Fig. 
3.  For  the  first  region  we  insert  p(u)  from  Eq.  5a: 

T; ' (u)  =  +  (E'/To)J  (p0(u/u.)1/2  -  oR]du 

0 

=  -  (E'/To)oRus(l  -  (2p0/3aR) (u,/u. )l,z ] , 

(0  £  uc  <14).  (15a) 
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For  the  second  region  we  insert  p(u)  from  Eqs.  5a  end  5b: 

T; '  (u)  »  +  (EVTo)l/  (Po(u/u«)l/2  -  Mdu  *  f  :Pm(1  -  u/ua))du) 

0  uf 

«  (E'AoX-  o*u,.[i  -  (apo/ao^K/u.)172) 

+  Phu«1(u,  *  u>)/u.]U  -  ((ux  +  ut)/2u« ) )) , 

(u*  s  ux  S  u. ).  (15b) 

To  transform  T„(u)  co  T„(c)  v«  muse  determine  the  zone-edge  displacement 
ut  »  ux(c)  from  an  appropriate  relation  for  the  crack  profile.  In  the  spirit 
of  the  weak- shielding  approximation  we  use  Sneddon's  solution  for  the  near¬ 
field  profile  u(r,c)  of  a  crack  free  of  microstructural  closure  terms,  but 
with  these  same  terms  Included  implicitly  in  the  equilibrium  requirement  (K.  a 
Te  in  Eq.  8)  (8,9), 

u(r,c)  »  (A 0/E'cl/2)(c2  -  r2)I/2.  (16) 

Then  the  requisite  crack-opening  displacement  u  =*  ux  »  u(d,c)  =  u(c)  at  the 
zone  boundary  r  >  d  is 

Me)  =  (Ao/E'cl'2)(c2  -  d2)1'2,  (dscic,).  (17) 

At  the  debonding/pullout  crossover  point  ux(d,c+)  =  u+(c)  =  u+  and  critical 
pullout  point  ut(d,c. )  =  u. (c)  =  u. ,  Eq.  17  reduces  to 

u+  =  (A0/E'ci/2)(c2  -  d2)1'2  (18a) 

u.  a  A0ci/2/E'  (c.  »  d)  (18b) 

respectively,  where  c+  and  c.  define  the  corresponding  crack  sizes. 

3.2.3  Steady-state  zone,  c  £  c* .  Once  the  critical  first- intersected  bridge 
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at  Z  (Fig.  5)  is  ruptured  the  entire  bridging  zone  translates  with  the 
advancing  crack  tip.  In  the  limit  c.  »  d,  Eq.  13  becomes 

T;  »  0.  (19) 

For  u.  »  u* ,  c.  »  c*,  evaluation  of  Eq.  15b  at  u,  «*  u.  similarly  gives 

T;'  »  +  E'Pmu./2T0,  (ufcu.).  (20) 

3.3  i-fiurw 

We  now  have  all  che  ingredients  for  constructing  the  T-curve.  At  this 
stage  it  is  convenient  r«  introduce  some  coefficients  that  characterise  the 
geometrical  features  of  che  microscructure  in  relation  to  che  grain  size,  2 
(Fig.  1).  This  introduces  che  concept  of  geometrical  similitude:  for 
microstructures  that  change  only  in  scale  and  not  in  che  essential  geometry 
such  coefficients  remain  invariant.  Thus  we  define  the  following  similitude 
constants: 


°d  =  d/2 

(21a) 

°L  =  W* 

(21b) 

1! 

(21c) 

<L  =  2u./L. 

(21d) 

The  coefficient  crd  relates  the  bridge  spacing  to  che  grain  size  (unity  for 
equiaxed  microstructures,  Sect.  2.1),  and  generally  defines  che  area  fraction 
of  bridges  (l/2ad);  aL  is  the  aspect  ratio  of  the  pullout  grains,  with  L  che 
long  (embedded)  dimension  (again,  unity  for  equiaxed  microstructures);  ax  is 
the  cross-sectional  perimeter  to  grain- diameter  ratio  for  the  embedded  grain 
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(4  for  grains  of  rectangular  cross  section);  and  <L  is  the  "bridge  rupture 
strain".  Then  we  way  substitute  into  Eqs.  7  and  11-20  to  determine  T(c)  ■  T0 
+  T^(c)  +  T^'(c)  in  the  following  crack-size  regions: 

T(c)  -  T0  -  ^rC1'2,  (c  sj  adi)  (22a) 

T(c)  »Te  -  V'Ml  -  (2p0/3o*)<c/c.)l'*<l  -  o^Vc2)3/M, 

(odi  i  c  25  ct)  (22b) 

T(c)  -  T0  -  *TrC1'2{1  -  (1  -  o2i2/c2)1'2  +  (ct/c)l'2(l 

-  a2i2/c2)l'2(l  -  (2pt)/3ox)  (Ct,/c.  )l/*  (1  -  a2i2/c2)‘'*)> 

+*PmC*'2{(1  -  a242/c2>2'2  -  (c*/c)i'2(l  -  )  (1 

-  >i[(c/c.)l/2(l  -  a24Vc2)l/2  +  (ct/c.)W2(l  -  a2jt2/c2)1'2)), 


(cH  S  c  i  c.)  (22c) 

T(c)  =  T0  +  typMc.l/2  =  T,,  (c  c.)  (22d) 

with 

Po  *  (^<L°t./1{TaE)1/2/(2Qd  -  1)  (23a) 

Pm  *  l/2a5)>  (23b) 

c.  -  (tLaLE'je/2^T0)2  (23c) 

[(c2  -  a2i2)/cj^2  =  (cLaLE'4/2*T0)(p0/2pM)2([l 

+  4pM(pM  +  oR)/p2)i/2  -  l)2,  (23d) 


the  last  (implicit)  equation  defining  c+ .  Note  it  is  only  the  spatial  scaling 
terms  c.  and  c+ ,  and  not  the  stress  scaling  terms  pD  and  pM ,  chat  depend  on  2. 
Evaluation  of  Eq.  22  indicates  that  T(c)  drops  below  T0  in  its  initial 
extension  within  c  :S  d,  but  quickly  increases  above  T0  once  the  bridging  zone 
is  entered  and  the  crack  extends  beyond  c+ ,  ultimately  saturating  at  its 
steady  state  value  for  c  £  c. .  We  shall  illustrate  this  general  trend  for  our 
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model  alumina  material  in  Sect.  4  below. 


3.4  Strength  Characteristic*  for  Indentation  Flaws 

Consider  finally  the  conditions  for  Vickers  half-penny  indentation  cracks 
produced  at  load  P  to  proceed  to  unlimited  failure  under  the  action  of  an 
applied  tensile  stress  a, .  From  those  conditions  we  may  compute  the  Inert 
strength  am  (i.e.  the  strength  in  the  absence  of  any  kinetic  effects)  as  a 
function  of  P,  and  thence  establish  the  basis  for  deconvolution  of  the  T-curve 
from  experimental  data. 

Begin  by  writing  KA(c)  in  Eq.  10  in  the  familiar  form  for  such  cracks: 

KA(c)  *  +  *P/c3/z  (24) 

where  x  l*  *  coefficient  dinoting  the  intensity  of  the  residual  Vickers 
elastic-plastic  contact  deformation  field  (22-24).  At  equilibrium,  KA(c)  = 
T(c) ,  we  have 

*.(c)  -  U/*cl/l)(T(c)  -  *P/c3'2).  (25) 

We  now  seek  an  instability  condition  for  am  (c) .  Recall  from  Sect.  3.1 
that  the  requirement  for  instability  is  dKA(c)/dc  dT(c)/dc.  In  terms  of  Eq. 
25  this  condition  is  equivalent  to  do, (c)/dc  £  0  [13].  In  general  (as  we 
shall  demonstrate  in  Sect.  4),  o, (c)  has  two  maxima,  one  on  either  side  of  c  = 
d:  that  at  c  <  *  is  governed  by  the  shorter-range  influence  of  the  residual 
contact  field  (Kr);  that  at  c  >  d  is  governed  by  the  longer-range  influence 
of  the  microstructural  interaction  (Kp  =  -  Tp)  (9).  The  relative  heigh -s  of 
the  two  barriers  is  determined  by  the  indentation  load.  Once  the  first 
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barrier  (at  c  <  d)  is  surmounted  the  crack  becomes  unstable.  However,  the 
crack  propagates  spontaneously  to  failure  only  if  the  second  barrier  (at  c  > 
d)  is  lower.  If  the  second  barrier  is  higher  the  crack  will  arrest  on  a 
stable  branch  of  the  oa( c)  curve  (’’pop  in")  before  an  unlimited  instability 
can  be  achieved.  Thus  the  strength  am  is  determined  by  the  greater  of  the  two 
maxima. 

It  rean—MS  to  demonstrate  how  one  may  solve  Eq.  25  numerically  for  the 
strength  characteristic,  and  thence  extract  the  T(c)  curve,  for  a  given 
material  system. 


4.  CASE  snm.QB  AS.ALUI1INA  .CERAMIC 

We  demonstrate  the  above  fracture  mechanics  formalism  by  analysing 
indentation-strength,  am( P) ,  data  for  a  particular  polycrystalline  alumina 
ceramic.  2  This  alumina,  apart  from  exhibiting  significant  T-curve 
characteristics,  has  served  as  a  model  material  in  previous  studies  of  Che 
bridging  mechanism  (3,4,7).  It  is  a  nominally  pure  material  with  grain  size  i 
a  20  /im.  In  actuality,  Che  material  contains  a  sn>all  amount  of  sintering  aid 
(<  0.1%  MgO  and  other  oxide  additive)  and  has  a  noticeably  nonuniform, 
nonequiaxed  grain  distribution  (e.g.  see  micrographs  in  Ref.  [7]),  but  we 
shall  regard  these  as  mere  "perturbations"  of  an  otherwise  regular 
micros tructure. 

The  analytical  procedure  involves  selecting  the  parameters  in  Eqs.  21,  22 
and  25  to  get  an  iterative  best  fit  to  the  o0(P)  data.  It  is  similar  in 

2  Vistal  grade  Al203 ,  Coors  Ceramics  Co.,  Golden,  CO. 
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principle  ro  che  procedure  described  In  an  earlier  study  (9),  buc  with  some 
refinements. 

4.1  Fitting  Procedure 

The  first  step  is  to  specify  initial  values  for  che  T-curve  parameters: 

(i)  Material  parameters.  First  we  specify  Young's  modulus  E  and  Vickers 
hardness  H  for  our  alumina.  The  values  E  a  393  cPa  (Poisson's  ratio  v  =  0.20) 
and  hardness  H  =  19.1  GPa  are  taken  from  earlier  data  (9).  These  values  are 
sufficiently  accurate  (<  ±  1%  uncertainty)  as  to  be  treated  as  invariants  in 
che  iteration  process. 

The  intrinsic  grain  boundary  toughness  T0  and  Internal  stress  o%  can  not 
be  specified  to  the  same  degree  of  accuracy  (probably  not  much  better  chan  ± 
30%).  For  T0  we  write  T0/Ts  «  (1  -  7B/27S)1/2  from  Eq*.  8  and  9,  with  Ts  = 

3.1  MPa.ml/2  che  toughness  of  single  crystal  sapphire  (9):  using  a  most 
recent  estimate  7b/ys  =  1.0S  (median)  from  dihedral  angle  measurements  of 
thermal  grooves  at  grain-boundary/free-surface  junctions  in  MgO-doped  alumina 
polycrystals  (25),  we  obtain  T0  =  2.1  MPa.m1/2;  however,  an  earlier  estimate 
7b/7s  =  0.54  in  bicrystals  [26]  suggests  that  the  true  value  of  T0  could  be 
somewhat  larger.  For  oR  we  Cake  a  value  100  MPa  (mean)  from  measurements  of 
Che  broadening  of  spectroscopic  lines  (27).  In  view  of  the  abovementioned 
uncertainty  level,  T0  and  aR  are  regarded  as  subject  to  minor  adjustment. 

(ii)  Bridging  parameters.  The  bridge  rupture  strain  and  the  sliding 
friction  coefficient  //,  are  even  more  difficult  to  specify  a  priori.  An 
estimate  of  cL  may  be  obtained  directly  from  microscopic  measurements  of 
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crack-opening  displacements.  For  our  alumina  grain  size  i  =  20  pm, 
displacements  u.  =  1-2  pm  have  been  observed  at  active  bridging  sites  some 
millimeters  behind  the  crack  tip,  corresponding  to  <L  »  0.05-0.10  (c.g.  from 
micrographs  in  Ref.  (7)).  Reichl  &  Steinbrcch  (28],  in  a  more  detailed  study 
of  several  "pure"  aluminas  in  the  grain  size  range  3-17  pm,  found  <L  «  0.12. 
This  parameter  probably  depends  strongly  on  the  detailed  grain  geometry,  so 
again  we  regard  it  as  an  adjustable,  with  <L  »  0.10  as  our  starting  value. 

As  with  any  dissipative  quantity,  the  friction  coefficient  p  is 
notoriously  difficult  to  predetermine  for  any  given  material  system.  We  have 
already  alluded  to  the  existence  of  geometrical  irregularities  that  might 
augment  p  in  the  grain  pullout  configuration  (Sect.  2.3),  suggesting  that  we 
should  not  be  surprised  to  find  unusually  large  values.  A  starting  estimate 
of  this  parameter  Is  accordingly  obtained  by  trial  and  error  using  the 
algorithm  described  below  (Sect.  A. 2)  in  preliminary  data- fit  runs. 

(iii)  Flaw  parameters.  Next,  we  specify  the  parameters  that 
characterise  the  Vickers  indentation  flaws.  We  use  "calibrated"  values  from 
previous  indentation  studies  (9]:  the  geometrical  constant  =  1.24  (close  to 
value  1.27  for  ideal  penny  cracks),  and  the  residual-contact- intensity 
coefficient  x  -  4.0X10*3 (E/H)1/2 .  These  are  taken  as  invariants. 

(iv)  Similitude  parameters.  Lastly,  we  specify  the  a  similitude 
parameters  in  Eq.  21.  We  take  ad  =  1  =  aL  and  ax  =  4,  corresponding  to  an 
ideally  equiaxed  and  rectangular  microstructure.  We  regard  aL  and  ax  as 
invariants,  noting  from  Eq.  23  that  errors  in  these  terms  can  be  largely 
accommodated  in  the  adjustments  of  eL  and  p.  The  bridge  spacing  parameter  ad 
we  allow  to  vary. 
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We  Chen  use  the  following  regression  algorithm  for  besc-ficcing  the  ca(P) 


data: 


(i)  After  evaluating  the  scaling  stress  (pD ,  pM)  and  spatial  (c. ,  c+) 
terms  in  Eq.  23  using  the  starting  parameters  from  Sect.  4.1,  compute  a  trial 
T- curve  from  Eq.  22. 

(ii)  Compute  the  function  a, (c)  in  Eq.  25  for  each  indentation  load  P 
for  which  experimental  data  are  available.  Determine  the  strength  oa  as  the 
maximum  in  this  function  at  each  of  these  loads  (recalling  chat  if  two  maxima 
exist  it  is  the  greater  which  determines  oa). 

(iii)  Compare  computed  strengths  with  measured  values,  and  thence 
evaluate  the  residual,  S(oa(P)emlc  -  ^(P)*,,*  ]2/(n  -  1),  over  all  n  loads. 

(iv)  Increment  the  adjustables  <L  and  n  in  a  "coarse"  first-run  matrix 
search  routine  (in  steps  10%  of  starting  values),  and  cycle  (i)  through  (iii). 
Invoke  a  minimum  variance  condition  to  determine  interim  best-fit  values. 

(v)  Increment  the  adjustables  <L ,  fi,  T0  ,  oR  and  ad  in  a  "fine",  second- 
run  routine  (ultimately,  in  steps  of  1%  of  starting  value),  and  proceed 
similarly  to  determine  final  best- fit  values. 


4.2  Results 

The  results  of  the  data  analysis  for  our  model  alumina  are  summarised  in 
Figs.  6-8,  corresponding  to  final  best- fit  values  €L  =  0.135,  n  =  1.80,  T0  = 
2.50  MPa.m1/2,  aR  =  155  MPa  and  ad  =  1.50.  We  note  that  eL  corresponds  to  the 
Reichl  &  Steinbrech  value  quoted  above;  that  /i  is  substantial,  as 
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foreshadowed  In  Sect.  2.3;  that  the  values  of  T0  and  ax  are  not  substantially 
different  from  the  first,  trial  estimates;  and  chat  ad  corresponds  to  a 
bridge  at  every  third  grain.  In  Fig.  6  the  solid  curve  represents  the  fit  to 
the  experimental  a„(P)  data  points  (error  bars  on  the  data  points  representing 
standard  deviations)  (3).  The  theory  accounts  for  the  major  trends  in  che 
data,  in  particular  che  tendency  to  a  plateau  strength  at  diminishing 
indentation  loads  (shorter  initial  crack  lengths). 

Also  plotted  in  Fig.  6,  as  che  two  dashed  curves  at  left,  are  che 
predicted  responses  for  the  same  alumina  corresponding  to  che  following 
hypothetical  "toughness  states":  frictional  stresses  "switched  off",  i.e. 
bridges  removed  (pD  =  0  =  pM ,  d  =  •) ,  but  matrix  internal  stresses  ever 
present  (<rK  0) ,  T  =  T0  -  ;  frictional  and  internal  stresses  switched  off 

(Po  =  0  «  pM,  d  =  «,  oK  =0),  T  =  T0 .  These  two  curves  quantify  che  degrading 
effect  of  the  internal  stress  on  Che  strength  at  low  indentation  loads  (small 
flaw  sizes);  and,  conversely,  the  (over-)  compensating  effect  of  the  friction 
at  high  loads  (large  flaw  sizes),  leading  ultimately  to  che  macroscopic 
toughness  state  T  =  T. . 

The  deconvoluted  T-curve  corresponding  to  the  data  fit  is  shown  in  Fig. 

7.  The  previously  mentioned  tendency  for  T(c)  to  drop  below  T0  prior  to 
intersecting  the  first  bridges  at  c  =  d  (Sect.  3.3)  is  apparent  in  this 
diagram.  This  is  a  facet  of  T-curve  behaviour  that  escapes  detection  in 
traditional,  large-scale  crack  tests,  where  the  initial  stages  of  crack 
propagation  generally  occurs  from  ill-defined,  rounded  notches.  The  falloff 
in  T(c)  continues  in  the  immediate  aftermath  of  the  first  bridge  intersection 
as  the  crack  enters  the  debonding  zone  d  25  c  ^  c+ ,  although  in  our  material 
this  region  is  so  small  (c+/d  £  1.01)  as  to  be  undetectable  in  Fig.  7.  Once 
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Che  crack  enters  the  frictional  sliding  zone  cf  £  c  S  c.  the  T-curve  rise 
rapidly  until,  at  c  c. ,  it  begins  its  familiar  rise  coward  saturation  at  T  a 
T. .  This  plot  shows  again  that  Che  internal  stress  is  an  important  factor  in 
Che  toughness  characteristic;  but  that  in  the  frictional  contribution  it  is 
only  the  pullout,  and  not  the  debonding,  that  is  important. 

Figure  8  shows  plots  of  applied  stress  vs  crack  size  for  our  alumina  at 
different  indentation  loads.  These  plots  illustrate  the  instabilities  that 
occur  in  the  crack  evolution  to  failure.  At  large  P  it  is  the  second  maximum, 
i.e.  the  maximum  associated  with  the  bridging,  that  dominates  (9).  Within  the 
plateau  strength  region  of  Fig.  6  the  initial  crack  "pops  in"  before  growing 
stably  to  failure,  consistent  with  observation  (7).  The  stabilising  effect  of 
the  bridging  is  evident  in  this  region  as  the  relatively  insensitivity  of  the 
second  maximum  to  P.  At  very  small  P  it  is  the  first  maximum,  associated  with 
the  residual  contact  field,  that  dominates.  In  principle,  indentations  in 
this  region  should  allow  us  Co  explore  the  extreme  left-hand  branch  of  the 
o„(P)  plot  in  Fig.  6,  but  the  almost  Invariable  presence  of  natural  flaws  in 
Che  size  range  c  >  d  generally  precludes  the  possibility  of  exceeding  the 
plateau  strength  level  (3,9). 


5.  GRAIN- SIZE  DEPENDENCE  OF  STRENGTH 

Let  us  demonstrate  the  versatility  of  the  "calibrated"  formulation  above 
by  considering  the  grain-size  dependence  of  the  T-curve,  T(c) ,  and  thence  the 
indentation-strength  function,  <rm ( P ) ,  for  alumina  ceramics.  There  are  few 
systematic  experimental  studies  of  such  grain-size  dependencies  in  alumina 
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(or,  indeed,  in  any  ocher  polcryscalline  ceramic  material)  in  the  iiceracure. 
However,  chere  are  some  earlier  indentation-strength  daca  for  cvo  aluminas, 
nominally  pure  with  grain  sizes  3  pa  and  25  pm,  chac  we  may  usefully  compare 
vich  che  results  for  our  reference  material  in  Sect  4  (3).  3  Also,  chere  are 
some  unpublished  bend-strength  data  by  Charles  &  Shaw  (29)  on  as -fired  "pure" 
aluminas  with  grain  sizes  in  che  range  6-150  pm  that  allow  a  tentative 
investigation  of  che  underlying  am(X)  relation  for  "natural”  flaws. 

Consider  first  che  indentation-strength  daca  (3)  for  che  3  pm  and  25  pm 
aluminas  in  Fig.  9.  Ue  make  our  comparison  by  generating  che  appropriate 
o.(P)  functions  using  precisely  che  same  best-fit  parameters  as  obtained  in 
Sect.  4,  but  with  X  appropriately  adjusted.  These  functions  are  plotted  as 
the  solid  curves  in  Fig.  9,  along  with  their  counterpart  for  X  »»  20  pm  (dashed 
line)  from  Fig.  6.  The  calibrated  theory  therefore  has  the  capacity  to 
predict  at  least  qualitative  trends  in  strength  and  toughness  characteristics 
with  change  in  the  important  microstructural  parameters. 

The  informational  value  of  comparative  predictions  of  che  type 
illustrated  in  Fig.  9  is  manifest  in  che  way  che  curves  cross  each  ocher.  It 
becomes  clear  chat  there  can  be  no  simple,  single  grain-size  dependence  of 
strength  for  materials  with  strong  T-curves  (R-curves).  In  particular,  the 
familiar  X'ltl  (Hall-Petch)  dependence  does  not  appear  to  be  obeyed  in  any 
crack-size  region.  Thus,  whereas  the  plateau  oa  tends  to  diminish  with 
increasing  X  at  low  loads  (small  c) ,  che  dependence  on  X  is  somewhat  less 
strong  than  i“l/2.  At  high  loads  (large  c) ,  aB  actually  increases  with  X. 

Now  consider  how  the  theory  compares  with  che  available  om(X)  daca  (29) 


AD999  grade  (3  pm),  and  heat-treated  Vistal  grade  (25  pm).  Coors 
Ceramics  Co.,  Golden,  CO. 
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for  failures  froa  "natural"  flaws,  Fig.  10.  The  solid  line  appropriately 
represents  che  predicted  dependence  of  plateau  strength  for  flaws  without  any 
residual  nucleation  field  (i.e.  Kr  =  0) ,  once  more  using  the  best-fit 
parameters  froa  the  reference  alumina  material  and  treating  i  as  an 
independent  variable.  We  may  note  that  the  slope  of  this  line  is  close  co 
1/3;  and  that  a  force- fitted  line  with  the  classical  Hall-Petch  slope  1/2 
cannot  be  made  to  pass  through  the  error  bars  on  the  data  points. 

5.  DISCUSSION 

Our  toughness/crack-size  (T-curve,  or  R-curve)  model  is  based  on  a 
physical  microstructural  constitutive  relation  for  crack  interfacial  bridging, 
in  which  thermal  expansion  mismatch  stresses  are  a  governing  factor  in 
determining  dissipative  Coulombic  frictional  pullout  tractions  at  interlocking 
grains.  The  model  accounts  for  the  major  features  of  che  T-curve  function, 
notably  che  magnitude  and  range,  for  nontransforming  ceramics.  Ue  emphasise, 
however,  that  our  T(c)  functions  have  had  to  be  best- fitted  co  che 
experimental  (indentation-strength)  data,  with  adjustable  parameters.  In 
addition,  the  formulation  embodies  several  approximations,  e.g.  weak- 
shielding,  undistorted  Sneddon  crack  profile,  negligible  cransgranular 
fracture.  Furthermore,  we  have  given  explicit  consideration  here  co  just  one 
ceramic  material,  alumina.  Accordingly,  any  "goodness  of  fit"  evident  in  the 
analysis  of  Sects.  A  and  5  is  not  to  be  construed  as  proving  che  general 
validity  of  the  bridging  model.  Such  proof  comes  from  independent,  in  situ 
observation  of  crack  micromechanics  on  this  alumina  (7)  as  well  as  on  a  wide 
range  of  other  nontrans forming  ceramics  [10],  not  from  conventional 
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macroscopic  fracture  mechanics  measurements.  However,  the  fit  does  confirm 
that  the  bridging  model  can  account  for  most  documented  characteristics  of  T- 
curve  (R-curve)  behaviour,  e.g.  the  flaw  tolerance  quality  and  grain-sire 
dependencies. 

Horeover,  once  the  T(c)  function  has  been  "calibrated"  against  a 
"reference"  data  set,  as  in  Sect.  3,  we  have  the  power  to  predict  how  the  T- 
curve  and  associated  oa(P)  functions  should  vary  with  changes  in  the 
microstructure.  We  alluded  to  this  power  in  our  brief  consideration  of  Che 
strength/grain-size  dependence  for  alumina  ceramics  in  Sect.  U.  A  more 
detailed  study  of  the  om(i)  dependence  in  aluminas  is  currently  under  way 
(30).  Similar  dependencies  of  strength  on  grain  boundary  toughness  (T0), 
internal  stress  level  (ox),  grain-grain  friction  coefficient  (/i) ,  may  be 
similarly  evaluated.  These  are  additional  factors  that  might  be 
systematically  adjusted  by  material  processors  to  improve  strength 
characteristics.  Thus  we  have  a  physically  sound  basis  for  optimising  the 
microstructures  of  the  broad  range  of  structural  ceramic  materials  whose 
toughness  behaviour  is  governed  by  the  bridging  mechanism. 

The  a  priori  specification  of  a  constitutive  stress-separation  law  is 
manifestly  the  single  most  important  factor  that  distinguishes  the  present 
analysis  from  previous  treatments  (8,9).  The  inclusion  of  the  internal  stress 
parameter  ax  is  an  especially  unique  feature.  Its  strong  influence  on  the 
mechanical  response  is  apparent  in  Figs.  6  and  7:  in  Fig.  6  as  the  comparison 
between  solid  oB(P)  curve  (data  fit  for  fully  bridged  crack)  and  central 
dashed  curve  (zero  internal  stress,  zero  bridging),  indicative  of  a 
countervailing  lowering  and  raising  of  the  strength  at  small  and  large  crack 
sizes  respectively;  in  Fig. 7  correspondingly  as  the  initially  falling  (c  <  d) 
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buc  ultimately  rising  T(c)  curve  (c  »  d) .  We  see  chat  the  Influence  of  t/R 
can  be  deleterious  at  small  c,  but  that  this  deleterious  Influence  may  be  more 
chan  compensated,  via  the  dissipative  frictional  sliding  Interaction,  at  large 
c.  The  route  to  flaw  tolerance  Is  therefore  a  delicate  one  of  balancing 
positive  and  negative  elements  of  Inbuilt  stress  states  at  opposite  ends  of 
the  flaw-size  spectrum. 

It  Is  useful  to  pursue  the  Issue  of  short  cracks  vs  long  cracks  In  the 
context  of  traditional  fracture  mechanics  testing.  Some  recent  experimental 
results  reported  by  Stelnbrech  &  Schmenkel  (12)  on  a  nominally  pure  alumina  of 
grain  size  I  *  13  pm  are  especially  well  suited  for  this  purpose.  Those 
authors  measured  crack  growth  from  slngle-edge-notched  beam  specimens  to 
obtain  T(c)  data  on  the  macroscopic  scale,  and  from  naturally  occurring  flaws 
In  four-polnt-bend  specimens  to  obtain  comparative  data  on  the  microscopic 
scale.  Their  results  are  plotted  In  Fig.  11,  together  with  the  theoretically 
predicted  curve  for  the  appropriate  grain  size  from  our  "calibrated"  Eq.  22. 
The  theoretical  curve  appears  at  least  to  reflect  the  broader  trends  of  the 
rising  T(c)  curve  large  c,  although  we  can  hardly  expect  any  such 
extrapolation  of  the  Indentatlon-strength-callbrated  curve  to  provide  an 
accurate  representation  In  this  long-crack  domain.  Conversely,  It  Is  evident 
that  there  are  Important  features  of  the  T(c)  function  at  small  c  which  may 
not  be  readily  quantified  by  experimentation  with  long-crack  specimens.  In 
particular,  the  falloff  In  T(c)  at  c  <  d  associated  with  Internal  tensile 
matrix  stresses  will  generally  pass  unnoticed  In  such  specimens.  This  Is  the 
domain  of  short  cracks,  where  mlcrostructure-scale  Instabilities  In  the 
Initial  growth  (e.g.  the  Initial  "pop-ln"  referred  to  In  Sect.  4)  can  occur. 

If  this  last  point  concerning  short-crack  Instabilities  Is  not  readily 
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apparent  in  conventional  crack-growth  tests,  it  certainly  is  manifest  in  one 
veil-documented  aspect  of  the  fracture  behaviour  of  ceramics.  This  is  the 
tendency  of  chose  ceramics  with  large  internal  stresses  to  exhibit  spontaneous 
microfraccure  at  some  critical  grain  size.  Let  us  note  chat  the  shape  of  the 
diminishing  T(c)  curve  in  Fig.  7  prior  to  the  first  bridge  intersection  at  c  « 
d  is  independent  of  grain  size  i  (Eq.  22a).  The  effect  of  increasing  d  will 
thus  be  to  extend  this  portion  of  the  T(c)  curve  further  downward.  If  we  wero 
to  scale  up  l  such  chat  T(c)  were  to  intersect  the  c-axis  before  the  condition 
c  -  d  is  satisfied,  then  pre-existing  flaws  would  become  amenable  to  unstable 
extension  without  any  external  load  applied.  Hence  the  phenomenon  of 
spontaneous  microfracture  may  be  seen  as  a  natural,  limiting  consequence  of 
our  model. 

The  implications  of  the  bridging  mechanics  presented  here  extend  beyond 
Che  immediate  question  of  inert  strength,  to  fatigue  and  lifetime  analysis 
[31]  and  to  wear  properties  of  brittle  ceramics  (32). 


32 


APPENDIX: _ Calculation  of  Frictional  Debondtng  Stress-Separation  Function 


In  this  Appendix  we  reproduce  che  essence  of  a  calculation  by  Marshall  & 
Evans  [17]  for  frictional  debonding.  We  assume  that  debonding  begins  at  the 
crack  plane  and  works  itself  up  the  matrix-grain  interface  a  distance  Y  as  the 
crack  walls  separate  through  displacement  u,  Fig.  2.  At  first,  we  suppose 
only  that  shear- lag  tractions  r(y)  do  exist,  and  only  later  connect  these 
tractions  with  internal  stresses. 

Consider  an  elemental  area  of  matrix-grain  interface  bounded  by  y  and  y  + 
dy.  At  equilibrium,  the  frictional  traction  r  over  this  area  must  be  balanced 
by  che  axial  internal  stress  cr(y)  in  che  embedded  grain,  i.e.  i2do(y)  =  - 
rAdy,  or, 


do/dy  =  -  rA/i2 .  (Ai) 

This  equation  may  be  integrated  at  constant  r  (neglecting  any  elastic  stresses 
at  y  >  Y) ,  over  y  =  0  to  y  =  Y.  We  Cake  as  boundary  conditions  a(0)  = 
p0(i2/2d2)  (recall  from  Eq.  2  that  i2/2d2  is  area  fraction  of  bridges)  and 
o(Y)  =  Po i  where  p0  is  the  stress  exerted  by  che  embedded  grain  in  che  absence 
of  any  residual  stresses.  The  integration  gives 

Po  =  (rAY/i2)/(2d2/i2  -  1)  (A2) 

The  strain  in  the  grain  (measured  relative  to  che  strain  endured  if  sliding 
were  to  be  prevented  (17))  at  the  debond  length  Y  is 

u/Y  =  H(p0/E)(2d2/i2  -  1).  (A3) 

where  che  factor  two  is  because  the  strain  has  a  linear  gradient  along  y. 
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Eliminating  Y  from  Eqs.  A2  and  A3  gives 


Po(u)  =  (2rEAu/^)U2/(2d2/il  *  1).  (A'O 

Nov  suppose  chat  the  friction  is  Coulombic,  i.e.  due  to  residual  internal 
stresses.  Then  we  may  write  Immediately,  r  =  pojj .  In  addition,  we  must 
replace  p0  by  p0  +  <rR ,  to  allow  for  the  residual  opening  force  exerted  by  the 
embedded  grain  on  the  matrix  at  zero  crack-wall  displacement  (17].  Uith  Eq. 

2,  these  modifications  lead  to  our  final  constitutive  relation  for  debonding, 

p(u)  =  K2paREV*2)l/V(2d2/42  -  l))u1'2  -  a%  (A5) 

as  per  Eq.  3  in  the  text. 
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FIGURE  CAPTIONS 


1.  Schematic  geometry  of  bridged  interface,  in  rectangular  "lattice" 
representation  of  micros true ture:  (a)  projection  normal  to  crack  plane; 
(b)  profile  view  along  crack  plane.  Shaded  areas  denote  bridging  grains. 
Characteristic  dimensions  Jt,  grain  size,  d,  bridge  spacing.  (The  factor 
2  in  our  definition  of  the  bridge  separation  is  so  that  later  in  Fig.  A 
we  may  conveniently  delineate  the  region  between  no-bridging  and  bridging 
simply  by  c  =  d.) 

2.  Stages  of  frictional  grain  detachment  from  matrix  at  separating 

interface,  (a)  Initial  debonding  stage,  with  progression  of  shear  crack 
up  the  grain-matrix  walls  to  2y  =  2Y  at  separation  2u.  (b)  Subsequent 

sliding  pullout  to  disengagement  at  2u  =  2u. .  Long  grain  dimension  L  is 
limiting  value  that  2Y  or  2u.  may  attain. 

3.  Schematic  plot  of  p(u)  closure  function,  Eq.  5.  Area  under  the 
composite,  solid  curve  is  a  measure  of  the  energy  absorbed  by  the 
debonding-pullout  bridging  process. 

A,  Growth  of  penny- like  crack  in  bridging  field;  (a)  side  view,  (b) 

projection  view.  Crack  experiences  only  matrix  tensile  stresses  up  to 
first  intersection  with  bridges  at  c  =  d.  Thereafter,  internal  stresses 
rapidly  average  out  to  zero  across  crack  plane,  and  frictional  closure 
forces  dominate. 
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5.  Coordinate  system  for  crack- Interface  bridging.  C  denotes  crack  tip,  Z 
the  edge  of  the  bridging  zone  at  c  =  d. 

6.  Plot  of  aB(P)  for  selected  alumina  material  of  grain  size  i  =  20  fim. 
Points  with  standard  deviation  error  bars  are  experimental  data  from 
reference  (3).  Solid  curve  is  best  fit  of  bridging  theory  to  these 
points.  Dashed  curve  at  extreme  left  is  corresponding  hypothetical  curve 
for  same  material  with  matrix  tensile  stresses  present  but  with  no 
bridging  tractions  (T  =  T0  -  T,J);  central  dashed  curve  corresponds  to 
same  material  but  with  no  bridging  fit  internal  stresses  (T  =  T0). 

7.  Deconvoluted  toughness  T(c)  function,  Eq.  22,  for  selected  alumina, 
corresponding  to  data  fit  in  Fig.  6.  The  falloff  in  the  function  below 
T0  prior  to  first  bridge  intersection  at  c  =  d  is  indicative  of  the 
initially  deleterious  effect  of  (tensile)  matrix  internal  stresses. 
Thereafter  the  crack  becomes  dominated  by  the  beneficial  influence  of 
frictional  grain  pullout  tractions,  whence  the  curve  rises  above  T0  again 
to  its  saturation  value  T„  at  c  =  c. . 

8.  Plots  of  <xa(c),  Eq.  25,  for  selected  alumina,  using  the  parametric 

determinations  from  Figs.  6  and  7.  Curves  are  for  indentation  loads  P 
covering  the  data  range  in  Fig.  6:  0.2  N;  fc,  IN;  £,2  N;  4,  10 

N;  £,  100  N;  f,  1000  N. 
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9.  Plots  of  (7„(P)  for  alumina  materials  of  grain  size  i  =  3  and  25  pm. 

Points  with  standard  deviation  error  bars  are  experimental  data  from 
reference  (3).  Solid  curves  are  predictions  of  bridging  theory 
appropriate  to  these  grain  sizes,  using  best- fit  parameters  from  the 
reference  alumina  material  (j!  =  20  pm)  from  Fig.  6.  (Reference  aB(P) 
curve  included  here  as  dashed  curve  for  comparison.) 

10.  Strength  vs  grain  size  for  polycrystalline  alumina.  Data  points  from 
Ref.  (29),  means  and  standard  deviations  of  inert  bend  strengths  for 
specimens  with  "natural"  flaws  (as-fired  "Lucalox®"  specimens).  Solid 
line  from  bridging  theory,  predicted  plateau  strengths  for  natural  flaws, 
using  best-fit  parameters  from  the  reference  alumina  material.  (Arrow  on 
data  point  at  t  =  66  pm  indicates  a  material  with  exceptionally  broad 
grain  size  distribution  (29).) 

11.  Comparison  of  T(c)  data  obtained  by  Steinbrech  &  Schmenkel  (12)  (shaded 
areas)  on  a  nominally  pure  alumina  of  grain  size  Jt  =  13  pm  using  surface 
cracks  (SC)  in  four-point  bend  and  single-edge-notched-beam  (SENB)  and 
specimens  with  small-scale  flaws  with  theoretically-predicted  curve  from 
present  analysis. 
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ABSTRACT 


Fatigue  properties  in  the  noncyclic  loading  of  ceramics  with  R-curvcs  aro 
studied.  Particular  attention  is  directed  to  the  potential  role  of  R-curves 
in  the  enhancement  of  fatigue  limits.  A  numerical  algorithm  for  solving  the 
appropriate  differential  equations  of  rate-dependent  failure  is  developed. 

Our  formalism  specifically  incorporates  a  crack-size  dependent  toughness 
function,  based  on  grain- localised  interfacial  bridging,  and  a  hyperbolic-sine 
velocity  function,  representative  of  a  fundamental  activation  process.  In  a 
case  study,  dynamic  fatigue  (constant  stressing  rate)  and  static  fatigue 
(constant  applied  stress)  data  for  a  coarse-grained  alumina  with  a  pronounced 
R-curve  are  analysed.  With  foreknowledge  of  the  toughness  parameters,  the 
intrinsic  crack- tip  velocity  function  is  deconvolved.  This  intrinsic 
function  is  distinguished  from  the  usual  "apparent",  or  "shielded",  (and 
demonstrably  nonunique)  function  determined  directly  from  the  external  load. 

It  is  confirmed  that  the  R-curve,  by  virtue  of  its  stabiislng  influence  on  the 
crack  growth,  significantly  enhances  the  fatigue  limit,  and  confers  the 
quality  of  "flaw  tolerance"  on  fatigue  lifetimes. 
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1.  INTRODUCTION 


Brittle  solids  arc  susceptible  to  dolaycd  failure  induced  by  "slow" 
growth  of  flaws  to  critical  dimensions  (1).  In  the  ceramics  community  such 
delayed  failure  is  referred  to  as  "fatigue",  even  for  noncyclic  loading 
conditions,  e.g.  constant  stress  ("static"  fatigue)  or  constant  stressing  rate 
("dynamic"  fatigue).  Experimental  data  are  usually  represented  ns  linear 
plots  on  appropriate  (logarithmic-coordinate)  fatigue  diagrams  (applied  stress 
vs  failure  time,  or  failure  stress  vs  stressing  rate),  the  slopes  of  which 
determine  a  fatigue  "susceptibility".  Embodied  in  most  analytical  treatments 
of  these  plots  are  certain  idealisations  concerning  the  fracture  mechanics, 
e.g.  that  the  strength-controlling  flaws  are  free  of  any  residual  driving 
forces  and  that  the  material  has  a  single-valued  toughness,  such  that  the 
(inverse)  susceptibility  is  directly  identifiable  with  the  exponent  in  a 
power-law  crack  velocity  relation  [2,3],  Characteristic  features  of  such 
treatments  are:  (i)  an  implied  uniqueness  of  the  crack  velocity  vs  mechanical 
energy  release  rate  (v-G)  function  for  a  given  material-environment  system; 
(ii)  a  critical  dependence  of  the  ensuing  lifetime  characteristics  on  the 
initial  flaw  size. 

An  important  shortcoming  of  the  conventional  log- linear  analysis  of  time- 
to-failure  behaviour  in  ceramics  is  the  lack  of  provision  for  a  fatigue  limit. 
The  existence  of  a  bounding  applied  stress,  olifa  say,  below  which  a  component 
effectively  has  infinite  lifetime  is  an  attractive  prospect  in  engineering 
design.  Efforts  to  detect  such  lower  bounds  as  deviations  from  linear 
response  in  the  long- lifetime  domain  of  fatigue  diagrams  have  been  few,  due 
partly  to  the  notorious  scatter  in  strength -related  data  and  partly  to  self- 
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imposed  short-term  restrictions  on  data  accumulation.  This  despite  a  well 
established  precedent  for  analogous  fatigue  limits  in  the  metals  literature 
(4).  A  study  by  Cook  (5)  on  sapphire,  using  indentation  flaws  to  reduce  the 
scatter  and  extend  the  range  of  constant  stressing  race  data,  is  one 
exception.  That  author  attributes  the  observation  of  an  asymptotic  lower 
limit  in  the  sapphire  strength  to  a  threshold  in  the  underlying  crack  velocity 
function,  i.e.  to  the  existence  of  a  zero  velocity  state  at  (positive)  nonzero 
applied  load.  Cook  used  a  power-law  velocity  function  in  stress  intensity 
factor  K  with  cutoff  to  describe  this  threshold;  we  shall  assert  chat  the 
velocity  function  is  written  more  justifiably  as  a  hyperbolic  sin*  in  G  -  27, 
where  7  is  a  thermodynamic  surface  energy.  Direct  measurements  of  rate- 
dependent  crack  growth  in  large-scale  crack  specimens  of  ocher  brittle 
materials  [6,7]  suggest  chat  velocity  thresholds,  and  thence  fatigue  limits, 
might  be  more  prevalent  in  ceramics  than  previously  suspected.  In  any  event, 
it  seems  apparent  chat  anything  we  could  do  to  the  material  system  to  augment 
this  threshold  would  surely  stand  to  improve  lifetime  characteristics. 

There  is  a  way  in  which  improvement  of  this  kind  might  be  achieved,  and 
that  is  to  make  use  of  Che  crack-stabilising  effect  of  R-curve  (or  T-curve) 
behaviour,  i.e.  a  systematically  increasing  crack  resistance  R  (or, 
equivalently,  toughness  T) ,  with  extension  [15].  R-curve  behaviour  arises 
because  of  the  shielding  of  the  crack  by  some  microscructure-associated 
energy-df -sipative  process  in  the  region  immediately  surrounding  the  tip.  It 
is  now  appreciated  t^t  many  nontransforming  ceramics  exhibit  such  behaviour 
[8-16],  It  has  been  argued  on  qualitative  grounds  that  the  restraining 
influence  of  shielding  should  extend  to  rate  dependent  crack  growth  [17],  and 
there  is  some  experimental  evidence  in  support  of  this  contention  in  zirconia 
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material  systems  (18).  However,  the  possibility  of  using  shielding  to  improve 
lower- limit  strength  levels  does  not  seem  to  have  attracted  much  attention  in 
the  literature. 

In  the  present  paper  we  explore  this  last  possibility.  As  a  case  study, 
we  examine  a  material  wich  pronounced  R-curve  behaviour,  a  coarse-grained 
alumina  of  a  kind  that  has  been  investigated  extensively  in  inert-environment 
(equilibrium)  indentation-strength  studies  (10, 12 , 14 ,15) .  The  R-curve 
behaviour  in  polycrystalline  alumina  is  due  to  persistent  grain- localised 
bridging  at  the  interface  behind  the  ( intergranular ly)  propagating  crack  tip. 
In  developing  a  fatigue  formalism  we  proceed  in  a  manner  similar  to  that 
described  in  earlier  indentation- flaw  fatigue  studies  (19-23)  for  materials 
with  single-valued  toughnesses,  but  with  proper  refinements.  Now,  we 
incorporate  specific  information  on  the  R-curve  (evaluated  from  control, 
inert- environment  indentation-strength  tests  (15)  on  the  same  material)  into  a 
general  hyperbolic  sine  v-G  function  to  establish  a  starting  differential 
equation.  A  numerical  algorithm  is  thereby  set  up  to  obtain  lifetime 
solutions  for  prescribed  time-dependent  applied  load  states  (constant 
stressing  rate,  constant  stress).  The  algorithm  is  used  to  fit  dynamic  and 
static  fatigue  data  on  our  alumina,  and  thence  to  determine  unknown  parameters 
in  the  v-G  function. 

More  general  implications  of  the  analysis  are  then  discussed:  (i)  We 
confirm  that  the  R-curve,  because  of  its  stablising  influence  on  the  crack 
growth,  strongly  enhances  the  fatieue  limit.  Indeed,  we  argue  that  a  fatigue 
limit  may  even  be  apparent  in  materials  that  exhibit  no  natural  threshold  in 
the  v-G  relation,  (ii)  We  stress  that  the  calibrated  crack  velocity  function 
is  the  intrinsic  v-G,  relation  for  the  material -environment  system,  i.e.  the 
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fundamental  relation  that  expressly  determines  the  crack- tip  motion.  This 
relation  Is  to  be  distinguished  from  the  "engineering"  v-G,  relation  chat 
would  normally  be  obtained  by  monitoring  the  external  load  on  the  system.  It 
Is  suggested  that  the  Intrinsic  velocity  relation  may  not  be  readily  obtained 
In  traditional  large-crack  tests,  because  of  a  history-dependence  of  the 
shielding  component  In  G.  Consequently,  contrary  to  conventional  expectation, 
the  apparent,  v-G,  relation  will  generally  not  be  unique.  (Ill)  We  show  chat 
the  fatigue  lifetimes  are  nas  strongly  dependent  on  Initial  flaw  size;  the 
quality  of  flaw  tolerance  In  the  strength  characteristics  for  materials  with 
R-curves  (24)  extends  to  fatigue  properties. 

Finally,  the  versatility  of  the  procedure  Is  Indicated;  once  the 
velocity  equation  Is  calibrated,  the  algorithm  may  be  used  for  a  priori 
predictions  of  the  fatigue  response  In  other,  potentially  more  complex  (e.g. 
cyclic)  loading  modes. 


2.  FRACTURE  MECHANICS 

In  this  section  we  outline  the  theoretical  basis  for  determining  failure 
lifetimes  for  ceramics  with  threshold  crack  velocity  functions  and  with  rising 
R-curves.  We  focus  specifically  on  nontransformlng  materials  whose  R-curve  Is 
attributable  to  crack- Interface  bridging,  although  It  Is  emphasised  that  the 
logical  procedure  for  the  analysis  will  be  the  same  for  other  crack  resistance 
processes.  We  start  by  writing  expressions  for  the  crack-size  dependence  of 
the  mechanical  energy  release  rate  G(c) ,  or  the  stress  Intensity  factor  K(c) , 
Incorporating  the  mlcrostructural  features  that  account  for  the  toughness 
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variation.  Then  ve  combine  these  expressions  with  the  crack  velocity  relation 
v(G)  to  introduce  a.  criterion  for  ratc-dependont  extension.  Given  the  time 
dependence  of  the  applied  stress,  o,(t),  a  differential  equation  for  the  crack 
growth  evolution  can  be  constructed.  The  aim  of  the  exercise  is  to  evaluate 
this  differential  equation  to  determine  the  failure  time,  i.e.  the  time  to 
take  the  initial  strength-controlling  flaw  to  a  critical  dimension  for 
unlimited  unstable  propagation.  Our  analysis  will  be  directed  to  controlled 
indentation  flaws,  but  we  stress  at  the  outset  that  the  formulation  in  this 
section  is  applicable  to  all  flaw  types. 

2.1  Crack  Driving  Force  and  the.  R-Curve 

Consider  first  the  mechanical  driving  force  acting  on  the  crack  tip.  As 
we  shall  argue  in  the  next  subsection,  it  is  useful  to  express  this  driving 
force  ultimately  as  a  mechanical  energy  release  rate  G.  For  the  special  case 
of  crack  propagation  in  the  absence  of  anv  environmental  effects,  the 
fundamental,  Griffith  condition  for  crack  extension  is  expressible  in  terms  of 
the  energy  release  rate  G. (c)  at  the  crack  tip. 

G.  =  2 70 ,  (equilibrium)  (1) 

where  t0  is  the  fracture  surface  energy  in  inert  atmospheres.  In  specifying 
70  it  is  important  to  identify  the  mode  of  fracture:  for  our  case  study  in 
Sect.  3  below  we  shall  be  concerned  primarily  with  a  polycrystalline  material 
that  shows  essentially  intergranular  fracture,  so  that  70  must  ultimately  be 
relatable  to  a  grain  boundary  energy. 

To  make  full  use  of  the  superposability  of  linear  stress  fields  it  is 
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convenient  to  formulate  the  probLem  in  terms  of  stress  intensity  factor 
notation  K.  Accordingly,  we  seek  an  expression  for  K. (c) ,  the  net  K-field 
experienced  at  the  crack  tip,  and  convert  to  G.  (c)  using  the  plane-strain 
transformation  relation 

G.  =  K2/E'  (2) 

where  E'=  E/(l  -  v2),  with  E  Young's  modulus  and  v  Poisson's  ratio  (25).  The 
nett  stress  intensity  factor  will  generally  be  made  up  of  three  components: 

Me)  -  K.(c)  +  K.(c)  +  K^c).  (3) 

(i)  K, (c)  is  the  familiar  contribution  from  the  externally  applied  loading 
system.  In  most  traditional  treatments  this  is  the  only  component  that  is 
considered,  (ii)  Kr(c)  is  the  contribution  from  any  residual  local  stress 
fields  associated  with  the  formation  of  the  crack.  This  is  certainly  an 
important  terra  for  the  indentation  flaws  to  be  considered  later,  and  may  also 
be  a  significant  factor  in  many  naturally  occurring  flaw  types,  (lii)  K„ (c) 
is  the  contribution  from  the  micros tructural  elements  that  are  responsible  for 
the  R-curve.  It  is  usually  (not  necessarily  always)  negative  (closure  field). 
The  second  and  third  terras  in  Eq.  3  together  effectively  shield  the  crack  tip 
field  from  the  remote  loading:  it  is  only  when  these  two  terms  are  zero  that 
we  may  revert  to  the  simplistic  identification  of  K,  with  K.  that  is  implicit 
in  most  fatigue  analyses  for  ceramic  materials. 

Vie  need  to  specify  the  form  of  (c)  for  materials  that  exhibit  R-curve 
behaviour  by  virtue  of  a  crack- interface  bridging  mechanism.  In  the  most 
recent  analysis  (15),  the  bridging  restraint  is  modelled  in  terms  of  a  "tail- 
dominated"  stress-separation  constitutive  relation  for  interlocking  grains  on 
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either  side  of  the  crack  interface.  The  interlocking  is  assumed  to  be 
governed  by  internal,  mate**  thermal  expansion  mismatch  stresses,  which 
"clamp”  the  bridging  grains  as  the  opposite  crack  walls  separate.  The  bridges 
break  by  first  debonding  along  the  grain  boundaries,  and  then  sliding  at  these 
constrained  boundaries  until  separation  is  complete.  Coulomb  friction  at  the 
grain-matrix  interface  during  the  latter,  pullout  stage  accounts  for  the  bulk 
of  the  energy  dissipation  responsible  for  the  rising  R-curve. 

Suppose  that  our  bridged  crack  system  has  essentially  penny- like 
geometry,  Fig.  1,  as  is  pertinent  to  many  flaw  types  and  especially  to 
indentation  flaws.  The  solutions  for  the  microstructurai  stress  intensity 
factor  may  be  derived  in  the  pullout-dominated  limit  of  a  linearly  diminishing 
constitutive  relation  between  closure-stress  p  and  (half)  crack-opening 
displacement  u  (15); 

P(u)  53  Pm  Cl  -  u/ii,),  (Oiuiu,)  (4) 

where  pM  is  the  maximum  resistance  stress  (at  u  =  0)  and  u„  is  (half)  the 
wall-wall  displacement  at  grain-matrix  disengagement  (at  p  =  0) .  These  last 
two  parameters  may  be  written  more  explicitly  for  rectangular,  equiaxed 
microstructures  as  [15] 


Pm  =  (4pCrRuaVd2)(2dV^  *  D 

(5a) 

Ua  =  tji/2 

(5b) 

with  i.  mean  grain  diameter,  d  bridge  spacing,  \i  coefficient  of  sliding 
friction,  aR  magnitude  of  the  internal  stress,  and  bridge  rupture  strain. 
The  solutions  may  be  subdivided  into  three  domains  (15): 
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(i)  Precursor  Tensile  Zone  (c  <  Uithin  this  sra*il-crack  region  no 
bridges  are  Intersected,  and  the  crack  experiences  only  matrix  tensile 
stresses  +o* .  There  Is  a  net  driving  force, 

K„(c)  =  ^c*cI/2,  (6) 

where  ^  is  a  geometry-dependent  coefficient  appropriate  to  penny  cracks. 

(il)  Bridging  Zone  (c  2:  d,  0  sS  u  3  u.).  The  crack  Intersects  bridges,  and 
thereby  has  a  positive  component  due  to  the  persistent  matrix  tensile  stresses 
and  a  countervailing  component  due  to  the  integrated  effect  of  the  bridging 
tractions  in  Eq.  4.  In  the  approximation  of  "small  shielding"  (appropriate  to 
ceramics  with  modest  toughening  [15])  we  derive 

Me)  =  *r*cl'2(l  -  (1  -  d2/c2)1/2)  -  (E'pM/K. )  (uz  (1  -  u^u,)]  (7) 

where  u2  is  (half)  the  crack-opening  displacement  at  the  stationary  edge  of 
the  closure  zone,  i.e.  location  Z  at  r  =  d  in  Fig.  2.  The  quantity  u2(c)  is 
determined  separately  from  the  Sneddon  approximation  for  the  crack  profile 
equation  at  tip  field  K. , 

u2(c)  =  (vJK./E')((c2  -  d2)/c]2'2.  (8) 

(iii)  Saturation  Zone  (c  »  d,  u  Z  u,,,).  Ultimately,  the  first- intersected 
bridge  at  Z  is  pulled  out  and  the  bridging  zone  translates  along  with  the 
crack.  In  this  large -bridging  domain  only  the  second,  closure  term  in  Eq.  7 
is  significant,  and  this  reduces  to 

Me)  =  •  E'PmMZM  (9) 
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We  noce  chat  depends  on  K.  in  Eqs.  7-9,  so  chat  Eq.  3  becomes  nn 
implicit  function  for  the  crack- cip  stress  intensity  factor. 

2.2  Crack  Extension  Condition  and  the  Velocity  Function 

Now  consider  the  v-G  relation  chat  defines  the  fundamental  kinetic 
condition  for  crack  growth.  We  reiterate  chat  the  proper  mechanical  energy 
release  race  in  this  relation  is  chat  experienced  at  the  crack  tip,  i.e.  G. . 

We  alluded  in  Sect.  1  to  the  shortcomings  of  Che  commonly  used  power- law 
function.  The  sole  justification  for  retention  of  the  empirical  power- law 
function  in  traditional  reliability  formalisms  has  been  the  closed- form 
integrability  of  the  ensuing  fatigue  lifetime  differencial  equation  (1-3). 
However,  with  the  introduction  of  the  complex  R-curve  phenomenology  into  the 
G. (c)  and  K* (c)  relations  (Sect.  2.1),  closed-form  solutions  are  no  longer 
feasible;  there  is  thus  nothing  to  be  lost  by  introducing  a  physically-based, 
if  more  complex,  velocity  function,  in  particular  one  that  provides  for  a 
threshold. 

Accordingly,  we  resort  to  a  hyperbolic  sine  function,  based  on  the 
underlying  notion  of  stress -enhanced  thermal  activation  over  atomically 


localised  energy  barriers  [5,26-28]: 

v(G. )  =  v0sinh[  (G,  -  2-/i  )/2r] . 

(27l  iG.  i  27o) 

(10a) 

< 

O 

» 

11 

O 

(27i  >  G» ) 

(10b) 

v(G* )  =  vT , 

(27o  <  G. ) 

(10c) 

where  7l  is  the  fracture  surface  energy  in  the  presence  of  the  reactive 
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environment  (i.e,  lcyered  from  y0) ,  v0  and  r  are  intercept  and  slope 
(susceptibility)  parameters,  and  vT  is  a  terminal  velocity  («  103  ra.s"1). 

Again,  the  value  of  is  that  corresponding  to  intergranular  fracture.  The 
velocity  function  v(G. )  is  sketched  in  Fig.  3.  Note  the  provision  in  Eq.  10a 
for  a  threshold.  The  insistence  that  che  velocity  be  zero  at  G.  <  2yl  in  Eq. 
10b  is  consistent  with  the  practical  experience  that  cracks  generally  do  not 
heal  in  polycrystalline  materials.  At  G,  >  2y0  che  crack  is  able  to  propagate 
even  in  che  absence  of  reactive  environment  (cf.  Eq.  1),  and  rapidly  attains 
dynamic  velocities.  Within  these  two  cutoff  extremes  che  velocity  closely 
approximates  an  exponential  dependence  on  G. . 

2.3  Differential  Equation  for  "Static"  and  "Dynamic"  Fatigue  of  Indentation 

FUv5 

Finally,  we  develop  che  formalism  for  crack  systems  in  time-dependent 
applied  stress  fields,  a,  =  <r,(c),  as  pertains  to  strength  considerations. 

For  uniform  stresses  we  may  immediately  write 

K, (c)  =  c1/2  (11) 

for  che  applied  stress  intensity  factor  in  Eq.  3.  The  applied  stress  states 
aa(t)  of  specific  interest  to  us  here  are  chose  of  so-called  "static  fatigue" 

a,  =  const. ,  (12a) 

and  "dynamic  fatigue" 

a,  =  at/t  =  const.  (12b) 
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Also  of  specific  inceresc  here  are  in*1  mention  flaws.  This  flaw  cype  is 
discinguished  by  a  residual  concacc  field  (29) 

Kr(c)  »  *P/c3'2  (13) 

with  P  che  concacc  load  and  x  ar>  elasclc-plasdc  coefficienc  (14,29). 

Uricing  v  =  dc/dc,  Eq.  10  nay  be  combined  vLch  Eqs.  2-9  and  11-13  inco  a 
differencial  equacion  for  c(c)  ac  fixed  load  P  and  scress  oa  or  scross  race 
a, .  This  composice  differencial  equacion  has  co  be  solved  for  Che  cime  co 
grow  che  crack  from  an  inicial  equilibrium  sCace  co  final  inscabilicy,  i.c. 
che  "Cime  Co  failure".  Usually  (buc  noc  always  •  see  Secc.  4),  che  inicial 
crack  size  c£  is  calculaced  from  Eqs.  2-9  by  seccing  G.  (ct )  **  Zyx  (zero 
veloclcy)  ac  K,  =  0;  likewise,  che  final  crack  size  c£  is  decermlned  as  Che 
configuracion  G. (c£)  =  2t0  (dynamic  velocity)  ac  which  che  syscem  achieves 
uninterrupted  propagacion  (see  Sect.  3). 

Ic  is  poinced  out  chac  Eqs.  11-13  are  special  cases,  and  Char  our 
formalism  in  SecCs.  2.1  and  2.2  is  readily  excendable  co  any  general  loading 
configuracion,  Kt(oa(c)],  and  Co  any  residual  scress  scare  for  che  screngch- 
concrolling  flaw,  Kr(c). 

2.4  Numerical  algorithm  for  soluclon  of  fatigue  differencial  equocion 

We  have  indicaced  chac  che  general  differencial  equacion  for  kinecic 
crack  growch  in  macerials  wich  R-curves  has  no  closed-form  solution.  Ic  is 
necessary  co  resorc  co  numerical  analysis.  Consequencly ,  a  suiCably  expanded 
version  of  an  earlier  compuCer  algorichm  (19,20)  for  determining  scacic  and 
dynamic  faCigue  times  is  employed.  The  algorithm  increments  c  and  t  in  Eq.  10 
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In  a  Runge-Kutta  stepwise  integration  procedure,  readjusting  o, (t)  (where 
necessary,  e.g.  dynamic  fatigue),  hence  G«(c,t)  (after  iterative  solution  of 
implicit  expression  for  K. ,  Eq.  3  -  see  Sect.  2.1),  at  each  step. 

Special  attention  to  the  stepping  procedure  in  this  algorithm  is  in 
order,  owing  to  the  typicully  enormous  range  of  crack  velocities  embraced  in 
the  evolution  to  failure;  a  fixed  increment  in  time  runs  the  very  clear  risk 
of  stalling  the  evaluation  in  the  regions  of  slow  growth  and,  conversely,  of 
blowing  it  up  in  the  regions  of  fast  growth.  It  is  necessary  to  adopt  a 
stepping  strategy  that  provides  a  reasonable  compromise  between  accuracy  and 
time  of  computation.  Consequently,  our  algorithm  incorporates  computational 
elements  that  allow  for  automatic  readjustment  of  the  increments,  according  to 
the  instantaneous  velocity.  One  of  these  elements  involves  an  inversion  of 
the  underlying  differential  equation,  dc/dt  =  v(c,t):  at  low  velocities  (i.e. 
relative  to  v0  -  see  Fig.  2) ,  the  equation  retains  its  normal  form  -  time  is 
incremented,  and  the  corresponding  crack  step  determined  from  dc  «  v(c,t)dt; 
conversely,  at  high  velocities,  we  rewrite  the  equation  as  dt/dc  «*  l/v(c,t)  - 
now  crack  size  is  incremented,  and  the  Runge-Kucta  routine  suitably  modified 
to  determine  the  time  step  dt  =  dc/v(c,t). 

Another  critical  element  in  our  algorithm  is  a  provision  to  allow  for 
intermediate,  "pop- in"  instabilities  in  the  crack  evolution.  Such  pre- failure 
jump-arrest  events  are  indeed  characteristic  of  materials  with  R-curves 
[12,13,30].  Consequently,  a  routine  for  predetermining  all  the  unstable  crack 
sizes,  by  solving  Eq.  1  at  dG„/dc  >  0  in  conjunction  with  Eqs.  2-9,  is  used  to 
ensure  that  the  program  is  not  stopped  before  the  final,  true  failure 
instability  is  attained. 

Once  the  R-curve  and  crack  velocity  parameters  are  specified,  we  may 
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predetermine  the  fatigue  characteristics  for  a  given  material-environment 
system:  static  fatigue  curves  directly  as  the  times  to  failure  t£  at 
specified  applied  stresses  c, ;  dynamic  fatigue  curves  as  the  fatigue 
strengths  at  =  o,tf  at  specified  stressing  rates  0, . 


3.  RESULTS 

3.1  Expirimfintfll, Er££&dur& 

Let  us  now  demonstrate  the  formalism  by  analysing  indentation-strength 
data  on  a  commercial  polycrystalline  alumina  ceramic,  nominally  pure  (<  0.1  % 
additive)  with  grain  size  &  *  23  pm.  1  The  material  is  ostensibly  the  same  as 
used  in  preceding  studies  [10,12,15,23],  but  was  obtained  from  a  new  batch. 

The  intergranular- fracture,  crack- interface  bridging  mechanism  considered  in 
Sect.  2.1  has  been  identified  in  this  material  [12],  and  the  associated  R- 
curve  characteristics  documented  [15].  Dynamic  fatigue  test  results  in  water 
have  also  been  reported  (23).  However,  to  avoid  possible  discrepancies  from 
batch- to-batch  variations,  we  obtain  an  entirely  fresh  set  of  data  here. 

Accordingly,  specimens  were  tested  in  the  form  of  discs,  approximately  22 
mm  diameter  and  2  mm  thickness.  Controlled  Vickers  indentation  flaws  were 
introduced  at  the  centres  of  the  prospective  tensile  faces  of  each  specimen. 
The  indentations  were  immediately  covered  with  silicone  oil,  for  inert 
strength  tests,  or  with  water,  for  fatigue  tests.  A  biaxial  loading  fixture, 
with  a  flat  circular  punch  of  diameter  4  mm  on  three-point  support  of  diameter 

1  Vistal  grade  Al203,  Coors  Ceramic  Co.,  Golden,  CO 
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19  mm,  was  used  to  break  the  specimens,  and  the  surface  tensile  stress  ot 
computed  from  thin  plate  formulae  (10).  For  the  determination  of  inert 
strengths  (a,  =  oM),  the  contact  loads  covered  a  broad  range  (P  =  3-300  N) , 
and  che  breaks  made  at  fast  stressing  rates  (>  10*  MPa.s-1).  For  the  fatigue 
tests,  a  single,  intermediate  load  (P  =  30  N)  was  used.  Dynamic  fatigue 
strengths  (o,  =  ac)  were  determined  over  sever.,  decades  of  constant  stressing 
rates  (o,  =  10’3-10f*  MPa.s’1),  using  a  piezoelectric  load  cell  (23)  to  extend 
the  tests  as  far  as  practicable  into  Che  short -duration  region  (<  20  ms); 
static  fatigue  times  Co  failure  (t£)  were  determined  at  prescribed  applied 
stresses  (o,  =  const.)  (ramp  time  <  6  s). 

In  all  tests  the  broken  specimens  were  examined  to  verify  the  indentation 
site  as  che  origin  of  failure.  Exceptions  were  excluded  from  the  data  pool. 

3.2  Inert  Streneth  Data  and  the  R-curve  Parameters 

The  inert  strength  data,  on(P),  are  shown  in  Fig.  4.  These  strength  data 
tend  strongly  away  from  the  conventional  P"1/3  dependence  for  materials  with  a 
single-valued  toughness,  Coward  a  plateau  at  low  P.  The  plateau  is  a  measure 
of  the  flaw  tolerance  associated  with  R-curve  behaviour  (13-15).  A  bridging 
parameter  adjustment  routine,  iterating  on  Eqs.  2-9  (15),  is  used  to  obtain 
the  best-fit  solid  curve  in  this  diagram.  Assuming  E'  =  413  GPa,  ^  =  1.24  and 
X  =  0.018  for  the  alumina  (15),  we  obtain  our  fit  with  the  following  parameter 
values:  70  =  5.6  J.nf2  (grain  boundary),  e ^  =  0.120,  p  =  1.80,  aR  =  155  MPa 
and  d  =  35  pm.  This  set  of  parameters  determines  the  R-curve.  2 

2  These  parameters  are  similar  to  those  in  determined  Ref.  (15), 

except  that  70  is  about  15%  lower,  suggesting  that  our  new  batch  of 
material  may  have  slightly  weaker  grain  boundaries. 
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Ic  is  instructive  to  insert  Eqs.  3-9  into  Eq.  2,  and  thence  to  evaluate 
the  critical  function  G. (c)  corresponding  to  the  inert  strength  data  point  at 
P  =  30  N,  am  =  220  MPa,  in  Fig.  4.  This  function  is  plotted  as  the  upper 
curve  in  Fig.  5.  We  note  the  principal  minimum  at  G«  =  2y0 ,  representing  the 
configuration  at  failure. 

3.3  Fatigue  Data  and  the  Crack  Velocity  Parameters 

The  dynamic  and  static  fatigue  results  for  our  alumina  are  plotted  in 
Figs.  6  and  7,  respectively.  There  is  a  strong  asymptotic  tendency  to  a 
fatigue  stress  limit,  crL  1|B ,  in  the  long-time  regions  of  both  these  plots. 

This  tendency  is  most  apparent  in  Fig.  7,  reflecting  a  bias  in  the  static 
testing  methodology  toward  longer  test  durations;  indeed,  the  data  in  Fig.  7 
seem  to  lie  almost  exclusively  in  the  fatigue- limit  domain.  At  short  times 
the  data  must  saturate  at  the  inert  strength  level;  only  in  the  dynamic  data 
of  Fig.  6  is  the  test  duration  short  enough  to  indicate  that  this  upper  limit 
is  in  fact  being  approached. 

The  solid  curves  are  best  fits  to  the  data,  obtained  using  the  R-curve 
parameters  evaluated  above  (Sect.  3.1)  and  adjusting  the  crack  velocity 
parameters  in  Eq.  10.  The  procedure  adopted  for  determining  the  velocity 
parameters  involves  two  steps: 

(i)  The  surface  energy  term,  ir1 ,  is  evaluated  from  an  estimate  of  the 
asymptotic  fatigue  limit,  alim  =  129  MPa,  in  Figs.  6  and  7.  First  we 
determine  the  critical  function  G, (c)  appropriate  to  alln,  at  indentation  load 
P  =  30  N,  in  exactly  the  same  way  as  done  previously  for  the  inert  strength 
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aa ,  i.e.  upper  curve  in  Fig.  5.  The  new  function  is  plotted  as  the  lower 
curve  in  the  same  figure.  Since  the  fatigue  limit  represents  the  applied 
stress  level  below  which  the  crack  at  some  point  in  its  evolution  c eases  all 
growth,  the  principal  minimum  in  this  lower  curve  necessarily  defines  the 
threshold  state  C. (c)  =  2^  (i.e.  v  **  0  in  Eq.  10);  hence  from  Fig.  5  we 
obtain  h  =  1.20  J.m"2. 

(ii)  The  parameters  v0  and  T  are  now  adjusted  to  give  the  best  fit  to  the 
fatigue  data  points.  The  computer  does  this  by  selecting  the  combination  of 
parameters  chat  minimises  the  variance  between  computed  and  measured  data 
points  at  the  experimental  values  of  a,  (dynamic  fatigue)  and  o,  (static 
fatigue).  In  making  these  adjustments,  it  is  useful  to  recognise  that  v0 
reflects  more  strongly  in  the  intercepts,  T  likewise  more  strongly  in  the 
slopes,  of  the  fatigue  plots.  This  procedure  yields  v0  =  7.0  /ira.s”1,  T  = 
0.325  J.m’2. 

The  intrinsic  v-G,  function  corresponding  to  the  above  parameter 
calibration  is  plotted  in  accordance  with  Eq.  10  for  our  polycrystalline 
alumina  in  water  as  the  solid  curve  in  Fig.  8.  Also  included  in  Fig.  8,  as 
the  dashed  curve,  is  the  analogous  function  for  single  crystal  sapphire  in 
water,  obtained  by  similarly  deconvoluting  fatigue  data  from  Ref.  [23] 
(requiring  =  0,  but  retaining  the  hyperbolic  »ine  velocity  function  over 
the  Cook  cutoff  power- law  [5]).  The  curve  for  the  polycrystalline  material 
falls  distinctly  to  the  left  of  that  for  the  single  crystal.  This  is  in 
accord  with  the  fact  that  the  fracture  in  the  former  is  intergranular  (cf.  70 
value  5.6  J.m"2  for  our  alumina  with  11.0  J.m*2  for  sapphire,  as  reflected  in 
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che  upper  bounds  to  the  two  curves  in  Fig.  8) . 


6.  DISCVSSIQK 

We  have  developed  a  formalism  for  studying  (noncyclic)  fatigue  limits  in 
ceramic  materials  with  R-curves.  Introducing  a  microstructural  closure  stress 
intensity  factor  based  on  crack- interface  bridging,  and  a  threshold  crack 
velot  ty  function  based  essentially  on  activation  kinetics,  we  have  described 
a  numerical  algorithm  that  solves  the  ensuing  fracture-mechanics  differential 
equations  for  time -dependent  failure.  As  an  illustrative  case  study,  dynamic 
and  static  fatigue  limits  for  an  alumina-water  system  with  controlled 
(indentation)  flaws  have  been  quantified,  and  che  intrinsic  v-G,  curve  thereby 
deconvolved.  Once  the  R-curve  and  velocity  parameters  have  been  calibrated 
from  the  fatigue  data,  the  algorithm  becomes  a  powerful  tool  for  analysing  and 
predicting  various  elements  of  the  limiting  failure  conditions.  We  shall 
explore  some  of  these  elements  in  the  discussion  below. 

It  might  be  contended  that  the  present  study  does  little  more  than 
reinforce  an  existing  suspicion  that  fatigue  limits  are  possible  in  ceramics: 
all  that  is  necessary  is  a  threshold  in  the  crack  velocity  function.  The 
novel  aspect  here  is  our  focus  on  the  role  of  the  R-curve;  in  particular,  on 
how  the  additional  crack  stability  afforded  by  the  microstructural  crack 
resistance  may  enhance  these  fatigue  limits.  Indeed,  it  can  be  argued  that  a 
fatigue  limit  may  be  achieved  in  an  R-curve  material  without  anv  velocity 
threshold  at  all.  To  demonstrate,  we  use  our  algorithm  to  compute  the 
hypothetical  fatigue  responses  for  our  alumina  using  the  deconvoluted  v-G* 
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function  in  Fig.  8,  but  with  the  threshold  artificially  reduced  to  =  0 
(i.e.  as  represented  by  the  extrapolated,  dashed  line  in  Fig.  3,  using  a  curve 
of  the  same  F  but  with  suitably  adjusted  intercept  v0  =  1.0  fim.s ~l  in  Eq.  10). 
The  resulting  modified  fatigue  relations  are  included  as  the  dashed  curves  in 
Figs.  6  and  7.  We  see  that  the  prospective  fatigue  limit  alln  is  lowered,  but 
not  to  zero.  Physically,  the  existence  of  this  limit  is  possible  because  the 
bridging  closure  term,  -KM  in  Eq.  3,  can  negate  the  applied  loading  term,  +K, 
(plus  Kc ,  where  applicable),  giving  rise  to  a  balance  state  G,  =0  in  Eq.  2, 

In  terms  of  the  construction  of  Fig.  5,  the  requirement  for  attaining  such  a 
balance  state  is  that  the  minimum  in  the  G. (c)  curve  should  intersect  the  c- 
axis  at  nonzero  a. . 

However  "good"  we  might  regard  the  data  fits  in  Figs.  6  and  7,  we  would 
not  suggest  that  we  have  proved  the  validity  of  the  fracture  mechanics 
relations  in  Sect.  2.  In  particular,  we  certainly  would  not  assert  that  the 
results  confirm  the  fundamental  correctness  of  the  hyperbolic  form  of  the 
intrinsic  v-G*  function  in  Eq.  10.  Nevertheless ,  we  may  feel  confident  that 
the  deconvo luted  curves  in  Fig.  8  do  faithfully  represent  the  more  important 
quantitative  features  of  this  intrinsic  function,  including  the  surface  energy 
levels  that  define  the  thresholds. 

In  this  context  of  velocity  functions,  we  submit  that  caution  needs  to  be 
exercised  in  the  interpretation  of  results  from  conventional  large-crack 
tests,  because  of  the  shielding  effects  associated  with  R-curve  behaviour.  In 
an  actual  experiment  one  monitors  the  applied  mechanical  energy  release  rate 
G, ,  not  the  energy  rate  G*  experienced  at  the  crack  tip.  Thus  the  apparent 
velocity  relation,  v-G, ,  will  generally  differ  from  the  intrinsic  relation,  v- 
G* ,  and,  moreover,  will  be  history  dependent.  An  important  factor  is  the 
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starting  location  along  the  R-curve;  larger  starting  cracks  will  experience 
greater  shielding,  resulting  in  displacements  of  the  v-G.  curves  to  the  right 
on  a  velocity  diagram.  Similar  displacements  may  be  anticipated  at  slower 
loading  rates.  As  an  illustration,  we  show  in  Fig.  9  hypothetical  v-Ga  curves 
for  our  indentation- flaw,  alumina-water  system,  generated  from  our  algorithm 
for  three  designated  P-cr,  combinations.  We  reiterate,  these  are  the  curves 
that  would  be  obtained  experimentally  if  one  were  to  evaluate  G,  =  K2/E'  = 

\&2o2 c/E'  (Eqs.  2,  3  and  11,  Kr  =  0  =  K^)  from  direct  monitoring  of  the  applied 
load  and  the  crack  size.  As  foreshadowed,  the  displacements  become  more 
pronounced  with  increasing  load  and  decreasing  stress  rate.  Such  a  history 
dependence  could  account  for  the  reports  of  progressive  run- to-run  v-G  data 
shifts  in  the  literature  (31-33). 

Another  distinguishing  feature  of  R-curve  behaviour  is  the  "flaw 
tolerance"  referred  to  in  Sects.  1  and  3.2  (24).  Again,  we  use  the  algorithm 
to  demonstrate  the  point,  by  computing  hypothetical  dynamic  fatigue  strength 
vs  initial  flaw  size  c1  at  prescribed  constant  stressing  rates  for  our 
alumina-water  system.  The  results  o.f  such  computations  for  natural  flaws 
(i.e.  Kr  =  0  in  Eq.  3)  are  plotted  in  Fig.  10.  The  strength  values  remain 
relatively  constant  up  to  initial  flaw  sizes  of  several  tens  of  micrometres. 
Such  insensitivity  is  attributable  to  the  stabilising  influence  of  the 
(negative)  Kp (c)  function  on  the  crack  driving  force,  as  reflected  for 
instance  in  the  strongly  diminishing  G, (c)  function  to  the  left  of  the  minimum 
in  Fig.  5. 

This  stabilising  influence  may  be  demonstrated  more  explicitly  by 
plotting  out  the  complete  evolutionary  path  to  failure.  It  is  a  trivial 
matter  to  extract  this  path  directly  from  the  algorithm.  Thus  in  Fig.  11  we 
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plot  three  a „ (c)  functions  (solid  curves)  at  constant  a,  for  our  dynamic 
fatigue,  indentation- flaw  (P  =  30  N) ,  alumina-water  system  (cf.  Fig.  6).  The 
final  instability  configurations  c£  (arrowed)  in  these  curves  occur  at 
relatively  large  crack  sizes  (cf.  initial  sizes  c£ ,  at  a,  =0),  the  more  so 
the  slower  the  stressing  rate;  indeed,  at  the  slowest  rate  represented  the 
crack  undergoes  several  hundred  micrometres  of  precursor  stable  extension. 

For  comparison,  we  include  in  Fig.  11  corresponding,  bounding  quasi- 
equilibrium  functions,  computed  using  G«  =  2y0  (upper  dashed  curve)  or  G. 

2yx  (lower  dashed  curve)  in  place  of  the  v-G*  relations  in  Eq.  10  as  a 
condition  for  extension  in  the  algorithm.  We  note  the  tendency  for  the 
fatigue  curves  at  the  extremes  of  the  stressing-rate  range  to  approach  these 
quasi-equilibrium  limits:  at  fast  rates  the  failure  stress  approaches  the 
inert  strength,  confirming  that  the  crack  spends  most  of  its  pre-failure  life 
close  to  G.  =  270 ;  conversely,  at  slow  rates  the  failure  stress  approaches 
tlu  fatigue  limit,  indicating  a  pre-failure  life  perpetually  close  to  G*  = 

27*. 

In  conclusion,  we  have  described  a  procedure  for  analysing  specific 
fatigue  (constant  stress  and  constant  stressing  rate)  and  material -environment 
(alumina-water)  systems.  There  would  appear  to  be  no  restriction  on  the 
general  flexibility  of  the  algorithm.  In  principle,  any  stressing  state  (e.g. 
complex,  cyclic  loading),  velocity  function  (e.g.  air  or  other  reactive 
environment),  or  even  R-curve  mechanism  (e.g.  transformation  toughening), 
could  be  handled  by  suitable  modifications  to  individual  elements  in  the 
formulation. 


21 


ACKNOWLEDGEMENTS 


The  authors  gratefully  acknowledge  many  stimulating  discussions  with  Y-W. 
Mai,  S.J.  Bennison  and  R.F.  Cook  on  this  work.  Alumina  specimens  were  kindly 
provided  by  J.D.  Sibold  and  M.J.  Readey  of  Coors  Ceramics.  Funding  was 
provided  by  the  (U.S.  Air  Force)  Office  of  Scientific  Research. 


22 


REFERENCES 


1.  S.M.  Wiederhorn,  p.  613  in  Fracture  Mechanics  of  Ceramics,  VoL.  2. 

Edited  by  R.C.  Bradt,  D.P.H.  Hasselman  and  F.F.  Lange.  Plenum,  New  York 
(1974). 

2.  A.G.  Evans  and  S.M.  Wiederhorn,  Int.  J.  Fract.  379  (1974). 

3.  S.M.  Wiederhorn  and  J.E.  Ritter  Jr.,  p.  202  in  Fracture  Mechanics  Applied 

to  Brittle  Materials.  Edited  by  S.W.  Freiman.  ASTM  Spec.  Tech.  Publ. 

No.  678,  ASTM,  Philadelphia,  PA  (1979). 

4.  H.H.  Johnson  and  P.C.  Paris,  Engin.  Fract.  Mech.  1  3  (1968). 

5.  R.F.  Cook,  J.  Mater.  Res.  1  852  (1986). 

6.  T.A.  Michalske,  p.  277  in  Fracture  Mechanics  of  Ceramics,  Vol.  5.  Edited 
by  R.C.  Bradt,  D.P.H.  Hasselman  and  F.F.  Lange.  Plenum,  New  York  (1983). 

7.  B.R.  Lawn,  D.H.  Roach  and  R.M.  Thomson,  J.  Mater.  Sci.  22  4036  (1987). 

8.  H.  Hubner  and  W.  Jillek,  J  Mater.  Sci.  12  117  (1977). 

9.  R.W.  Steinbrech,  R.  Knehans,  and  W.  Schaarwachter ,  J.  Mater.  Sci.  JL&  265 
(1983). 

10.  R.F.  Cook,  B.R.  Lawn  and  C.J.  Fairbanks,  J.Araer.  Ceram.  Soc.  6§,  604 
(1985). 

11.  C.J.  Fairbanks,  B.R.  Lawn,  R.F.  Cook  and  Y-W.  Mai,  p.  23  in  Fracture 
Mechanics  of  Ceramics,  Vol  8.  Edited  by  R..C.  Bradt,  A.G.  Evans,  D.P.H. 
Hasselman  and  F.F.  Lange.  Plenum,  New  York  (1986). 

12.  P.L.  Swanson,  C.J.  Fairbanks,  B.R.  Lawn,  Y.W.  Mai  and  B.J.  Hockey,  J. 
Amer.  Ceram.  Soc.  2fi  279  (1987). 

13.  Y-W.  Mai  and  B.R.  Lawn,  J.  Amer.  Ceram.  Soc.  70  289  (1987). 


23 


14. 


R.F.  Cook,  C.J.  Fairbanks,  B.R.  Lawn  and  Y-W.  Mai,  J.  Hater.  Res.  Z  345 
(1987). 

15.  S.J.  Bennison  and  B.R.  Lawn  ,  Acta  Metall.,  submitted. 

16.  M.  Sakai  and  R.C.  Bradt,  J.  Ceram.  Soc.  Japan  9£  801  (1988). 

17.  B.R.  Lawn,  J.  Araer.  Ceram.  Soc.  ££  83  (1983). 

18.  P.F.  Becher,  T.N.  Tiegs,  J.C.  Ogle  and  W.H.  Warwick,  p.  61-73  in  Fracture 
Mechanics  of  Ceramics,  Vol.  7.  Edited  by  R.C.  Bradt,  A.G.  Evans,  D.P.H. 
Hasselman  and  F.F.  Lange.  Plenum,  New  York  (1986). 

19.  D.B.  Marshall  and  B.R.  Lawn,  J.  Am.  Ceram.  Soc.  £2  532  (1980). 

20.  P.  Chantikul,  B.R.  Lawn,  and  D.B.  Marshall,  J.  Amer.  Ceram.  Soc.  £4  322 
(1981). 

21.  B.R.  Lawn,  D.B.  Marshall,  G.R.  Anstis  and  T.P.  Dabbs,  J.  Mater.  Sci.  16 
2846  (1981). 

22.  E.R.  Fuller,  B.R.  Lawn  and  R.F.  Cook,  J.  Amer.  Ceram.  Soc.  ££  314  (1983). 

23.  R.F.  Cook,  B.R.  Lawn  and  C.J.  Fairbanks,  J.  Amer.  Ceram.  Soc.  £8  616 

(1985). 

24.  S.J.  Bennison  and  B.R.  Lawn,  J.  Mater.  Sci.,  in  press. 

25.  B.R.  Lawn  and  T.R.  Wilshaw,  Fracture  of  Brittle  Solids.  Cambridge 
University  Press,  London,  1975,  Ch.  3. 

26.  B.R.  Lawn  and  T.R.  Wilshaw,  Fracture  of  Brittle  Solids.  Cambridge 
University  Press,  London,  1975,  Ch.  8. 

27.  B.R.  Lawn,  J.  Mater.  Sci.  jj)  469  (1975). 

28.  B.R.  Lawn  and  S.  Lathabai,  Mater.  Forum  ii  313  (1988). 

29.  D.B.  Marshall  and  B.R.  Lawn,  J.  Mater.  Sci.  14  2001  (1979). 

Y-W.  Mai  and  B.R.  Lawn,  Ann.  Rev.  Mat.  Sci.  1£  415  (1986). 

24 


30. 


31.  S.W.  Freiman,  K.R.  McKinney,  and  H.L.  Smith,  p.  659  in  Fracture  Mechanics 
of  Ceramics,  Voi.  2.  Edited  by  R.C.  Bradt,  D.P.H.  Hasseiman  and  F.F. 
Lange.  Plenum,  New  York  (1974). 

32.  B.J.  Pletka  and  S.M.  Viederhorn,  J.  Mater.  Sci.  12  1247  (1982). 

33.  P.L.  Swanson,  p.  299  in  Fracture  Mechanics  of  Ceramics,  Voi.  8.  Edited 
by  R.C.  Bradt,  A.G.  Evans,  D.P.H.  Hasseiman  and  F.F.  Lange.  Planum,  New 
York  (1986). 


25 


FXSilRE  J?AE1M?  S 


1.  Growth  of  penny-like  crack  in  bridging  field;  (a)  side  view,  (b) 
projection  view.  (Open  squares  are  out-of-plane  bridging  grains.) 

2.  Coordinate  system  for  crack- interface  bridging.  C  denotes  crack  tip.  Z 
edge  of  the  bridging  zone. 

3.  Schematic  v(G. )  function  in  Eq.  10,  plotted  logarithmically  on  v  axis  and 
linearly  on  G.  axis. 

4.  Inert  strength  vs  Vickers  indentation  load  for  polycrystalline  alumina. 
Data  points  means  and  standard  deviations  (minimum  ten  specimens  per 
point)  in  strength  values.  Solid  curve  is  best  fit  obtained  by  adjusting 
parameters  in  bridging  model. 

5.  Plot  of  G. (c)  for  pclycrystalline  alumina,  Vickers  indentation  flaw  (P  = 
30  N)  evaluated  at  constant  a,  =  oa  =  220  MPa  (inert  strength)  and  o,  = 

=  130  MPa  (fatigue  limit). 

6.  Dynamic  fatigue  plot  for  polycrystalline  alumina  in  water,  for  Vickers 
indentations  at  P  =  30  N.  Data  points  means  and  standard  deviations 
(minimum  ten  specimens  per  point)  in  strength  values.  crn  is  inert 
strength  level,  aLln  is  fatigue  limit.  Solid  curve  is  best  fit  obtained 
by  adjusting  crack  velocity  parameters.  Dashed  curve  is  equivalent 
fatigue  response  for  material  without  crack  velocity  threshold  (Sect.  4). 
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7.  Static  fatigue  piot  for  polycrystalline  alumina  in  water,  for  VicKers 
indentations  at  P  «  30  N.  Arrows  at  right  designate  interrupted  tests, 
overlapping  data  for  ton  specimens.  Arrows  at  Left  designate  breakages 
during  ramp  Loading  to  maximum  applied  stress,  six  specimens.  Other  data 
points  are  results  of  individual  tests.  ow  is  inert  strength  level,  oUn 
is  fatigue  limit.  Solid  curve  is  best  fit  obtained  by  adjusting  crack 
velocity  parameters.  Dashed  curve  is  equivalent  fatigue  response  for 
material  without  velocity  threshold. 

8.  Plot  of  the  intrinsic  crack-tip  velocity  function,  v-G. ,  for 
polycrystalline  alumina  (solid  curve)  in  water,  as  defe  jiined  from  fits 
to  fatigue  data.  Also  included  is  corresponding  function  for  s ingle - 
crystal  sapphire  (dashed  curve),  using  data  from  Ref.  (23). 

9.  Apparent  velocity  function,  v-G,,  for  polycrystalline  alumina  in  water. 
Dashed  curve  (a)  represents  baseline  zero-shielding  limit  (Kc  =  0  =  K^,), 
i.e.  "true"  crack- tip  velocity  function  (v-G.)  from  Fig.  8.  Solid  curves 
are  for  nonzero  shielding,  Vickers  indentation  flaws  (loads  P) ,  dynamic 
fatigue  (constant  stressing  rates  o,):  (a)  P  =  3  N,  o,  =  10+3  MPa. s’1; 
(b)  P  =  30  N,  o,  =  10°  MPa. s’1;  (c)  P  =*  30  N,  a,  =  10'1  MPa. s’1.  (Note 
expanded  G  scale  relative  to  Fig.  8.) 

10.  Plot  of  dynamic  fatigue  strength  at  as  function  of  starting  size  ct  of 

natural  flaws  (Kt  =  0)  for  alumina-water  system,  at  specified  stressing 
rates;  (a)  o,  =  10+*  MPa. s’1;  (b)  a,  =  10+1  MPa. s’1;  (c)  or,  =  10’2 

MPa. s'1 . 
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11.  Plot  of  fatigue  a4(c)  function  for  Vickers  indentation  flaws,  P  =  30  N, 
in  alumina-water  system,  at  prescribed  stressing  rates  (solid  curves): 
(a)  o,  a  10+*  MPa. s'1;  (b)  b%  =  10+1  MPa. s'1;  (c)  at  =  10* 2  MPa. s'1. 

Also  included  are  comparative  quasi-equilibrium  plots  for  inert  strength 
limit  (upper  dashed  curve)  and  fatigue  limit  (lower  dashed  curve). 
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77n?  behavior  under  cyclic  tension- 
tension  loading  of  an  alumina 
ceramic  with  pronounced  crack¬ 
bridging  (R-curve )  characteristics  is 
studied  Tests  on  disk  specimens  with 
indentation  cracks  reveal  no  failures 
below  the  static  fatigue  limit .  Theoreti¬ 
cal  predictions  of  the  stress-lifetime 
response ,  based  on  the  premise  that 
environmentally  assisted  slow  crack 
growth  is  the  sole  factor  determining 
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lifetime ,  are  consistent  (within  experi¬ 
mental  scatter)  with  the  data .  The 
results  indicate  that  there  is  no  signifi¬ 
cant  cyclic  degradation  from  potential 
damage  to  the  bridges »  at  least  in 
(he  short-crack  region  pertinent  to 
strength  properties .  (Key  words : 
fatigue ,  crack  growth .  alumina , 
R-curvc.] 


TFT  is  well-known  lhat  ihe  mechanical 
^properties  of  metals  and  polymers  arc 
susceptible  to  degradation  under  repeated 
loading,  i.c.,  "cyclic  fatigue.'*  Ceramics 
have  generally  been  perceived  as  immune 
to  such  damage  on  account  of  their  lack  of 
crack-tip  plasticity.  Literature  studies  of 
cyclic  fatigue  in  ceramics  arc  sparse  and 
inconclusive.  Some  early  work  on  alu¬ 
mina1"'  report  reduced  lifetimes  in  cyclic 
relative  lo  static  loading.  However,  analy¬ 
sis  of  some  of  these  data  (specifically  data 


in  Refs,  l  and  4)  suggests  that,  within  the 
range  of  experimental  scatter,  this  reduc¬ 
tion  can  be  accounted  for  in  large  pan  by 
the  integrated  effect  of  environmentally 
enhanced  slow  crack  growth.*  Subse¬ 
quently.  cyclic  fatigue  studies  have  been 
reported  on  silicon  nitride1’13  and  silicon 
carbide. 11  Agnin,  these  studies  demon¬ 
strate  no  definitive  evidence  of  true  cyclic 
damage.  Indeed.  Matsuo  et  ah*  imply  that 
the  fatigue  failure  times  for  their  silicon 
nitride  are  in  accord  with  slow  crack 
growth  alone. 

Most  recently,  cyclic  fatigue  crack 
propagation  has  been  unequivocally 
demonstrated, in  a  transformation- 
toughened  magncsia-zirconia  ceramic 
(grain  size  of  50  jxm),  using  tension- 
tension  loading  of  compact-tension 
specimens  with  "long"  cracks  (i.c.. 
millimctcr-scale.  large  compared  with  the 
microstructurc).  That  work  demonstrated 
crack  growth  in  cyclic  loading  at  stress  in¬ 
tensities  significantly  below  those  required 
to  generate  environmentally  assisted  crack 
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growth  in  sustained  constant  loading,  with 
the  extent  of  the  shift  in  the  attendant 
crack  velocity  curves  depending  on  the  de¬ 
gree  of  aging  of  the  material.  The  fatigue 
effect  in  that  material  was  attributed,  at 
•cast  in  part,  to  crack-resistance  (K-eurve) 
behavior  due  to  shielding  by  phase  trans¬ 
formation.  although  the  detailed  micro- 
mechanisms  remain  obscure. 

However,  it  is  now*  established  that  a 
wide  range  of  noniransforming  ceramics 
such  as  aluminas  can  also  exhibit  R-curvc 
characteristics,  albeit  via  a  different 
shielding  mechanism.  In  these  materials 
the  predominant  mechanism  of  R-curvc 
behavior  is  persistent  grain-localized 
brideing  at  the  interface  behind  the  crack 
tip.  1  Key  to  the  efficacy  of  the  bridges 
as  toughening  agents  is  the  presence  of 
internal  thermal  expansion  mismatch 
stresses  which  "clamp”  interlocking  grams 
into  the  alumina  "matrix"  on  either  side  of 
the  crack  interface  behind  (he  advancing 
crack  tip.  The  R  curve  confers  the  quality 
of  "flaw  tolerance”52  and,  because  of  its 
stabilizing  influence  on  crack  growth, 
strongly  enhances  the  "static  fatigue” 
limit.  However,  there  is  no  direct  infor¬ 
mation  on  what  effect  repeated  loading 
and  unloading  might  have  on  the  bridging 
mechanism.  In  this  context  we  may  note 
that  aluminas  with  more  pronounced 
R  curves  show  a  demonstrably  greater  sus¬ 
ceptibility  to  wear  in  repetitive  abrasion; 
this  increased  susceptibility  is  attributable 
to  cumulative  augmentation  of  tensile  in¬ 
ternal  stresses  from  the  contact  damage 
processes.^  leading  to  grain-boundary  micro- 
fracture. 24  On  these  grounds  we  might 
reasonably  expect  analogous  cumulative 
damage  to  the  bridges  in  the  repeated 
loading  of  propagating  cracks,  leading  to  a 
degradation  in  the  toughness  and  strength 
properties.  By  reducing  (he  crack-tip 
shielding,  such  degradation  could  give  rise 
to  cyclic  fatigue. 

Related  effects  on  the  fracture  prop¬ 
erties  of  alumina  have  been  described  in 
compression  tests  on  specimens  with  large 
notches.25  There,  "fatigue”  cracks  wire 
observed  to  initiate  from  the  notches  much 
more  effectively  in  repeated  than  in  sus¬ 
tained  loading.  As  in  the  interpretation  of 
the  wear  results  referred  to  above,  the  en¬ 
hanced  initiation  is  attributed  to  grain¬ 
boundary  microcracking,  but  driven  now 
by  notch-conccntratcd  tensile  stresses  as¬ 
sociated  with  irreversibilities  in  the  com¬ 
pression  stress-strain  cycle.2* 

Our  objective  in  the  present  study 
was  to  investigate  the  effect  of  cyclic 
loading  on  the  behavior  of  a  coarse¬ 
grained  alumina  ccramtc  that  shows  par¬ 
ticularly  strong  R-curvc  behavior, 
spccificall)  in  the  short-crack  region  rel¬ 
evant  to  strength  properties.  We  present 
results  from  tension-tension  cyclic  loading 
of  specimens  w  ith  controlled  indentation 
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flaws  in  biaxial  flexure  in  water.  Exten¬ 
sive  indentation-flaw  studies  on  the  se¬ 
lected  alumina  have  been  previously 
documented:  in  inert-strength  tests  to  de¬ 
termine  the  R-curvc  parameters21  and  in 
consiant-stressing-ratc  tests  in  water  to  de¬ 
termine  crack  velocity  parameters.25  We 
use  these  ’•calibrated”  parameters  in  a 
computer  algorithm,  tacitly  assuming  total 
reversibility  of  the  bridging  constitutive 
law  during  the  loading-unloading  cycle, 
to  obtain  a  lifetime  prediction  for  compari¬ 
son  with  the  data.  The  existence  of  a  true 
cyclic  enhancement  of  fatigue  should  then 
be  apparent  as  a  systematic  tendency  for 
the  experimental  data  to  fall  below  the 
predicted  stress-lifetime  curse. 

Experimental  Procedure 

The  material  used  in  thi i  study  was  a 
commercial  polycrystallir.e  alumina  ce¬ 
ramic,  nominally  pure  (<0.1%  additive) 
with  a  mean  grain  size  of  23  pm*  The 
specimens  were  in  the  form  of  disks,  ap¬ 
proximately  22  mm  in  diameter  and  2  mm 
thick. 

Controlled  Vickers  indentation  flaws, 
at  a  load  30  N  were  placed  at  the  centers 
of  the  prospective  tensile  faces  of  each 
specimen.  The  specimens  were  mounted 
into  a  biaxial  loading  fixture,  with  a  flat 
circular  punch  of  diameter  4  mm  on  a  three- 
point  support  of  diameter  19  mm.  The 
(ensile  stresses  in  the  loaded  specimen 
surfaces  were  computed  from  thin- 
plate  formulas.  This  is  identical  to  the 
indentation-strength  configuration  used 
previously25  to  obtain  lifetime  data  at 
static  applied  stresses,  which  we  will 
adopt  here  as  a  convenient  baseline  for 
comparing  cyclic  loading  data. 

The  cyclic  load  tests  were  conducted 
in  sinusoidal  tension-tension  on  a  servo- 
hydraulic  fatigue  testing  machine.1  The 
minimum  tensile  stress  in  each  series  of 
tests  was  maintained  at  20  MPa,  but  the 
maximum  stress  was  adjusted  to  coincide 
with  the  constant  stress  levels  applied  in 
the  static  loading  tests  (covering  a  practi¬ 
cal  range  of  1  to  104  s  in  lifetime*5).  At 
least  five  specimens  were  tested  at  each 
selected  peak  stress,  at  frequencies  of 
l  and  50  Hz,  in  water.  The  time/cycles  to 
failure  were  recorded  in  each  case.  In  all 
tests  the  broken  specimens  were  examined 
to  verify  that  the  failure  initiated  at  the  in¬ 
dentation  site;  exceptions  were  excluded 
from  the  data  pool. 

Results 

Consider  first  the  static  fatigue  test 
results  in  Fig.  1,  from  Lathabai  and 
Lawn.25  The  solid  curve  represents  an 
a  priori  prediction  of  the  static  fatigue  re¬ 
sponse.  obtained  numerically  using  a  com¬ 
puter  algorithm21  based  on  a  combined 
R -curve  and  crack- velocity-curve  analysis 
(Appendix),  the  parameters  used  in  this 
analysis  wefe  "calibrated”  from  the  inert 
strength  and  constant  stressing  rate  dm a 
for  our  alumina  in  previous  experiments.21 
The  data  points  arc  individual  experimen¬ 


tal  breaks;  left  arrow  %  designate  specimens 
that  broke  during  the  loading  ramp,  right 
arrows  designate  long-term  "survivors/’  It 
is  seen  that  the  data  scatter  uniformly  about 
the  theoretical  curve,  which  coincides 
with  the  fatigue  limit  (130-10  MPa)  over 
most  of  the  practical  stress  range.  Any  ad¬ 
ditional  fatigue  effect  in  cyclic  loading 
should  therefore  be  manifest  as  failure 
stresses  Mon*  this  static  limit. 

The  results  for  individual  breaks  in 
cyclic  loading  tests  arc  plotted  in  Fig.  2 
for  the  two  experimental  frequencies  used. 
Arrows  at  right  again  designate  long-term 
survivors.  The  data  show  a  strong  similar¬ 
ity  in  form  and  spread  to  those  of  Fig.  I. 
The  solid  curve  in  Fig,  2  is  the  integrated 
theoretical  prediction  for  sinusoidal  cyclic 
loading  from  the  computer  algorithm,  pre¬ 
suming  slow  crack  growth  to  be  the  sole 
source  of  fatigue  and  bridge  displacements 
during  the  unloading  to  be  reversible  (Ap¬ 
pendix),  The  level  of  agreement  between 
theoretical  prediction  and  experimental 
dau  is  comparable  with  that  in  Fig.  1,  In 
accordance  with  the  assumptions  above, 
the  effect  of  cycling  is  simply  to  translate 
the  fatigue  curve  to  longer  lifetimes,  as 
seen  by  comparing  the  solid  (cyclic)  curve 
with  the  dashed  (static)  curve.  The  data  in 
Fig.  2  do  not  fall  below  the  static  fatigue 
limit,  indicating  that  any  subsidiary 
mechanical  damage  mechanism,  if  pres¬ 
ent.  plays  an  insignificant  role  in  the 
degradation  process. 

Further  indication  as  to  a  fatigue  ef¬ 
fect  can  be  obtained  by  investigating  the 
rote  of  frequency.  It  is  difficult  to  see  any 
distinction  between  I  and  50  Hz  data 
points,  within  the  scatter,  in  Fig.  2.  Ac¬ 
cordingly,  we  replot  the  data  on  cumula¬ 
tive  probability  diagrams  in  Fig.  3.  The 
stress  range  in  Fig.  2  is  narrowly  confined 
about  the  fatigue  limit,  so  we  include  all 
dau  in  the  probability  plots  so  as  to  in¬ 
crease  the  statistical  sample.  Whereas 
there  seems  to  be  a  significant  shift  in  the 
number  of  cycles  to  failure,  no  such  shift 
is  apparent  in  the  time  to  failure.  This  is 
further  support  for  the  exclusive  role  of 
slow  crack  growth  in  the  fatigue  response. 

Discussion 

The  preliminary  results  above  arc 
confined  to  one  alumina  material,  and  to 
"short”  initial  cracks.  Nevertheless,  the 
study  suggests  that  we  may  draw1  a  rather 
strong  general  conclusion:  that,  contrary 
to  the  concerns  expressed  earlier,  the 
micromcchantsms  responsible  for  the 
R  curve  in  nontransforming  ceramics  arc 
not  necessarily  deleterious  to  the  v\clu 
fatigue  response .  We  shall  return  to  this 
important  conclusion  below. 

To  account  quantttatnel\  for  the  null 
effect  of  cvclic  loading  on  the  integrity  of 
the  bridges  for  our  indentation  flaws,  it  is 
ncwcssars  to  resort  once  more  to  numerical 
algorithm.  The  algorithm  contains  com¬ 
plete  (stepwise)  information  on  the  crack 
evolution  for  indentation  Haws  in  our 
alumina- water  wstern.  Accord  me  I  v.  we 
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F.f  .  k  Sutic  fatltuc  plot  for  polycry  stall  inc  alumina  in  water, 
for  Vickers  indentations  at  />«30  N«  Data  point*  are  results  of  in* 
dividual  tests.  Arrows  at  rifht  designate  tntcmmtcd  tests;  at  left 
breakages  during  ramp  loading  to  maximum  applied  stress.  Solid 
curve  1:  theoretical  prediction.  Data  from  Lathabai  and  Lawn.*3 


Fig.  2.  Cyclic  fatigue  plot  for  polycryuallinc  alumina  in  water, 
for  Vickers  indentations  at  P-30  N.  Data  points  arc  results  of  in¬ 
dividual  tests;  open  symbols  are  for  1  Ha.  closed  symbols.  50  Ha, 
Solid  curve  is  prediction  assuming  only  slow*  crack  growth.  Static 
fatigue  curve  from  Fig,  I  included  for  comparison. 
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50  ^umu^l,vc  P»*N!liy  plots  f°r  cycles  and  (B)  time  to  failure  for  data  In  Fig.  2,  Open  symbols  axe  for  l  Hz.  closed  sym* 


evaluate  2uz«0.66  /im  for  the  crack¬ 
opening  displacement  at  the  first- 
intersected  bridge,  Fig.  4,  at  failure  (cor¬ 
responding  to  an  instability  point  pan  way 
up  the  R  curve)  for  static  applied  stresses 
close  to  the  fatigue  limit.  This  displace¬ 
ment  may  be  compared  with 
2.76  pm  complete  disengagement  of 
the  interlocking  bridging  grains  (which 
would  be  obtained  if  the  crack  were  al- 


2uz 


Fie  4  Schematic  showing  crack-opening 
displacement  ut  at  edge  ol  bridging  /one 
At  grains  disengage  trom  matrix 


lowed  to  reach  the  upper  plateau  of  the 
R  curve),  from  previous  inert  strength 
data.n  Thus,  the  ratio  *0.24  is  a 
measure  of  the  critical  “pullout  strain*’  for 
the  bridging  grains  for  our  indentation 
cracks.  It  seems  reasonable  to  suppose 
that,  for  ordinary  (laws,  the  grains  are  in 
little  danger  of  being  effectively  “dislo¬ 
cated”  from  (he  matrix  at  this  strain. 

This  estimate  is  for  static  loading.  In 
repeated  loading  one  might  expect  irre¬ 
versibility  in  the  grain-matrix  frictional 
sliding  characteristics  to  contribute  ad¬ 
versely  to  the  fatigue  response,  by  perma¬ 
nently  degrading  the  bridges.  We  envisage 
tw^  ways  this  degradation  could  occur: 
first,  by  reducing  the  frictional  resistance 
at  the  grain-matrix  interface:  second,  by 
damaging  the  surface  of  the  interlocking 
grains,  thereby  enhancing  transgranular 
fracture.  The  indication  from  our  experi¬ 
mental  results  is  that  this  kind  of  degrada¬ 
tion  docs  not  occur  to  any  significant 
extent,  at  least  for  indentation  flaws. 

In  the  present  study  sse  have  consid¬ 
ered  only  short  cracks.  Should  we  expect 


the  same  null  behavior  for  long  cracks? 
The  mechanisms  referred  to  in  the  preced¬ 
ing  paragraph  will  surely  have  a  greater 
effect  as  the  cracks  grow*  farther  up  the 
R  curve.  In  extreme  cases,  beyond  the 
bounds  of  the  R-curve  plateau,  the  inter¬ 
locking  grains  will  disengage  from  the 
matrix  (u2>u*<),  such  that  (he  bridging 
zone  translates  with  the  crack,*’  There  is 
then  additional  potential  for  damage,  c.g„ 
from  the  wedging  action  of  dislodged 
grains  and  associated  debris  at  the  closed 
interface.  There  is  some  evidence  for  del¬ 
eterious  fatigue  effects  in  a  recent  study  of 
long-crack  (■»!()  mm)  specimens  of  alu¬ 
mina  (10-Mm  grain  size),26  although  the 
authors  in  that  study  did  not  consider  the 
R-curvc  bridging  mechanism  and  made  no 
attempt  at  a  direct  identification  of  the 
underlying  fatigue  mechanisms.  The  link 
between  short  and  long  cracks  in  the 
analysis  of  fatigue  is  an  important  area  for 
further  study  Our  results  would  indicate 
dangers  in  extrapolating  from  one  crack- 
vize  region  to  the  other  e.g  .  in  using 
fatigue  data  Irom  long  crack  specimens  to 
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predict  strength  behavior. 

The  present  results  have  important 
.  implications.  Ceramics  processors  might 
seek  to  tailor  microstructures  for  optimum 
K'Curvc  properties/1  However,  there  is  al¬ 
ways  the  concern  that  such  optimisation  at 
one  extreme  of  crack  size  could  lead  to 
deleterious  behavior  at  the  other.  We  men¬ 
tioned  the  inverse  relation  between  long- 
crack  toughness  and  wear  properties 
earlier.  The  present  results  suggest  that 
similar  grounds  for  concern  with  regard  to 
a  potential  correlation  between  R-curve 
and  cyclic-loading  strength  properties 
could  prove  to  be  unwarranted. 


Appendix 

The  algorithm  used  to  compute  life¬ 
times  for  alumina  with  R-curve  character¬ 
istics  combines  the  following  fracture 
mechanics  elements:11,23,5* 

(i)  Fracture  mechanics  relations  and 
R  curve:  First,  a  relation  is  written  for  the 
net  driving  force  on  a  crack  in  a  material 
with  crack-intcrface  bridging.  The  stress- 
intensity  factor  AT*  at  the  tip  of  crack 
length  c  is  given  by 


KM-KM+KM+KA  c)  (A- 1) 


where  K4(c)m^r4ci  l  relates  to  the  applied 
stress  (tfr  a  geometry  constant).  K,  mxE/cx: 
to  the  contact  residual  stress  at  indentation 
load  P  (x  a  contact  constant),  and  A’M  to 
the  bridging.  All  the  parameier$"txcep( 
those  in  A^,  which  determines  the  shape 
of  the  R  curve,  arc  known  from  indenta¬ 
tion  studies. 

(ii)  Constitutive  relation:  To  com¬ 
pute  A'*,,  one  needs  the  underlying  relation 
between  the  bridging  stress  p  and  crack- 
opening  displacement  2 u  for  grain-matrix 
pullout, 

/>{u)“/i„U -«/«#)  (A-2) 


where  />*,  maximum  pullout  stress  at 
u=0.  and  m*.  (half)  pullout  displacement 
at  p=  0.  arc  expressible  in  terms  of  such 
microstructure  parameters  as  grain  size 
and  shape,  internal  thermal  expansion 
stresses,  grain-matrix  friction,  bridge  rup¬ 
ture  strain,  etc.22  All  these  microsmjcturc 
parameters  have  been  determined  for  our 
alumina  from  inert  strength  data.2*  In  the 
approximation  of  "weak  toughening/*  the 
bridging  stress  intensity  factor  is  deter¬ 
mined  from11 


piu)du  tA-3) 

n 


where  E  is  Young’s  modulus.  The  upper 
limit.  Me).  Is  (half)  the  displacement  at 
the  edge  of  the  bridging  zone,  calculable 
from  an  expression  for  (he  crack  profile/1 
This  formula  is  used  in  conjunction  with 
Eq,  (A-l)  for  both  loading  and  unloading 
half-cycles,  implying  full  reversibility  in 
the  bridge-sliding  response, 

(Hi)  Crack  velocity  relation:  The 
velocity  function  used  is  a  hyperbolic 
sine,2*  based  on  the  underlying  notion  of 
stress-enhanced  thermal  activation  over 
atomically  localized  energy  barriers. 

HO.)"**,  Jinh  [(G.  -2y,)/2r] 

(2y,sC.S2y,)  (A~ta) 
v(G.)-0  (2y,>G.)  (A-4ft) 


where  y<j  and  y(  are  surface  energies  in 
vacuum  and  reactive  environment,  respec¬ 
tively.  and  v0  and  T  are  adjustable  param¬ 
eters.  Note  the  provision  in  Eq.  (A-4)  for 
a  threshold,  consistent  with  thc% existence 
of  a  natural  static  fatigue  limit.2*  To  con¬ 
nect  Eqs.  (A-l)  and  (A-4),  we  use  the  fa¬ 
miliar  relation  C."Ai/£.  The  adjustable 
parameters  in  Eq.  (A-4)  have  been  evalu¬ 
ated  from  constant  stressing  rate  data.2* 
(tv)  Fatigue  and  lifetime  relations: 
The  time  to  failure  can  be  computed  nu¬ 
merically  for  any  time-dependent  applied 
stress  function,  o',-«<rJ(f), 


cr4~  const  (static)  (A-5u) 

o-,«<r*+<ro  sin  (2:rw)  (cyclic) 

(A -56) 

with  v  the  cyclic  frequency,  cry  and  oo  the 
mean  and  half-amplitude  stresses. 

The  computer  algorithm  starts  with 
the  indentation  flaw  in  its  immediate, 
postindentation  state,  and  grows  the 
crack  stepwise  in  accordance  with 
Eqs.  (A-l)  to  (A-5)  until  an  instability 
condition  dG4/dc>0  is  attained  (with 
care  to  ensure  that  the  program  is  allowed 
to  continue  if  this  instability^  leads  to  a 
mctastablc  ancst  configuration2*). 

Acknowledgments 

The  authors  gratefully  acknowledge  assistance 
from  J  S.  Hams,  A.C  Fraker,  J  M  Cnssman.  D  E 
Roberts,  and  D  T  Smith  in  settinj  up  the  fatigue  test¬ 
ing  i)Sicm.  and  S  J  Benmson  in  calibrating  the  R- 
curve  parameters  The  alumina  specimens  were  kindly 
prodded  by  J.D  Sibold  and  M  J  Rcadey  of  Coots 
Ceramics 

References 

'L  S  Willijm;.“Stfess  Endurance  of  Sintered 
Alumina/  Tram  Hr  Crram  Soc  .  55  (51  257-312 
119561 

;R  Sedlacck  and  F  A  Maiden.  “Static  and  Cv- 
v lie  Fatigue  of  Alumina/  pp  211-20  in  Structural 
Ceramics  and  Testing  or  Brittle  Material*  Edited  b\ 
S  J  Acquaww  and  S  A  Bon/  Gordon  and  Breach, 
New  York,  1967 

*U  K  Sarkar  and  T  G  T  Glmn.  “Fatigue  Be« 
haviur  of  High  Alumina  Ceramics/  Frani  Hr 
Ceram  5^  69,  PW-20)  t 19701 


*1)  A  Krohn  and  I)  p  H  Hawclmart.  “Static 
and  Cycl*  Fatigue  Behavior  01  a  lVlwi\Mallmc  Alu< 
m ina/V  An  Oram  S*\  .  55  HI  2UX  II  il972i 
*F  Guiu.  "Cyclic  Fatigue  of  Poly  cry  vtallme  Alu* 
mma  m  Direct  Push* pull/;  Stater  Sit  Lot  IJtM 
t)S7*Al  l[Vt\ 

WC  Evans  and  E  R  rullef.  "Crack  ftopaga 
i mi  In  Ceramk  .Materials  Under  C>sl»c  Loading  Corv 
Unions/ Mewtf  Tram  .  5  111  2*-)'  *19741 

'A  C,  Evans.  "Fatigue  in  Ceramics/  fm  J 
Fta<t .  M  (6)415-9*119101 

'Y  Matsuo.  Y  Hatton.  Y  Katayama.  and 
I  Fukufi,  "Cyclic  Fatigue  Behavior  of  Ceramics/ 
pp  515-22  in  Progress  in  Nitrogen  Ceramics  Edited 
by  F  L  Riley.  Martinus  Nijhoff.  The  Hague,  the 
Netherlands,  19*3 

T.  Kawakubo  and  K  Korneva.  "Static  and  Cy¬ 
clic  Fatigue  Behavior  of  a  Sintered  StlKsm  Nitride  at 
Room  Temperature/  J  An  Ceram  See  .  70  (61 
400-405  tl9*7). 

HM,  Masuda.  T  Soma,  M  Mitsui,  and  I  Oda. 
"Cyclic  Fatigue  of  Sintered  StiNV*  Ceram  Eng  Sa 
r<oe.f  (9-101 iK-KiWWi 

"S  Honbe  and  M  Sumita.  "Fatigue  Behavior  of 
Sintered  StC.  Temperature  Dependence  and  Effect  of 
Doping  with  Aluminum/  J  Stater  5Vi .  *3,  3)05-1) 
U9III 

,:R4L  Oauskardt.  W  Yu.  and  R  O  Ritchie. 
"Fatigue  Crack  Propagation  in  Transformation- 
Toughened  Zirtonia  Ceramic/  J  An  Oram  See , 
7#  (101  C-24*-C-252ll9*7l 

"R  H.  Oauskardt.  D  H  Marshall,  and 
R*0  Ritchie.  "Cyclic  Fatigue  Crack  Propagation  tn 
Ceramics:  Behavior  tn  Overaged  and  Partially* 
Siabilircd  MgO-Zirconta",  to  be  published  tn  Fracture 
MechanicuSiructural  Ceramics*  Materials  Research 
Society,  Philadelphia,  PA. 

'*H«  Hubner  and  W  Jiltek,  "Suberttical  Crack 
Extension  and  Crack  Resistance  in  Polyctystallinc 
Alumina/;,  Stater,  Jef  ,  12.  U7-23  t(9?7i 

nR  W  Steinbrech.  R  Knehans.  and  W 
SehaarwKhter.  "Increase  of  Crack  Resistance  During 
Slow  Crack  Growth  in  Alumtna  Bend  Specimens/ 
J,  Mater,  Set,  l«,  265-70 1 190) 

UR,  Knehans  and  R  W  Steinbrech.  "Effect  of 
Grain  Sire  on  the  Crack  Resistance  Curves  of  AljO. 
Bend  Specimens**,  pp,  61)- 19  in  Science  of  Ceram¬ 
ics,  VoL  12.  Edited  by  P  Vincenii  Ccramurgua. 
ImoU.  Italy,  1914. 

"CL  Fairbanks.  B.R  Lawn.  R  F  Cs'ok,  and 
Y.*W  Mai.  "Microstructure  and  the  Strength  of  C<‘ 
ramies-;  pp,  23-37  in  Fracture  Mechanics  of  Ceram¬ 
ics.  Vo!.  I.  Edited  by  R  C  Bruit.  A  G  Evans. 
D.P.H*  Hatselman,  and  F.F  Lange,  Plenum.  New 
York.  1916, 

'*P-L,  Swanson.  C  )  Fairbanks,  B  R  Lawn, 
Y-W  Mai,  and  B.)  Hoc  key,  "Crack- Interface  Gram 
Bridging  as  a  Fracture  Resistance  Mechanism  tn  Ce¬ 
ramics.  t,  Experimental  Study  on  Alumina/;  Am 
Oran,  $« ,  7t  (4|  279-19  1 19571 

«Y*W  Mai  and  B.R  Lawn.  "Crack-lmerface 
Grain  Bridging  as  a  Fracture  Rcsisur.ee  Mechanism  m 
Ceramics;  II,  Theoretical  Fracture  Mechanics 
Model/ J*  An ,  Oram .  Sot .  70  (4J  259-94  tl9S7i 
»R.F  Cook.  C  J  Fairbanks.  B.R  Lawn,  and 
Y-W  Mai.lTrack  Resistance  by  Imerfacial  Bndgmg 
Its  Role  in  Determining  Strength  Charactemtio.  J 
MatfK  Hts.,  2  (3|  )4j-56 1 195*1 

s'S,  J  Benmson  and  B.  R  Lawn.  "Role^sf  Inter- 
facial  Gram-Bridging  Sliding  Friction  tn  the  Crack-Re* 
sisunce  and  Strength  Properties  of  Nontranstormmf 
Ceramics",  to  be  published  in  At  ta  Mttall 

«S.J  Benmson  and  B.R  Lawn.  "Flaw  Tolcr^ 
ance  in  Ceramics  with  Rising  Crack  Resistance  Char* 
actenstics",  to  be  published  in  J  Stutrr  Sit 

:,S.  Lathabai  and  B  R  Lawn.  Fatigue  L.m.tv  m 
None) elk  Loading  of  Ceramics  with  CraA-Revutarue 
Curves'*,  to  be  published  in  J  Sfattr  Su 

J|S  -L  Cho.  B  J  Hockey.  B  R  Lawn,  and 
S.J  Benmson.  "Gram-Si/e  and  R-Curve  Elfects  m 
the  Abrasive  Wear  of  Alumina.  J  An  Cftam  Sik 
72  (7|  1249-52  119591 

"L  Ewan  and  S  Surevh  "Dvnamu  Fatigue 
Ci,  Growth  m  PylurwiaUme  Alumina  knder  Cv» 
Ok  Compression.  J  Mater  Su  Lrfi  5,  **"4-,,X 
(1956* 

'*M  i  Reece,  F  Gutu.  and  M  F  R  Sammur, 
"Cyclic  Fatigue  Crack  Propagation  in  Alumina  Lnder 

Direct  Tension  Comprewiw/Liuding/;  Am  Ceram 

Sm  72  |2|  348-52  U959I  O 


14.  "Grain-size  and  R-Curve  Effects  in  the  Abrasive  Wear  of  Alumina" 
S-J.  Cho,  B.J.  Hockey,  B.R.  Lawn  and  S.J.  Bennison 
J.  Am.  Ceram.  Soc.  2Z  1249  (1989). 


15.  MA  History  in  the  Role  of  MgO  in  the  Sintering  of  a-Al203H 
S.J.  Bennison  end  H.P.  Hamer 

Ceramics  Transactions,  American  Caramic  Society,  Vol.  7,  1989. 


journal 


J.  C<um.  Sot..  «  |3|  (MMl  * 

■  ■■  m  ■  . . .  —  ■  i  ■  ■■■  j  ■  i  i  -■■■--  i  1 

i 

Grain-Size  and  /?- Curve  Effects  in  the  [ 
Abrasive  Wear  of  Alumina 
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Results  of  sliding  wear  tests  on  three 
alumina  ceramics  with  different  grain 
sizes  are  discussed  in  the  light  of  crack • 
resistance  (R-cun'e,  orT-cune)  charac * 
(eristics.  The  degree  of  wear  increases 
abruptly  after  a  critical  sliding  period , 
reflecting  a  transition  from  deformation • 
controlled  to  fracture-controlled 
surface  removal.  This  transition  occurs 
at  earlier  sliding  times  for  the  aluminas 
with  the  coarser-grained  micro - 
structures ,  indicative  of  an  inherent 
size  effect  in  the  wear  process.  A  sim¬ 
plistic  fracture  mechanics  model, 
incorporating  the  role  of  internal 
thermal  expansion  mismatch  stresses 
in  the  crack-resistance  characteristic, 
is  developed.  The  results  suggest  an 
inverse  relation  between  wear  resist¬ 
ance  and  targe-crack  toughness 
for  ceramics  with  pronounced  R - 
curve  behavior .  (Key  words:  alumina, 
R  curve,  wear,  brittle  materials, 
grain  size.) 

rPHC  brittleness  of  ceramics  can  lead  to 
*  rapid  wear  by  microfracturc  in  severe 
local-contact  conditions.  Erosion  by  par¬ 
ticle  impact1  and  surface  removal  by 
machining2  arc  two  documented  cases  in 
point.  Theoretical  treatments  of  contact 
fracture  mechanics1  indicate  that  the  asso¬ 
ciated  wear  rates  should  be  greatest  for 
materials  with  the  least  toughness,  T.*  The 
experimental  erosion  evidence.1  embrac¬ 
ing  a  broad  range  of  brittle  ceramics, 
lends  some  support  to  (his  contention. 
However,  the  growing  realization  that  the 
toughness  of  a  given  material  can  be 
a  sensitive  function  of  the  crack  size 
(T-curve,  orrt-curve  behavior), 4-1  dc- 
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The  crack*  size -dependent  **tou|hness“  (T)  is  al¬ 
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pending  strongly  on  the  microsmictural 
makeup,  has  led  to  some  contradictory 
conclusions.  Indeed,  from  machining  tests 
on  alumina  ceramics  that  differ  only 
in  microstructurc,  it  appears  that  the 
machining  rale  actually  increases  with  the 
toughness,2  at  least  with  the  toughness 
measured  in  traditional  large-crack  test 
specimens.  Accordingly,  when  specifying 
toughness  parameters  for  ceramic  ma¬ 
terials  in  the  context  of  wear  properties,  it 
has  become  necessary  to  nuke  due  allow- 
ance  for  the  microstructural  scale  of  the 
fracture  process. 

In  this  work  wc  present  some  new 
data  on  microfracturc-associated  abrasive 
wear  of  alumina  ceramics  in  which  grain- 
size  effects  are  apparent.  Wc  show  that  it 
is  necessary1  to  consider  specific  details  of 
material  removal  in  relation  to  the  under¬ 
lying  mechanisms  that  determine  the 
T-curve  behavior,  Wc  also  show  that  the 
resistance  to  fracture-associated  surface 
removal  in  these  materials  is  least  for 
alumina  materials  with  the  greatest 
large-scale  toughness,  i.c,,  in  the  coarser- 
grained  materials.  Following  an  earlier 
hypothesis  by  Rice  ami  co-workers,*10  wc 
argue  (hat  this  seemingly  contradictory 
relation  between  wear  resistance  and  tra¬ 
ditional  toughness  parameters  is  linked 
to  the  presence  of  residual  stresses  in  in¬ 
dividual  grains,  and  that  the  influence  of 
these  stresses  on  the  contact-fracture  proc¬ 
ess  is  manifest  as  a  microstructural  size 
effect. 


Accordingly,  alumina  specimens 
for  wear  testing  were  prepared  by  hot*  jf  J 
pressing.  The  starring  material  was  ultra-  *  | 
hlgh-purity  alumina  powder'  doped  with  *  j 
magnesia  solute  additive.  Aluminas  with  Si 
three  grain  sizes,  8.  and  20  pm  (as  *  { 
measured  by  a  lineal  intercept  method’1),  jj* 
were  fabricated  by  suitable  adjustment  of  * 
the  hot-pressing  cycle. 

The  corresponding  wear  data  arc  f 
shown  in  Fig,  1,  (These  data  represent  just  * 
pan  of  a  broader,  systematic  study  in  our  £ 
laboratories  of  wear  transition  behavior  in  j 
ceramics,  to  be  presented  elsewhere.*2) 

The  test  geometry  for  the  data  in  Fig.  I  is 
that  of  a  rotating  sphere  (Silicon  nitride. 
12-mm  diameter.  450-N  applied  load. 

100  rpm)  on  three  flat  specimens  (alu¬ 
mina).  The  three  specimens  arc  aligned 
with  their  surface  normals  in  tetrahedral 
coordination  relative  to  the  rotation  axis  of 
the  sphere  and  are  mounted  onto  a  bearing 
assembly  to  ensure  equal  distribution  of 
the  applied  load.  All  tests  were  run  at 
room  temperature  with  purified  paraffin 
oil  as  a  lubricant.  Wear  is  quantified  by 
the  ensuing  scar  diameter  on  the  alumina 
specimen  surfaces.  Figure  1  shows  that 
the  scar  diameter  increases  monotonically 
with  sliding  time.  In  the  initial  stages,  this 
increase  is  relatively  slight,  indicative  of  a 
deformation-controlled  removal  process, 
and  is  independent  of  grain  size.  At  a 
certain  critical  sliding  time,  however,  the 
scar  diameter  for  each  material  increases 
abruptly;  moreover,  the  larger  the  grain 


Sliding  Time  (min) 


Fig.  I ,  Wear  data  for  nominally  "pure*  alumina  ceramics 
of  three  grain  sizes,  C.  Room -temperature  data  for  rotating 
silicon  nitride  sphere,  12  mm  in  diameter,  450-N  load,  on 
flat  specimen,  paraffin  oil  lubricant.  Note  Initial  slow, 
steady  increase  of  scar  diameter  with  sliding  lime,  followed 
by  abrupt  transition  to  severe  wear  at  critical  sliding  time. 
Sliding  rime  for  onset  of  transition  diminishes  significantly 
for  the  larger  grain-stze  materials.  Vertical  dashed  lines  are 
theoretical  predictions  of  the  transition  umes. 
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Fig  2  Si'anning  electron  micrograph  of  the  wear  surface  »*f  4-M»n* 
gram-sire  alumina  after  transition  Sok  extensive  wracking  at  the  gram 
boundaries 


mw.  the  earlier  this  transition  occurs,  The 
coarser  material  is  clearly  more  suscep- 
tibk  hi  severe  surface  degradation 

Examination  of  the  specimen  sur* 
faces  indicates  that  the  abrupt  transition  to 
severe  wear  is  aswictatcd  with  the  onset  of 
grain-localized  microfracture.  The  scan* 
mng  electron  micrograph  in  F*f  2  illus¬ 
trate*  the  appearance  of  the  sweat  surface 
of  the  4.^m*gratn*sire  alumina  after  the 
transition.  Before  the  transition*  the  dam¬ 
age  shows  only  smooth  scratches,  typical 
id*  a  deformation-controlled  swear  process. 
InFif  \  on  the  other  hand,  wwe  see  addi¬ 
tional.  severe  damage  in  the  form  of 
extensive  cracking  along  the  grain 
boundaries,  wwtth  dtslodgcment  of  individ¬ 
ual  grams  and  associated  wear  debris. 

Transmission  electron  microscopy 
provides  further  dues  to  the  transition 
mechanism.  Figure  shows  micrographs 
of  foils  {prepared  by  thinning  from  below 
the  test  surface11)  of  the  same  alumina  as 
in  Fig.  2  outside  and  inside  the  worn  area 


just  after  the  onset  of  transition  The 
pristine  material  in  Fig  JiAi  show*  a 
relatively  “clean.”  i.c  .  distocatiomfrce. 
microstrocture  Note  the  presence  of  void* 
like  defects  (inherent  porosity  after  hot- 
pressing)  at  many  of  the  triple  points  of 
the  grain-boundary  structure  The  sworn 
material  in  Fig  }(B*  shows  severe  accu¬ 
mulation  of  dislocation  pileups  and  twins 
with  strong  crystallographic  features, 
characteristic  of  abrasion  damage  in  ce¬ 
ramics.  11  At  the  same  time,  the  triple- 
point  defect  structure  has  apparently 
evolved  into  an  interconnected  grain- 
boundary  mtcrocracktng  pattern.  Note  also 
the  presence  of  diffraction  bend  contour*, 
indicative  of  substantial  damage-induced 
residual  stress  m  the  foil. 

To  explain  the  results,  we  need  to 
elaborate  on  the  nature  of  the  toughness 
wersus  crack-suc  function  tthe  f  curve) 
for  alumina*  In  Fig  a  we  plot  this  func¬ 
tional  dependence  for  the  three  gram  size* 
investigated  in  Fig*  I.  using  computations 


Worn  an  independent  Minis  of  the  tough 
tics'  properties  ot  alumina  ceramics  *  t  he 
underlying  Kim*  ot  th;*e  plot'  is  a  iihhIcI 
tor  increasing  crack  resistance,  m  which 
the  gf.im*Knjmiar\  crock  is  initially  unim¬ 
peded  over  facet  dimensions,  hut  that  as 
extension  pr*veeds  the  interface  is  increas¬ 
ingly  bridged  hv  restraining,  interlocking 
grams  i There  is  strong  physical  tustiiiea* 
non  tor  this  model  trom  direct  observa¬ 
tions  ot  crack  growth  in  alumina  and  other 
ceramics. Key  to  the  bridging  process 
is  the  presence  of  internal  (thermal  expan¬ 
sion  mismatch)  stresses  m  the  noncuhic 
alumina  matrix  '*  at  small  crack  si/e,  *\ 
the  microcraek*  tend  to  pnwpagate  prefer¬ 
entially  m  regions  where  these  internal 
stresses  are  tensile,  effectively  reducing 
the  intrinsic,  graimhoundary  toughness 
At  large  « .  the  compressive  eonifvnent  of 
the  internal  stress  leads  to  increased  crock 
restraint  via  a  dominating  influence  on 
Couiomhic  frictional  tractions  that  resist 
pullout  of  bridging  grams  From  the  fact 
that  the  final  toughness  exceeds  the  initial 
toughness  in  the  plots  of  Fig  J.  we  see 
that  the  deleterious  effect  of  the  internal 
stresses  at  1owl  t*  is  more  than  outweighed 
hv  the  countervailing  influence  of  the 
bridging  elements  at  large  c  Now  the 
magnitude  of  the  ti.icrnal  stresses  or,  ^ 
where  H  is  Young's  modulus. 
2u  is  the  ditferenttal  expansion  coeffi¬ 
cient,  and  2T  is  the  quench  temperature 
range)  it  independent  or  the  erorn 
The  tendency  tor  the  curves  in  Fig  a  to 
cross  each  other  is  therefore  associated 
with  an  inherent  spatial  scaling  effect,  de¬ 
termined  ultimately  by  the  crack  extension 
distance  between  restraining  bridges,  the 
bridging  distance  is  in  turn  proportional  to 
the  grain  size  **  Thus,  in  the  region  of 
greatest  pertinence  to  wear  processes  n.c  . 
small  o),  the  resistance  to  crack  extension 
for  any  given  material  tends  to  its  mini¬ 
mum  value;  moreover,  this  minimum  is 


Tig  3  Transmission  electron  micrograph  of  same  alumina  in  Fig  2  outside  and  iBi  mstuc  wear  scar  Accumulation  of  severe  contact-damage 
oiesses  are  responsible  for  propagating  the  Haws  ipreprcsent  inple-poiM  delects  evident  tn  iAi  or  subsequent  damage-indu.ed  delccis)  to  lonti  grain* 
NniriJary  mu  n\  racking  pattern 
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Crack  Sira,  c  ^ra) 

Fig.  4,  Toughness  versus  crack-size  function  { T  curve) 
foe  the  three  grain-size  aluminas  Investigated  In  Fig.  1. 
Cunts  calculated  from  toughness  model  based  on  a  crack- 
interface  bridging  mechanism,  from  Ref.  1 4.  Note  tendency 
for  cunts  to  cross  exh  other. 


Fig.  5.  Schematic  of  Idealized  gram  structure, 
dimension  ( .  with  (triple-point)  boundary  flaws, 
dimension  f*.  Flaws  were  subjected  ;o  tcnstlc 
components  of  internal  stresses  tr#  and  damage 
stresses  <r0< 


strongest  in  those  materials  with  the  maxi¬ 
mum  large-crack  toughness.  These  trends 
arc  in  essential  agreement  with  those  re¬ 
ported  by  Rice  and  co-workers .* w 

With  this  background,  we  may  de¬ 
velop  a  simplistic  fracture  mechanics  de¬ 
scription  of  the  wear  results.  We  suppose 
that  there  arc  grain-boundary*  flaws  in  the 
alumina,  on  the  microscale,  from  which 
extended  microcracking  can  generate. 
These  flaws  may  either  be  prepresent, 
e.g.,  the  triple-point  defects  mentioned,  or 
be  generated  by  the  damage  process  itself, 
e.g..  from  stress  concentrations  at  the 
(pileup)  deformation  elements  in  Fig.  3(B). 
We  do  not  attempt  to  distinguish  fine  de- 
uls  of  the  flaw  geometry  here,  assuming 
only  that  the  size  of  these  flaws  scales 
with  the  grain  diameter.  We  now  assert 
that  the  critical  condition  for  the  onset  of 
local  microfracturc  in  the  wear  experiment 
is  one  in  which  the  damage-induced  ten¬ 
sile  field  causes  the  larger  flaws  to  be¬ 
come  unstable.  This  assertion  is  given 
credence  by  the  well-known  phenomenon 
of  spontaneous  microfracture  in  ceramics 
at  a  critical  grain  size  under  the  action  of 
the  internal  (thermal  expansion  mismatch) 
tensile  field  alone.15  We  envision  the  dam¬ 
age  stresses  as  flMgmewtoj  the  preexisting 
stresses,  effectively  lowering  the  grain 
(fL'.v)  size  at  which  the  critical  state  is 
achieved. 

To  quantify  this  description,  consider 
the  driving  forces  on  the  flaws  in  the  grain 
configuration  in  Fig.  5.  We  take  the  initial 
flaw  size  to  be  proportional  to  the  grain 
dimension.  Coe/3(.  where  /3  is  a  scaling 
coefficient.  Then  we  may  write  the  equi¬ 
librium  condition  for  the  flaws  in  terms  of 
superposed  stress-intensity  factors 

Jr,+Jr0-7"O  (1) 

where  T0  is  the  intrinsic  grain-boundary 
toughness  and  the  subscripts  /  and  D  relate 
to  the  internal  and  damage-induced  ensile 
stresses  07  and  0*0.  respectively.  Neglect¬ 
ing  gradients  in  the  stress  distributions 
over  the  flaw'  dimensions,  the  equilibrium 
requirement  may  be  expanded  in  the  form16 

t<r,i(U}'l+ikr0iP  0,5»ra  (2) 


where  dr  is  a  crack-geometry  coefficient 
(2/rr1 :)  for  penny-shaped  cracks.  The 
equilibrium  in  Eq.  (2)  is  unstable  and  may 
be  achieved  at  either  critical  (  or  critical 

(T0. 

Critical  (■(.  corresponds  to  sponta- 
ncous  microfracture  at  ov»>*Q:  this  relation 
provides  us  with  a  convenient  bounding 
condition  for  Eq.  (2): 

(3) 

For  alumina  ceramics,  independent,  ap¬ 
proximate  estimates  of  the  grain-boundary* 
toughness,  critical  grain  size,  and  intensity* 
of  internal  stresses  give  r0*2.1  MPa-m*: 
(Ref,  17).  (.■400  titu  (Ref.  15),  and 
<r#**l00  MPa  (Ref.  18).  respectively. 
From  Eq.  (3)  we  estimate  that  /3*0.8, 
corresponding  reasonably  to  an  initial  flaw 
size  on  the  order  of  the  grain  diameter. 
Substituting  Eq.  (3)  into  Eq.  (2)  allows  us 
to  determine  the  critical  tr0  condition  as  a 
normalized  function  of  grain  size,  thereby 
circumventing  any  uncertainty  in  this  esti¬ 
mate  of  fi  arising  from  sensitivity  of 
Eq.  (3)  to  ru.  and  u>: 

<r0(()-a,[((./(),:-l]  (4) 

We  note  that  Eq;  (4)  has  something  of  a 
Hall-Petch  (("* :)  relation,  but  with  the 
spontaneous  microfracture  condition  as  a 
natural  upper  limit. 

Equation  (4)  may  now  be  used  to  de¬ 
termine  the  magnitudes  of  the  damage- 
induced  stress  necessary*  to  cause  wear- 
associated  grain  spalling.  Table  I  shows 
the  calculated  values  for  (he  grain  sizes 
pertinent  to  the  data  in  Fig.  1.  Note  that 
these  stresses  are  substantial,  characteris¬ 
tic  of  the  severe  deformation  levels  that  at¬ 
tend  typical  point-contact  (indentation) 
events0*105  in  brittle  solids.  These  critical 
stresses  diminish  with  increasing  grain 
size,  consistent  with  the  observation  in 
Fig.  1  that  less  sliding  time  is  required  to 
induce  the  transition  in  the  coarser  alumi¬ 
nas.  If  we  postulate  that  the  damage 
stresses  accumulate  at  a  constant  rate. 
do=o7)/f.  in  the  wear  process  (a  postu¬ 
late  supported  by  the  steady,  grain-sizc- 
independent  increase  in  aear  diameter  in 


the  initial  stages  of  w  ear  in  Fig.  I  h  then  we 
may  make  quantitative  predictions  of  ihe 
trends  for  the  transition  regions.  The  verti¬ 
cal  dashed  lines  in  Fig.  I  correspond  to 
such  predictions  for  a  stress-accumulation 
rate  &0"5  MPa  s"*. 

Our  simplistic  model  is  able  to  ac¬ 
count  for  the  major  grain-sizc-rdated 
transition  effects  in  wear  data  in  alumina 
ceramics.  The  implications  concerning  op¬ 
timization  of  microstructures  for  maxi¬ 
mum  wear  resistance  are  clear  enough 
here— refine  the  grain  size  and.  if  pos¬ 
sible.  avoid  internal  stresses.  We  reiterate 
that  such  measures  may  run  entirely 
counter  to  the  requirements  for  maximum 
large-crack  toughness  (Fig.  4).  $0  that  ulti¬ 
mate  material  design  may  involve  subtle 
compromise. 


Table  I.  Wear-Damage-Induced  Stress 
Levels  Required  to  Cause  Grain-Boundary 
Microfracturc  in  Alumina  Ceramics 


Grain  site.  ( 

W<ar*damag«  stress.  ir3 

(m  ml 

tMPil 

400 

0* 

20 

347 

8 

607 

4 

500 

•Spontaneous  mkrofrxturc  limn 
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ABSTRACT 

This  article  traces  the  historical  development  of  the  understanding  of 
the  role  of  MgO  in  the  sintering  of  o*Al202  beginning  with  the  pioneering 
work  of  Robert  L.  Coble  -  the  inventor  of  the  Lucalox*  prccess  (1,2]. 
Considerable  controversy  has  surrounded  this  topic  and  many  varied 
interpretations  of  the  role  of  MgO  have  been  proposed. over  the  last  27 
years.  Nonetheless,  steady  progress  has  been  made  during  this  period  and 
the  role  of  MgO  is  understood,  at  least  phenomenologlcaly,  to  be  the 
control  of  grain  boundary  motion  through  a  reduction  in  grain  boundary 
mobility.  The  main  obstacles  that  have  hampered  progress  over  the  years 
are  identified  and  the  critical  experiments  and  theoretical  contributions 
that  have  helped  overcome  these  obstacles  are  discussed  in  detail. 
Remaining  challenges  concerning  the  detailed  atomic  mechanisms  responsible 
for  the  function  of  MgO  are  also  identified. 


I.  INTRODUCTION 

Since  the  discovery  of  the  Luealox*  process  by  Coble  [1,2]  in  1961,  a 
steady  succession  of  papers  have  been  published  addressing  the  role  of 
magnesia  in  the  sintering  of  alumina.  The  majority  of  these  are  presented 
chronologically  in  Table  1  and  are  conveniently  classified  into  two  groups 
depending  on  whether  the  work  was  concerned  mainly  with  sintering  per  se, 
or  with  analytical/diffusion  type  studies  relevant  to  the  problem.  The 
total  number  of  papers  published  addressing  the  issue  of  the  role  of  MgO  in 
the  sintering  of  Al202  is  approximately  60,  which  corresponds  to  an  average 
publication  rate  of  approximately  2  papers  per  year  over  the  past  27  years. 

We  present  in  this  contribution  a  historical  account  of  the  development 
of  our  understanding  of  the  role  of  MgO  in  the  sintering  of  alumina, 
beginning  at  the  time  of  Coble's  discovery.  We  spend  more  time  on  the  most 
influential  experiments  and/or  theoretical  contributions  and  also  at  times 
deviate  slightly  from  the  strict  chronological  order  to  develop  the  subject 
matter  as  logically  as  possible.  Following  the  main  review  we  present  a 
summary  of  the  state  of  our  understanding  and  identify  the  unresolved 
Issues  concerning  this  subject. 


Table  1.  A  chronology  of  papers  directly  addressing  the  role  of  MgQ  in 
the  sintering  of  Al203  published  during  the  past  27  years. 


Dace 

Sintering  Studies 

Analytical  Studies 

1961 

Coble[l] 

1962 

C<?ble{2),  St.  Pierre  &Catti{3), 

Coble  &  Burke(4],  Coble[6],  Bruch[7] 

1963 

Johnson  &  Cutler [8} 

1964 

Jorgensen  &  Wescbrook[9] 

1965 

Jorgensen(lO) 

1967 

Warnan  &  Budworth[ll] 

1968 

Brook(12] 

Roy  &  Coble [14] 

1969 

Brook[13] 

1970 

BudworthjlS] ,  Haroun  &  Budvorth[16] 

.Tong  &  Uilliaas[17] 

1972 

Prandargast,  Budworth  &  Brett [18] 

Harcus  &  Fine [19] 

1973 

Hocellin  &  Kingery[20] 

1974 

Jorgensen[21] 

Taylor,  Coad  & 

Brook [22] 

1975 

Peelan(23] 

Johnson  &  Steln[24] 

1977 

Johnson [25] 

1978 

Johnson  &  Coble [28] 

Cannon  &  Coble [29] 

1979 

Haraer,  Roberts  &  Brook [30],  Heuer[31], 
Monohan  &  Halloran[32] 

1980 

Haraer  &  Brook[33],  Bannister[34] , 
Heuer[35],  Burke,  Lay  &  Prochazka[36] 

Clarke [37] 

1981 

Haraer  &  Brook[38], 

Yan[40] 

Franken  &  Gehring[39) 

1982 

Brook{42],  Glaeser  &  Chen[44] 

Monty  &  Ledigou[41] 
Dynys [43] 

1983 

Handwerker[46] ,  Bennison  &  Haruer[47], 
Bennison  &  Haraer [49] 

Haraer,  Bennison  &  Narayan[50] 

Bennison  &  Haraer [48] 

1984 

Haraer [ 51 ] ,  Lynch [ 52 ] 

1985 

Bennison  &  Haraer [53], 

Baik,  Fowler,  Blakely 

Bennison  &  Haraer[54], 

Brook,  Gilbert,  Shaw  &  Eisele[58] 

fii  Raj [55] 

1986 

Berry  &  Haraer [59],  Shaw  &  Brook[60] 

Baik[61] 

1987 

Zhao  &  Haraer(62],  Kayssar,  Sprissler, 

Jardine,  Mukhopadhyay 

Handwerker  &  Blandell(63] , 

&  Blakely [66] 

Wang  &  Haraer(64],  Shaw [65] 

Baik  and  White (67) 

1988 

Bateaan,  Bennison  and  Harmer(68], 

Mukhopadhyay,  Jardine 

Handwerker,  Dynys,  Cannon  and  Coble (69) 

Blakely  &  Baik[70] 

II.  HISTORICAL  REVIEW 


II. i)  Late  1950'a  -  Early  1960'a:  The  Discovery  Period 

The  invention  of  Lucalox*  1  resulted  from  an  ongoing  research  effort  at 
the  General  Electric  Company  laboratories  in  the  late  1950's,  aimed  at  the 
development  of  containment  tubes  suitable  for  use  in  high-pressure  sodium 
vapor  discharge  lamps.  Trials  vich  single  crystal  sapphire  cubes  had 
demonstrated  the  suitability  of  Al203 ,  however,  the  cost  factor  and  shape 
limitations  associated  with  the  use  of  sapphire  made  it  necessary  to 
attempt  the  fabrication  of  tubes  from  polycrystalline  material.  The 
primary  difficulty  with  the  use  of  sintered  material  was  its  inherent 
opacity  due  to  the  presence  of  porosity,  other  second  phases  and  grain 
boundary  cracks.  The  main  obstacle,  therefore,  in  the  development  of  a 
translucent  polycrystalline  alumina,  was  the  removal  or  the  prevention  of 
these  microstructural  features  during  sintering. 

The  first  attempts  concentrated  on  the  use  of  complex  firing  schedules 
and  the  use  of  special  firing  atmospheres.  A  translucent  material  was 
fabricated  by  Sc.  Pierre  and  Gatti  [3]  from  high  purity  (-99.9  %)  alumina 
by  way  of  a  two-stage  firing  employing  a  hydrogen  atmosphere.  Coble 
however,  found  Chat  the  process  would  not  work  in  the  absence  of  magnesia 
vapor,  which  was  provided  accidentally  in  the  firings  of  St.  Pierre  and 
Gatti  by  the  furnace  refractories.  Coble  subsequently  identified  magnesia 
as  the  critical  additive  in  the  sintering  of  alumina  to  high  density.  He 
showed  that  doping  with  0.25  wt.  %  magnesia  enabled  alumina  to  be  sintered 
to  a  low  porosity,  translucent  state,  after  firing  at  high  temperatures 
(-1900*0)  in  a  hydrogen  atmosphere  (see  figure  1). 


II. ii)  Initial  Theories  -  Coble  and  Burke  [1,4] 

Coble  observed  that  magnesia  additions  had  a  dramatic  effect  on  the 
microstructure  of  sintered  alumina  (see  figure  2).  Undoped  alumina 
developed  abnormal  grains  which  produced  very  non-uniform  microstructures 
with  many  pores  trapped  within  the  large  abnormal  grains.  With  magnesia 
additions,  abnormal  grain  growth  was  inhibited  and  the  resultant 
microstructures  were  very  uniform  and  dense  and  the  pores  remained  attached 
to  the  grain  boundaries.  (Burke  had  demonstrated  previously  [5]  the 
importance  of  keeping  the  pores  attached  to  the  grain  boundaries  in  order 
to  achieve  high  densities  during  sintering) . 

In  nineteen  sixty-one,  Coble  [1]  analyzed  the  kinetics  of  densification 
and  grain  growth  for  undoped  and  MgO-doped  alumina  and  postulated 
mechanisms  for  the  function  of  magnesia  as  a  sintering  additive.  He 
observed  that  additions  of  0.25  wt.  %  MgO  to  high-puricy  Linde  A  alumina 
increased  the  rate  of  densification  during  isothermal  sintering  at  1675*C. 
However,  the  MgO  was  found  to  have  H2  influence  on  the  rate  of  normal  grain 
growth  during  sintering.  He  hypothesized  that  densification  was  controlled 
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by  lattice  diffusion  of  aluminum  ions  while  oxygen  was  transported  along 
Che  grain  boundaries. 

Initially  Coble  offered  four  possible  explanacions  for  how  HgO  raighc 
inhibic  abnormal  grain  growth  in  alumina.  First,  Chere  was  che  second 
phase  pinning  theory  which  assarted  chat  magnesia,  in  excess  of  Che 
solubility  limit,  could  form  precipitatos  of  MgAljO*  spinel  which  could  pin 
the  grain  boundaries  and  inhibit  abnormal  grain  growth.  Second,  che  solid- 
solution  pinning  model  proposed  that  HgO  could  absorb  preferentially  at  che 
grain  boundaries  and  inhibit  abnormal  grain  growth  by  decreasing  the  grain 
boundary  mobility.  Third,  it  was  speculated  that  magnesia  could  change  the 
grain  growth  inhibiting  effect  of  the  pores  by  altering  pore  shapes.  This 
would  result  from  an  alteration  of  che  surface  energy  to  grain  boundary 
energy  ratio.  And  fourth,  the  solid- solution  theory  assumed  that  a  minimum 
juaount  of  time  was  required  to  nucleate  abnormal  grain  growth  after 
reaching  a  critical  density.  It  was  argued  that  magnesia  enhanced  the 
densification  rate  relative  to  the  rate  of  normal  grain  growth  so  that 
there  was  insufficient  time  for  the  formation  of  abnormal  growth  nuclei. 

Given  these  four  possibilities,  Coble  favored  the.  solid-solution  theory 
since  each  of  the  other  mechanisms  predict  that  the  rate  of  normal  grain 
growth  should  be  inhibited  by  magnesia  additions.  Coble  concluded  .. 

"In  controlling  the  slnterability  of  alumina  to  theoretical  density, 
it  appears  that  magnesia  does  not  "inhibit"  discontinuous  grain 
growth  but  instead  Increases  the  sintering  rate  such  that 
discontinuous  growth  nuclei  do  not  have  time  to  form." 

No  detailed  atomic  mechanism  was  invoked  to  support  this  interpretation  at 
the  time. 

A  few  years  later  in  1963,  Coble  and  Burke  [4]  reviewed  the  matter 
again.  They  ruled  out  the  second-phase  pinning  theory  once  more  but  this 
time  based  upon  micrographic  evidence  that  Indicated  there  was  insufficient 
second  phase  present  for  this  mechanism  to  operate.  They  further  concluded 
the  solid-solution  theory  to  be  the  most  plausible  description  of  the  role 
of  HgO.  They  did  however,  reconsider  the  solid-solution  pinning  model  and 
argued  that  this  mechanism  should  not  be  totally  ruled  out  just  because  MgO 
was  found  to  have  no  effect  on  the  average  rate  of  normal  grain  growth 
during  sintering.  They  argued  that  solute  pinning  could  limit  the  maximum 
grain  boundary  velocity  of  an  abnormally  growing  grain,  so  suppressing  the 
spread  of  abnormal  grains,  without  influencing  the  grain  boundary  velocity 
of  the  normally  growing  grains  whose  growth  rates  would  continue  to  be 
controlled  by  the  attached  pores.  It  was  finally  concluded.. 

"Under  certain  conditions  any  of  these  processes  might  operate,  and 
other,  independent  measurements  are  necessary  to  decide  between 
them. " 

The  effect  of  firing  atmosphere  also  came  under  study  by  Coble  at  this 
time  [6],  He  showed  that  the  atmosphere  had  to  be  soluble  in  alumina  in 
order  to  sinter  MgO-doped  material  to  theoretical  density.  Where  insoluble 
gases  were  used,  shrinkage  was  found  to  be  terminated  when  the  gas  pressure 
in  the  closed  pores  balanced  the  driving  pressure  for  shrinkage  resulting 


from  the  surface  energy.  Thus,  MgO-doped  alumina  could  be  sintered  to 
theoretical  density  at  high  temperatures  in  hydrogen,  oxygen  or  vacuum  but 
not  in  air,  nitrogen,  helium  or  argon. 


Il.iii)  1964:  Jorgensen  and  Vestbrook  [9,10] 

In  1964  Jorgensen  and  Westbrook  [9]  published  a  classic  paper  in  which 
they  presented  indirect  evidence  for  magnesium  segregation  to  the  grain 
boundaries  in  alumina.  In  one  set  of  experiments  they  measured  the 
microhardness  profiles  across  grain  boundaries  in  undoped,  MgO-doped  and 
alumina  doped  with  a  variety  of  other  additives.  They  observed  a  strong 
peak  in  the  microhardness  profile  at  the  grain  boundary  in  the  magnesia- 
doped  alumina  and  presented  this  as  evidence  for  grain  boundary  segregation 
(see  figure  3) .  They  also  observed  an  increase  in  the  alumina  lattice 
parameter  with  increasing  grain  size,  which  was  taken  as  further  evidence 
of  grain  boundary  segregation.  It  was  noted,  however,  that  the  cooling 
rate  had  a  strong  influence  on  the  magnitude  of  the  observed  lattice 
parameter  changes.  They  further  examined  a  range  of  different  additives 
and  were  able  to  correlate  the  effectiveness  of  the  dopant  as  a  sintering 
aid  with  the  degree  of  segregation  inferred  from  the  degree  of  grain 
boundary  hardening.  Nickel  oxide  was  found  to  behave  similarly  to  magnesia 
in  controlling  microstructure  development  and  also  showed  apparent 
segregation.  An  autoradiograph  of  sintered  alumina  doped  with  a  63 Ni 
isotope  gave  clear  direct  evidence  of  grain  boundary  segregation  of  nickel. 
Given  the  similarities  between  the  two  dopants,  this  was  taken  as  a  strong 
indication  that  magnesia  would  also  segregate  strongly  to  grain  boundaries 
in  alumina. 

Jorgensen  [10]  subsequently  repeated  earlier  experiments  of  Johnson 
and  Cutler  [8],  on  the  effect  of  MgO  on  the  initial  stage  sintering 
kinetics  of  alumina,  together  with  Coble's  experiments  on  the  effect  of  MgO 
on  the  kinetics  of  densification  and  grain  growth.  He  confirmed  the 
finding  of  Johnson  and  Cutler  that  magnesia  additions  decreased  the 
densification  rate  during  initial  stage  sintering.  During  the  later  stages 
of  sintering  he  found  that  magnesia  additions  Increased  the  densification 
rate  (as  observed  by  Coble)  but  he  also  noted  a  decrease  in  the  average 
rate  of  normal  grain  growth,  which  was  contrary  to  the  observations  of 
Coble.  Jorgensen  attributed  this  discrepancy  to  the  fact  that  Coble  had 
fired  the  undoped  and  magnesia-doped  samples  adjacent  to  one  another  in  the 
furnace.  He  argued  that  magnesia  could  have  transferred  to  the  undoped 
samples  unknowingly  by  vapor  transport.  2  Jorgensen's  data  indicated  that 
the  densification  rate  of  alumina  was  enhanced  Indirectly  due  to  the 
retardation  of  grain  growth  by  the  magnesia.  3  He  proposed  that  the 


2  Bruch  [7]  had  shown  that  the  surfaces  of  MgO-doped  Al203  generally 
contained  abnormal  grains  which  resulted  from  magnesia  loss  at  the  surface 
by  evaporation. 

3  The  sintering  models  developed  by  Coble  [1]  predict  that  the 
densification  rate  varies  with  the  reciprocal  of  the  grain  size  to  the 
third  or  fourth  power  for  control  by  bulk  diffusion  or  grain  boundary 
diffusion  respectively. 


magnesia  inhibited  grain  growth  by  a  solute  pinning  mechanism.  The  direct 
effect  of  the  additive  on  densification  was  assessed  by  comparing 
densification  rates  at  constant  grain  size.  The  analysis  revealed  that 
magnesia  additions  decreased  the  densification  process  directly  either  by 
lowering  the  lattice  or  grain  boundary  diffusion  coefficient,  or  the  solid 
-  vapor  surface  energy.  Jorgensen  used  a  defect  chemistry  approach  to 
interpret  the  results  invoking  that  the  incorporation  of  Mg2*  impurity  ions 
promoted  the  formation  of  oxygen  vacancies  (V^-)  as  the  compensating  • 
defect  for  MgA{.  This  in  turn,  it  was  argued,  would  suppress  the 
concentration  of  aluminum  ion  vacancies  (VA{'')  through  the  equilibrium 
reaction  for  Schottky  defects.  Thus,  with  the  sintering  rate  p  «  Dj1  « 

( VA £ ' 5 ]  «  (HgA{]'2/5  the  effect  of  MgO  on  the  densification  rate  could  be 
explained.  These  findings  ran  contrary  to  the  solid-solution  model 
proposed  by  Coble  from  which  one  would  have  expected  magnesia  to  increase 
the  densification  rate. 


II. iv)  1964  -  1972:  Solute -Pinning  theory  Gains  Acceptance 

Following  the  work  of  Jorgensen  and  Vestbrook  thq.  solute -pinning  theory 
became  widely  accepted.  Varman  and  Budworth  [11]  were  amongst  those  who 
accepted  the  proposition  of  solute-pinning.  They  also  drew  attention  to 
the  importance  of  the  volatility  of  the  additive;  a  high  degree  of 
volatility  was  argued  to  be  necessary  to  obtain  a  uniform  distribution  of 
the  additive  during  firing.  They  further  confirmed  that  alumina  could  be 
doped  with  magnesia  via  vapor  phase  transport.  Varman  and  Budworth  (11] 
investigated  the  effect  of  a  variety  of  additives  on  the  sintering  of 
alumina  and  showed  that  the  criteria  of  ionic  size,  cation  valence  and 
additive  volatility  could  account  for  the  success  or  failure  of  a 
particular  compound  as  a  sintering  aid.  In  a  review  article,  Budworth  [15] 
published  criteria  for  the  selection  of  sintering  aids  for  alumina  that 
function  via  the  control  of  grain  growth;  he  argued  that  grain  boundary 
"films”  offered  the  most  viable  mechanism  responsible  for  such  behavior. 

Haroun  and  Budworth  [16]  conducted  further  studies  of  the  effect  of 
MgO,  ZnO  and  NiO  on  grain  growth  in  alumina.  They  concluded  that,  at  a 
dopant  level  of  0.25  wt.  %,  the  additive  was  present  as  discrete 
precipitates  and  a  grain  boundary  film.  They  noted  that  a  minimum  amount 
of  additive,  approximately  0.05  wt.  %,  was  necessary  to  control  grain 
growth;  this  level  corresponds  to  a  film  thickness  of  approximately  0.5  ran 
for  a  grain  size  of  3  pm.  The  observation  suggested  that  the  minimum 
amount  of  grain  boundary  phase  required  was  the  amount  necessary  to  produce 
monolayer  coverage  of  the  grain  boundary  interfaces.  Prendergast,  Budworth 
and  Brett  [18]  determined  the  optimum  conditions  for  producing  dense  fine 
grained  MgO-doped  alumina.  They  discovered  it  was  important,  from  a 
practical  point  of  view,  to  prefire  the  powder  compacts  (-1,000  -  1,200*0) 
prior  to  sintering  to  aid  the  distribution  of  the  additive. 

Mocellin  and  Kingery  [20]  studied  the  effects  of  second  phases  (pores 
and  spinel  precipitates)  and  atmosphere  on  the  microstructure  development 
and  grain  growth  kinetics  in  alumina.  It  was  demonstrated  that  grain 
growth  was  controlled  by  pore  drag  throughout  the  majority  of  sintering  for 
both  undoped  and  MgO-doped  material  but  at  very  high  densities  (>98%) 
motion  of  spinel  particles  for  the  MgO-doped  material  controlled  grain 


growth.  All  the  kinetic  data  collected  could  be  fitted  with  a  cubic  growth 
law.  They  concluded  therefore,  that  kinetic  measurements  alone  were 
incapable  of  distinguishing  between  the  different  possible  ace  controlling 
mechanisms. 

To  this  point  no  direct  evidence  had  been  obtained  to  show  chat 
magnesia  did  segregate  to  grain  boundaries  as  would  be  requ  ,id  if  a 
solute-pinning  mechanism  was  responsible  for  the  function  of  ‘'gO.  There 
was  also  some  reason  to  doubt  the  solute-pinning  mechanism  because  none  vf 
Che  samples  studied  thus  far  had  been  single  phase  and,  therefore,  it  had 
been  impossible  to  unequivocally  rule  out  a  second-phase  pinning  mechanism.  * 


In  1970  Tong  and  Williams  (17]  conducted  the  first  direct  aicrochemical 
analysis  of  solute  segregation  to  grain  boundaries  in  HgO-doped  alumina. 

The  technique  of  spark  source  mass  spectrometry  was  employed  in  which 
material  is  removed  from  a  region  approximately  0.3  pa  deep  by  striking  a 
spark  onto  the  surface  of  interest;  the  vaporized  materia)  is  then  analyzed 
using  a  mass  spectrometer.  A  comparison  was  made  between  the  bulk  and 
grain  boundary  chemistry  by  comparing  the  analyses  of_a  polished  section 
and  an  intergranular  fracture  surface.  A  factor  of  8  increase  in  magnesia 
concentration  at  grain  boundaries  was  reported  together  with  a  factor  of  13 
increase  in  calcia  concentration.  Unfortunately  no  details  were  provided 
of  the  composition  or  thermal  history  of  the  alumina  studied  so  no 
conclusions  relevant  to  the  vole  of  magnesia  in  the  sintering  of  alumina 
could  be  made.  This  work  led  to  a  succession  of  studies  carried  out  in  the 
1970' s  of  grain  boundary  chemistry  using  more  sophisticated  surface 
analysis  techniques.  Ve  shall  see  that  the  results  of  these  studies  raised 
significant  doubt  as  to  whether  MgO  did  segregate  to  grain  boundaries  in 
Al203  and  thus  whether  it  could  inhibit  grain  growth  by  a  solid-solution 
pinning  mechanism. 


II. v)  1972  -  1975:  Search  For  Crain  Boundary  Segregation 

Harcus  and  Fine  [19]  used  the  technique  of  Auger  electron  spectroscopy 
(AES)  to  characterize  grain  boundary  chemistry  in  alumina.  A  piece  of 
Lucalox*  was  fractured  in  the  high  vacuum  chamber  of  the  instrument  and  the 
intergranular  fracture  surface  analyzed.  No  magnesia  was  detected  in  this 
study  but,  surprisingly,  strong  calcium  segregation  was  observed.  The  bulk 
calcium  levels  were  on  the  order  of  10  -  15  ppm,  whereas  the  concentration 
at  the  grain  boundaries  was  of  the  order  of  2  -  5  %,  corresponding  to  an 
enrichment  of  some  several  thousand.  The  calcium  concentration  profile 
away  from  the  grain  boundary  was  determined  with  the  aid  of  ion  sputtering; 
the  calcium  was  found  to  be  confined  to  the  first  few  monolayers  at  the 
grain  boundary.  It  was  postulated  that  calcium  segregates  more  strongly 
chan  magnesium  because  of  its  larger  ionic  radius  and  correspondingly 


*  Roy  and  Coble  (14)  determined  the  solubility  of  MgO  in  Al203  as  a 
function  of  composition  and  atmosphere  by  lattice  parameter  measurements.  It 
was  found  that  the  solubility  limit  was  much  less  (e.g  250  ppm  at  1,630*C  and 
1,350  ppm  at  1,850*C  in  vacuum)  than  the  concentrations  commonly  used  during 
sintering  (typically  2,500  ppm). 


larger  lattice  strain  misfit. 


Taylor,  Coad  and  Brook  (22)  carried  out  a  similar  study  using  x-ray 
photoelectron  spectroscopy  (XPS)  which  can  detect  lower  concentrations  of 
magnesium  than  AES.  In  this  work  magnesium  was  found  to  be  enriched  at  the 
grain  boundary  by  a  factor  of  two  over  the  bulk  levels.  Strong  calcium 
segregation  was  confirmed. 

Johnson  and  Stein  (24]  conducted  a  detailed  study  of  grain  boundary 
segregation  in  an  alumina  doped  with  approximately  1,000  ppm  MgO.  A 
scanning  Auger  microprobe  (SAM)  was  used  in  this  work  which  has  superior 
lateral  resolution  (-5  pa)  compared  to  the  instruments  used  to  this  date. 
The  study  showed  that  most  of  the  magnesia  on  the  intergranular  fracture 
surface  was  confined  to  a  MgAl204  spinel  second  phase.  Analysis  of  areas 
not  containing  spinel  precipitates  indicated  that  magnesia  was  not 
segregated  to  grain  boundaries  in  significant  amounts.  Johnson  and  Stein 
also  demonstrated  that  spinel  precipitates  are  preferentially  removed 
during  ion  sputtering  and  concluded  that  concentration  profiling  using  this 
technique  yields  an  apparent  profile  which  is  an  artifact.  They  further 
confirmed  segregation  of  calcium  •"*  concentrations  of- several  thousand 
times  the  bulk  level  but  found  the  degree  of  segregation  to  be  very 
sensitive  to  the  thermal  history  of  the  specimens. 

This  latter  finding  supports  a  key  point  made  by  Kingery  (26]  in  a 
review  article  which  reads... 

"a  large  fraction  of  the  grain  boundary  solute  segregation  observed 
at  temperatures  below  an  equilibrium  temperature  forms  on  cooling." 

This  point  was  also  recognized  by  Jorgensen  (21]  who  agreed  that  many  of 
the  observations  of  segregation  over  wide  regions  from  a  grain  boundary 
(including  his  own  earlier  work  (9])  were  probably  the  result  of 
segregation  induced  by  slow  cooling.  This  gave  further  reason  to  be 
cautious  of  any  result  which  showed  magnesia  segregation  in  alumina, 
because  most  samples  studied  were  from  a  commercial  source  where  typically 
materials  are  allowed  to  cool  slowly  from  the  firing  temperature.  3 

By  1975  considerable  doubt  had  been  raised  as  to  the  validity  of  the 
solute-pinning  theory  because  of  the  inability  to  detect  magnesium 
segregation  in  alumina.  Several  papers  were  then  published  which  served  to 
refocus  attention  on  the  solid  solution  model. 


3  This  problem  arose  during  further  work  in  the  1980's.  Franken  and 
Gehring  (39]  investigated  a  series  of  aluminas  doped  with  MgO  solute. 
Segregation  of  MgO  to  grain  boundaries  was  reported.  However,  it  was 
subsequently  demonstrated  (48]  that  the  cooling  rate  used  by  Franken  and 
Gehring  (200*C/hr.)  was  sufficient  to  induce  segregation  and/or  precipitation 
of  MgAl20* . 


II. vl)  1975  -  1979:  Revival  of  The  Solid  Solution  Theory 

Pee lan  [23]  studied  the  evolution  of  the  nicrostructure  of  alumina  as  a 
function  of  MgO  additions  both  below  and  above  the  solubility  limit.  The 
host  alumina  used  was  very  pure  with  a  total  cation  concentration  of  less 
than  100  ppm;  this  allowed  the  effect  of  very  small  additions  of  MgO  (down 
to  50  ppm)  on  microstructure  development  to  be  determined.  Figure  4  shows 
Peelan's  findings  on  the  evolution  of  density  and  grain  size,  as  a  function 
of  MgO  content,  for  a  fixed  firing  schedule.  The  most  notable  feature  of 
the  data  is  that  both  the  density  and  grain  size  were  observed  to  pass 
through  a  maximum  at  the  solubility  limit  of  MgO  in  Al20j  (-300  ppm  for 
this  study  which  compares  favorably  with  the  250  ppm  limit  determined  by 
Roy  and  Cobla  [14]  for  this  temperature).  It  was  clear  from  this  data  that 
very  small  amounts  of  magnesia,  below  the  solubility  limit,  were  effective 
in  aiding  the  sintering  of  alumina. 

Pee lan  rejected  the  solute -pinning  theory  for  three  reasons.  First, 

MgO  enhanced  normal  grain  growth  in  the  solid  solution  regime  (he  argued 
that  previous  studies  that  indicated  MgO  additions  retarded  grain  growth 
had  been  conducted  with  MgO  concentrations  above  the  solubility  limit) . 
Second,  AES  analysis  revealed  no  segregation  of  magnesium.  And  third,  CaO, 
a  known  segregant,  did  not  prevent  abnormal  grain  growth  in  alumina. 

The  essential  action  of  MgO  was,  therefore,  proposed  to  be  a  direct 
enhancement  of  the  densification  rate.  In  support  of  this  proposal  work  by 
Rao  and  Cutler  [27]  was  cited  which  showed  that  Fe2*  ions  increased  the 
sintering  rate  of  alumina.  He  argued  in  favor  of  a  cation  Frenkel  defect 
model,  in  which  both  lower  valence  and  higher  valence  dopants  could 
increase  the  aluminum  ion  diffusion  coefficient  either  by  raising  the 
concentration  of  aluminum  interstitials  (in  the  case  of  the  lower  valence 
additive)  or  aluminum  vacancies  (in  the  case  of  the  higher  valence 
additive).  Peelan  proposed  that  the  normal  rate  of  grain  growth  was 
controlled  by  the  volume  fraction  and  size  of  the  pores,  and  that  the  grain 
growth  rate  was  dependent  on  the  rate  of  pore  removal.  The  enhanced  grain 
growth  rate  via  doping  was  therefore  a  result  of  the  direct  increase  of  the 
densification  rate  yielding  smaller,  more  mobile,  pores  at  a  given  grain 
size.  A  direct  effect  of  the  MgO  on  the  pore  mobility  was  not  completely 
ruled  out. 

Johnson  and  Coble  [28]  conducted  a  further  critical  test  of  the  second 
phase  and  solid  solution  models.  In  their  experiments  an  undoped  pellet  of 
alumina  was  sintered  in  close  proximity  to  a  pre-equillbrated  compact  of 
spinel  and  alumina.  The  experiment  was  ingeniously  designed  to  allow 
transfer  of  MgO  from  the  spinel/alumina  compact  to  the  undoped  pellet  in 
concentrations  not  exceeding  the  solubility  limit.  This  produced  a  pellet 
of  alumina  with  a  dense  fine  grained  MgO-doped  outer  surface,  and  a  core, 
devoid  of  MgO,  consisting  of  abnormal  grains  and  entrapped  porosity.  This 
experiment  established  without  doubt  that  a  second  phase  was  not  necessary 
for  MgO  to  function  successfully  as  a  sintering  aid  for  alumina.  AES 
analysis  of  grain  boundary  chemistry  confirmed  Ca  segregation  at  boundaries 
of  both  normal,  and  abnormal  grains,  in  the  MgO-doped,  and  undoped  regiors 
of  the  specimen  respectively;  no  evidence  for  Mg  segregation  was  found. 
Johnson  and  Coble  also  concluded,  much  as  Peelan  did,  chat  Ca  segregation 


(lid  noc  suppress  abnormal  grain  growth  and  that  the  solid-solution  model 
was  a  reasonable  description  of  the  function  of  MgO. 

The  earlier  findings  of  Johnson  and  Cutler  (8)  and  Jorgensen  (10)  on 
initial  stage  sintering  were  dismissed  as  being  Inapplicable  to  the  problem 
since  they  were  carried  out  at  low  temperatures  and  fine  grain  sizes  as 
compared  to  the  high  temperature,  large  grain  size  conditions  under  which 
Lucalox*  is  fabricated.  Also  the  findings  of  creep  studies  (29]  which 
showed  chat  diffusional  creep  rates  of  alumina  are  enhanced  on  doping  with 
HgO  and  other  divalent  cations  were  cited  in  support  of  the  solid-solution 
model.  Johnson  and  Coble  did,  however,  add  the  following  qualifying  note 
after  arguing  for  the  solid-solution  model... 

"Since  the  definitive  experiment*  (pore  removal  in  the  absence  of 
grain  growth  and  grain  growth  in  the  absence  of  porosity)  have  not 
been  attempted  for  doped  and  undoped  alumina,  no  direct  evidence  can 
be  presented  for  this  model." 

At  this  point  opinion  was  firmly  returning  towards  the  solid-solution 
model. 

Harmer,  Roberts  and  Brook  [30]  studied  the  effect  of  MgO  solute  on  the 
densification  and  grain  growth  in  alumina  during  fast-firing.  They 
observed  that  MgO,  in  solid  solution,  enhanced  both  densification  and 
normal  grain  growth  after  firing  for  a  few  minutes  at  1850*C.  It  was 
proposed  that  MgO  additions  promoted  densification  through  a  modification 
of  point  defect  concentrations.  Enhanced  densification  was  argued  to  give 
smaller,  more  mobile  pores,  at  a  given  grain  size,  thereby  preventing  pore- 
grain  boundary  separation  and  abnormal  grain  growth. 

Harmer  and  Brook  (33]  used  hot-pressing  dilatometry  to  quantitatively 
show  MgO  solute  additions  enhance  the  aluminum  ion  lattice  diffusion 
coefficient  and  proposed  two  plausible  defect  chemistry  models  to  explain 
this  observation.  They  also  presented  an  expression  showing  that  the 
conditions  for  pore-grain  boundary  separation  were  less  likely  to  be 
fulfilled  if  the  ratio  of  the  pore  mobility  to  the  grain  boundary  mobility 
(Mp/Mj,)  were  increased.  Assuming  the  pore  moved  by  surface  diffusion,  the 
mobility  ratio  was  given  as: 


Mp/Mfc  «  (5,Dt/r*)(l/Mb) 


(1) 


were  5,0,  is  the  surface  diffusivity  and  r  is  the  pore  radius.  It  was 
argued  that  the  essential  action  of  the  MgO  was  to  increase  the  pore 
mobility  indirectly  through  decreasing  the  pore  size  (viz  increasing  the 
densification  rate)  at  a  given  grain  size.  This  explanation  was  preferred 
over  any  effect  on  5,D,  or  Mj, ,  because  of  the  strong  power  dependence  of  Mp 
on  pore  radius,  r. 


II. vii)  1979-1982:  '  New  Proposition  -  Surface  Diffusion 

Heuer  (31)  objected  Co  the  solid-solution  theory  and  argued  strongly  in 
favor  of  HgO  increasing  the  pore  nobility  directly  by  raising  the  surface 
diffuslvicy.  He  did  not  accept  that  the  solid-solution  theory  gave  an 
adequate  explanation  for  the  inhibition  of  abnormal  grain  growth  by  HgO. 
Heuer  was  also  concerned  by  the  fact  that  several  papers  had  reported  that 
HgO  inhibited  densification  in  alumina,  Bannister  [34]  commented  on 
Heuer's  note,  correcting  a  mathematical  error,  and  offered  some  Indirect 
evidence  in  support  of  Heuer's  proposal.  Heuer  (35)  acknowledged  the 
comment  and  argued  further  against  the  solid- solution  theory  by  disagreeing 
with  the  point  defect  interpretation  given  by  others.  At  this  time 
however,  Heuer  had  no  experimental  results  to  support  his  proposition. 

Monty  and  Ledigou  (41)  responded  to  Heuer's  note  and  used  the  method  of 
multiple  scratch  smoothing  to  measure  the  effect  of  HgO  on  surface 
diffusion  in  sapphire.  The  method  involved  measuring  the  decay  in 
amplitude  of  a  periodic  wave  etched  into  the  surface  of  a  sapphire  crystal. 
They  observed,  contrary  to  Heuer's  prediction,  that  HgO  decreased  the  rate 
of  amplitude  decay,  hence  the  surface  diffusivity,  by  a  factor  of  ten  at 
1600*C,  These  findings  were  therefore  contrary  to  the  predictions  made  by 
Heuer. 

Brook  (42)  accepted  that  HgO  lowered  surface  diffusion  in  alumina  and 
offered  an  explanation  for  the  role  of  HgO  based  upon  the  combined  effect 
on  surface  diffusion  and  lattice  diffusion.  He  refocused  attention  on  the 
effect  of  the  additive  on  the  ratio  of  the  relative  densification  rate 
(p/p)  co  the  relative  grain  growth  rate  (G/G) .  Following  the  treatment  of 
Yan  (40)  of  simultaneous  densification  and  grain  growth,  he  derived  the 
following  expression  for  the  ratio: 


(pG/pC)  =  (Dl/D,)(7./7b)G(l -P)*/3 


(2) 


assuming  densification  was  controlled  by  lattice  diffusion  and  grain  growth 
was  controlled  by  surface-diffusion-controlled  pore  drag.  Brook  deduced 
that  MgO  would  increase  the  ratio  by  a  factor  of  30  at  1600*C  based  upon 
the  independent  measurements  of  Monty  and  Ledigou  (MgO  decreases  5tD,  by  a 
factor  of  10)  and  Harmer  and  Brook  (MgO  increases  D^1  by  a  factor  of  3). 
Assuming  that  densification  was  controlled  by  lattice  diffusion  and  that 
grain  growth  was  controlled  by  surface-diffusion-controlled  pore  drag. 

This  adjustment  was  predicted  to  cause  a  significant  fattening  of  the  grain 
size-density  trajectory  followed  during  sintering  (figure  5).  The 
treatment  presented  by  Brook  amounted  to  a  modified  version  of  the  original 
solid-solution  theory  proposed  by  Coble  (1).  No  experimental  measurements 
of  grain  size-density  trajectories  comparing  undoped  and  MgO-doped  alumina 
were  available  at  that  time  to  test  Brook's  hypothesis. 

Burke,  Lay  and  Prochazka  (36)  had  previous  to  this  measured  the 
trajectories  of  specific  surface  area  (SSA)  versus  density  for  undoped  and 
500  ppm  MgO-doped  alumina;  this  measurement  also  provided  an  estimate  of 
the  effect  of  the  additive  on  the  relative  densification  rate  -  relative 


coarsening  race  ratio.  Their  results,  reproduced  in  figure  6,  shoved  no 
effect  of  HgO  on  the  SSA  -  p  trajectory  for  alumina.  They  concluded  that 
MgO  had  no  effect  on  surface  diffusion  or  pore  mobility  in  alumina.  These 
findings  were  skeptically  received  because  of  the  low  temperatures  used  in 
the  study  (1000  -  1500*C)  and  the  attendant  low  solubility  of  MgO  in 
alumina  over  this  temperature  range.  Burke  et  al.  suggested  chat  the  role 
of  MgO  vas  to  lover  the  grain  boundary  mobility,  Mj, .  They  presented 
observations  of  abnormal  jrain  growth  at  the  free  surface  of  an  alumina 
specimen,  where  MgO  was  believed  to  have  been  lost  by  evaporation,  and 
observations  of  fine  normal  grains  within  the  bulk  of  the  (MgO  doped) 
specimen.  They  estimated  that  the  remaining  MgO  in  the  bulk  had  decreased 
Mb  by  up  to  a  factor  of  one  hundred.  No  atomic  mechanism  was  invoked  and 
no  explanation  given  for  the  lack  of  evidence  for  magnesium  segregation  to 
grain  boundaries  in  alumina. 

Dynys  (43)  conducted  an  extensive  review  of  the  surface  diffusion 
literature  for  alumina.  From  a  ranking  of  the  reported  diffusivities  he 
concluded  that,  in  general,  the  cleaner  the  experiment  (i.e  the  higher  the 
specimen  purity),  the  lower  the  reported  surface  diffuslvity.  Dynys  also 
conducted  grain  boundary  grooving  experiments  in  aluminas  doped  with  a 
range  of  additives  from  which  he  concluded  that  MgO  most  likely  enhanced 
surface  diffusion  in  alumina.  He  also  pointed  out  chat  facetting  can  lead 
to  serious  errors  in  determining  surface  diffusivities  in  experiments  where 
the  kinetics  of  shape  changes  driven  by  capillarity  are  studied.  Monty  and 
Ledigou  (41)  observed  facetting  in  their  experiments  which  created  some 
concern  at  the  time  about  the  validity  of  their  findings  on  t'ne  effect  of 
MgO  on  surface  diffusion  in  sapphire. 

In  summary,  two  opposing  theories  were  advanced  to  explain  the  role  of 
MgO  in  the  sintering  of  Al203  based  on  an  alteration  of  the  surface 
diffusion  coefficient.  One  theory  vas  that  MgO  increased  pore  mobility  by 
increasing  i,D, ,  so  avoiding  pora-grain  boundary  breakaway  and  abnormal 
grain  growth,  whereas  the  other  theory  proposed  that  MgO  decreased  £,D(  and 
consequently  promoted  denslficatlon  relative  to  grain  growth.  The 
experimental  measurements ,  however,  were  inconclusive  at  this  stage, 
because  of  problems  with  either  the  experimental  technique  itself  or  the 
range  of  experimental  conditions  over  which  the  measurements  were  made. 


Il.viii)  1983:  Critical  Experiments  to  Measure  Crain  Boundary  Mobility 

It  is  clear  from  the  previous  discussions  that  further  progress  could 
not  be  made  without  obtaining  much  needed  critical  experimental  data.  A 
crucial  test  vas  to  design  an  experiment  that  could  determine, 
unambiguously,  whether  MgO  solute  affected  the  grain  boundary  mobility  of 
alumina.  Several  workers  had  attempted  to  examine  this  influence  but  the 
results  were  always  inconclusive  because  of  the  interference  from  ever¬ 
present  pores  and/or  second  phases  (1,7,9,10,16,18,20,23,32,44,45). 

Bennison  and  Harmer  (47)  utilized  hot-pressing  to  fabricate  test 
specimens  suitable  for  conducting  controlled  experiments  on  grain  growth. 
However,  hot-pressed  alumina  was  found  to  swell  during  subsequent  grain 
growth  anneals  conducted  in  air  (48).  The  cause  of  this  was  determined  to 
be  a  gas  forming  reaction  between  trace  carbon  and/or  sulphur  impurities  at 


grain  boundaries  vich  oxygen  from  Che  ambienc.  The  swelling  was  prevented 
by  annealing  in  atmospheres  of  low  oxygen  content  or  by  precreacing  the 
starting  powders  in  flowing  oxygen  to  burn  off  the  carbon  and  sulphur 
contaminants  beforehand  (53).  By  preventing  swelling,  grain  growth 
kinetics  were  successfully  measured  in  fully  dense,  hot-pressed,  alumina  as 
a  function  of  MgO  solute  additions.  It  was  found  that  MgO  doping  (Mg/Al  = 
250  ppm)  decreased  the  grain  growth  rate  in  one  fully  dense  alumina  by  a 
factor  of  five  at  1600*C  and  led  to  more  uniform  grain  shapes.  This  was 
the  first  direct  proof  that  MgO  solute  could  retard  grain  growth  in 
alumina.  The  samples  were  believed  to  be  single  phase  at  the  time  of  the 
study  and  a  grain  growth  mechanism  based  on  a  solute  drag  effect  Involving 
solute  partitioning  of  segregated  ions  (trace  calcium  contamination  and 
added  magnesium)  between  different  boundary  types  was  proposed. 


Table  2.  A  comparison  of  rate  constants,  K  (cubic  kinetics),  for  grain 
growth  at  1600*C  in  dense  aluminas  of  varying  purities. 


Source 

K  value 

(m1 -**1) 

Undoped 

MgO  Doped 

High-Purity  (99.98) 
(unintentional  liquid 
phase  present)  (47) 

1.74  x  10" l# 

3.90  x  10*20 

Ultra-High-Purity  (99.995) 
(single  phase)  (54) 

5.17  x  10* 11 

1.04  x  10*20 

It  was  subsequently  revealed  by  transmission  electron  microscopy, 
however,  that  the  samples  used  were  sufficiently  impure  (-99.98  %  Al203  )  to 
contain  a  small  amount  of  an  amorphous  phase  at  certain  grain  boundaries 
which  was  presumably  liquid  at  the  firing  temperature.  Accordingly,  the 
study  was  repeated  using  an  ultra-high  purity  alumina  (-99.995  ♦  Al203)  in 
which  there  was  little  chance  of  forming  amorphous  phases  (54).  In  these 
ultra-high  purity  samples  250  ppm  MgO  was  found  to  decrease  the  grain 
boundary  mobility  by  a  factor  of  fifty  at  1600*C;  an  order  of  magnitude 
more  than  in  the  less  pure  system.  The  grain  structures  of  both  undoped 
and  doped  samples  were  very  uniform  in  the  ultra-high  purity  work 
suggesting  that  no  amorphous  phases  were  present  in  these  specimens  (it  was 
asserted  that  the  elongated  lath- like  grains  commonly  observed  in  less -pure 
aluminas  signalled  the  presence  of  a  liquid  phase  at  the  grain  boundaries). 
The  degree  of  grain  growth  inhibition  was  correlated  with  powder  purity  and 
MgO-doping;  Table  2  gives  the  observed  trend  which  is  supported  with  a 
recent  study  by  Kaysser  et  al.  (61). 

It  was  further  proposed  that  compensating  lattice  defects  played  a  role 
in  the  grain  growth  inhibition  mechanism.  Results  of  a  study  by  Lynch  (52) 


on  Che  kinetics  of  grain  In  codoped  aluminas  had  shown  Chat  che  inhibiting 
effect  of  HgO  could  be  cancelled  by  an  equimolar  addition  of  Zr02  and  was 
cited  in  support  of  this  mechanism.  A  compensating  defect  mechanism  had 
been  proposed  earlier  by  Roy  and  Coble  (14}  to  explain  che  enhanced 
solubility  of  Mg  and  Ti  in  Al20j . 

Based  upon  their  findings,  Bennison  and  Harmer  concluded  chat  the 
dominant  role  of  MgO  in  che  sintering  of  alumina  was  to  reduce  the  grain 
boundary  mobility;  the  most  plausible  atomistic  mechanism  was  believed  to 
be  a  solid-solution  pinning  mechanism. 


II. ix)  1984:  Microstructure  Development  Maps  [51] 

In  1984,  Harmer  Introduced  a  new  type  of  microstructure  development  map 
to  describe  sintering  which  proved  to  be  a  valuable  aid  in  deconvolving 
che  function  of  solid-solution  sintering  additives  [51].  The  diagram 
combined  che  grain  size  density  diagrams  developed  by  Yen  [40]  with  che 
pore-grain  boundary  separation  diagrams  (originally  plotted  in  pores  size  • 
grain  size  space)  developed  by  Brook  [13].  The  maps-were  used  to 
illustrate  the  effect  of  using  solid  solution  additives  to  alter  diffusion 
parameters  (Dx ,  5tD, ,  M* ,  etc.)  in  sintering.  The  maps  proved  their  use 
when  demonstrating  conflicting  effects  of  certain  additives  on 
microstructure  development.  Consider,  for  example,  the  cas'a  of  altering 
the  surface  dlffuslvity;  Figure  8  shows  the  predicted  effect  of  raising  che 
surface  dlffuslvity  in  alumina  by  a  factor  of  ten.  This  produces  a 
beneficial  effect  on  the  pore  separation  region  (recall  from  equation  1 
that  raising  £,Da  promotes  pore  •  boundary  contact)  by  moving  che 
conditions  for  separation  to  larger  grain  sizes.  This  is  offset,  however, 
by  the  detrimental  effect  on  the  grain  size  -  density  trajectory,  which  is 
a  function  of  the  pG/pG  ratio  (recall  from  equation  2  that  pG/pG  oc  1/S, D,).  6 
Overall,  therefore,  raising  the  surface  dlffuslvity  alone  was  not 
predicted  to  be  helpful  to  sintering.  By  a  similar  argument,  lowering  the 
surface  dlffuslvity  was  predicted  to  be  beneficial  to  the  ratio  but 
detrimental  to  pore-grain  boundary  separation;  lowering  the  surface 
dlffuslvity  alone  was  also  predicted  to  be  unhelpful  to  sintering.  Thus, 
the  earlier  explanations  for  the  role  of  MgO  in  the  sintering  .of  alumina, 
based  solely  on  an  alteration  of  the  surface  dlffuslvity,  did  not  appear  to 
be  justified.  Harmer  went  on  to  use  the  map  to  explain  the  .effect  of  MgO 
in  terms  of  its  combined  influence  on  Mj,  (lowered  by  5  at  1600*C)  and  Dx 
(increased  by  3  at  1600*C). 

II. x)  Critical  Experiments  on  the  pG/pG  Ratio 

By  now  it  was  generally  agreed  that  MgO  decreased  Mb  significantly  in 
alumina  by  a  solid  solution  mechanism.  At  this  point  Berry  and  Harmer  [57] 
grouped  the  various  explanations  for  the  role  of.  MgO  into  four  general 
categories,  viz:  i)  MgO  raises  the  lattice  diffusion  coefficient,  DL , 
and/or  the  grain  boundary  diffusion  coefficient,  Db ,  which  raises  the  pG/pG 


6  Note  the  steepening  of  the  trajectory  leads  to  a  kinetic  limit  to 
densification. 


ratio  and  so  flattens  tha  grain  size-density  trajectory  (i.a  smaller  pores 
at  a  given  grain  size),  ii)  HgO  raises  5tD,  (hence  the  pore  mobility)  and 
lovers  the  pG/pG  ratio  which  changes  the  G-p  trajectory  to  give  larger 
grains  (and  pores)  at  a  given  density,  iii)  HgO  lowers  5tD,  which  raises 
the  pG/pG  ratio  to  give  smaller  grains  at  a  given  density,  and  iv)  HgO 
lowers  Mb  which  may  not  affect  the  trajectory  be'  will  suppress  pore  - 
grain  boundary  separation. 

m  t 

# 

Explanations  1  -  3  are  based  upon  a  change  in  the  relative 
densification  rate-relative  coarsening  rate  ratio  which  is  manifest  in  a 
change  in  the  grain  size-density  trajectory.  Accordingly,  a  critical  test 
of  these  proposals  was  to  measure  the  effect  of  HgO  additions  cn  the 
trajectory.  Berry  and  Harmer  (59)  measured  this  influence  at  1600*C  and 
found  it  to  be  negligible  (figure  9).  They  were  also  able  to  Isolate  the 
separate  effects  of  HgO  and  densification  from  their  kinetic  measurements. 
HgO  solute  was  found  to  increase  the  densification  rate  directly,  by  a 
factor  of  3,  through  an  increase  in  the  grain  boundary  diffusion 
coefficient.  HgO  solute  was  also  found  to  Increase  the  grain  growth  rate, 
by  a  factor  of  2.5,  through  an  increase  in  the  surface  diffusivity.  Since 
the  additive  increased  both  the  densification  and  grain  growth  rates 
similarly,  its  effect  on  the  ratio,  and  hence  the  trajectory,  was  minimal. 

In  order  to  explain  the  role  of  HgO  the  following  expression  was 
derived  as  a  figure  of  merit:  for  the  resistance  to  pore  -  boundary 
separation: 


a/c*),*,Ds/* 


(3) 


An  independent  study  of  grain  growth  in  fully  dense  samples  conducted  on 
the  same  powder  [52]  revealed  that  HgO  solute  decreased  H,,  by  »  factor  of 
25  under  the  same  conditions.  Combined  with  the  observed  increase  in  £fDa 
and  flattening  of  the  trajectory  (grain  size  for  HgO-dopad  samples  1.8 
times  less  than  undoped  samples  at  a  given  density)  resulted  in  an  increase 
in  the  figure  of  merit  by  a  factor  of  112.  Furthermore,  since  the  additive 
acted  most  strongly  through  the  K,,  term,  it  was  concluded  that  the  dominant 
role  of  the  HgO  was  to  reduce  grain  boundary  mobility.  The  net  effect  of 
doping  was  displayed  on  a  microstructure  development  map  (figure  10).  It 
can  be  seen  from  figure  10  that  the  main  change  resulting  from  doping  is 
that  the  separation  region  is  moved  to  higher  grain  sizes  (the  grain  size 
of  the  tip  of  the  separation  region  is  «  (itDg/Hb)1/z)  and  the  trajectory 
avoids  entering  the  region. 

Brook  et  al.  [58]  also  independently  measured  the  effect  of  HgO  on  the 
relative  densification  rate-relative  coarsening  rate  ratio  using  hot- 
pressing  dilatometry.  They  also  found  that  HgO  doping  had  Httle  effect  on 
the  ratio.  Shaw  and  Brook  [60]  studied  the  specific  surface  area-density 
trajectories  for  alumina  which  also  are  sensitive  to  variations  in  the 
ratio.  Again  it  was  found  that  the  additive  had  little  effect  on  the 
ratio.  They  also  measured  the  specific  grain  boundary  area  versus  density 
trajectory  in  a  carefully  conducted  ceramographic  study.  Figure  11  shows 
their  result.  It  was  found  that  the  specific  grain  boundary  area  was 
increased  at  a  given  density  by  HgO  doping  and  concluded  chat  a  solid- 


solution  pinning  effect  was  the  only  additive  function  evidenced  by  their 
findings. 


II. xl)  Relevance  of  Solute-Pinning  to  Inhomogeneity 

By  the  mid  1980's  it  had  become  evident  that  the  most  important 
function  of  HgO  solute  additions  was  to  decrease  the  grain  boundary 
mobility.  An  important  consequence  of  this  action  was  to  minimize  the 
probability  'r~T  the  occurrence  of  pore-grain  boundary  separation. 

It  had  t  n  been  assumed  chat  pore-boundary  separation  was  the  primary 
causa  of  abnormal  grain  growth  in  alumina.  Burke  (56)  proposed  in  the 
1960's  chat  variations  in  grain  boundary  mobility  due  to  chemical 
inhomogeneity  could  also  trigger  abnormal  grain  growth.  Mistier  and  Coble 
(57)  demonstrated  that  structural  inhomogeneity  in  the  green  state  resulted 
in  density  fluctuations  in  the  final  body  and  proposed  that  enhanced  grain 
boundary  motion  in  high  density  regions  could  further  trigger  abnormal 
grain  growth.  Bennison  and  Harmer  (49,50)  confirmed  these  ideas  that 
inhomogeneity  can  lead  to  abnormal  grain  growth  by  following  a  series  of 
microstructutal  changes  in  -he  sintering  of  alumina.  It  was  found  in  one 
powder  studied  chat  inhomogeneous  dens iflcat ion  was  the  principal  cause  of 
abnormal  grain  growth  rather  than  pore -boundary  separation.  Locally  dense 
regions  were  observed  to  form  in  the  micros  true  ture  at  a  relatively  early 
stage  of  sintering.  These  dense  regions  formed  a  site  for  the  initiation 
of  abnormal  grain  growth  due  to  the  lack  of  restraining  pores.  MgO  was 
found  to  suppress  grain  boundary  motion  within  the  dense  regions  so 
preventing  abnormal  grain  growth  development.  Therefore,  a  second  major 
benefit  of  the  solute  pinning  action  of  MgO  was  to  stabilize  the 
microstructure  against  the  consequences  of  Inhomogeneous  densification. 

Shaw  and  Brook  (60)  also  recognized  this  fact  and  observed  during  their 
measurement  of  specific  grain  boundary  area-density  trajectory  (figure  11) 
that  MgO  preserved  grain  boundary  area  in  locally  densified  regions  of  the 
micros true ture.  They  described  the  function  of  the  additive  as  a 
mlcrostructural  stabilizer,  i.e.  one  which  acts  to  restrain  such  processes 
as  abnormal  grain  growth  by  the  pinning  of  otherriae  mobile  boundaries. 

If  conditions  of  boundary  controlled  grain  growth  could  be  achieved  by 
doping  a  non-uniform  distribution  of  porosity  would,  therefore,  not  cause 
correspondingly  non-uniform  (potentially  abnormal)  grain  growth.  Zhao  and 
Harmer  (62)  realized  such  a  result  by  sintering  ultra-high  purity  alumina 
doped  with  250  ppm  MgO;  the  grain  growth  rate  during  sintering  (with  a  high 
fraction  of  pores  present)  was  observed  to  be  the  same  as  that  for  fully 
dense  samples  prepared  by  hot-pressing.  This  arises  because  MgO  solute 
lowers  Mb  by  an  exceptional  amount  in  very  pure  powders.  The  density  at 
which  pores  no  longer  influence  boundary  velocity  is  much  lower  (-87  % 
theoretical)  than  for  less  pure  powders.  Where  MgO  additions  were  seen  to 
enhance  grain  growth  (57)  less  pure  powders  where  employed  were  grain 
growth  was  controlled  by  pore  motion  to  much  higher  densities  (>99  %) . 

The  combination  of  using  ultra-high  purity  powders  and  MgO  doping  has 
been  shown  to  be  especially  effective  in  guarding  against  inhomogeneous 
micros true ture  development.  The  same  benefits  have  also  been  demonstrated 


in  two  phase  systems  where  non-uniform  distribution  of  a  second  phase  poses 
a  similar  threat  to  microstructural  stability  (62). 

A  further  feature  related  to  inhomogeneity  concerns  the  sintering  of 
alumina  in  the  presence  of  a  small  quantity  of  a  liquid  phase.  Practical 
alumina  ceramics  frequently  contain  a  small  quantity  of  an  amorphous  phase 
at  the  grain  boundaries  resulting  from  a  reaction  between  trace 
contaminants.  This  often  leads  to  the  growth  of  elongated,  flat  sided  i.e. 
facetted,  abnormal  grains.  MgO  additions  can  prevent  the  development  of 
such  abnormal  grains  and  produce  uniform  microstructures. 

Kaysser  et  al.  (63)  carried  out  a  model  study  of  grain  growth  in 
alumina  in  which  controlled  amounts  of  anorthite  glassy  phase  were 
deliberately  added.  Large  spheres  of  alumina  were  also  included  to  seed 
abnormal  grain  growth.  It  was  found  that  the  growth  rates  of  matrix  grains 
decreased  in  the  order:  undoped  Al203  *♦  Al203  +  anorthite  -*  Al203  + 
anorthite  +  MgO  -♦  Al203  +  MgO,  thus  confirming  earlier  findings  where 
accidental  contamination  led  to  the  presence  of  a  liquid  phase  during 
firing  [47,51,54].  These  differences  in  mobility  between  clean  grain 
boundaries  and  intergranular  films  were  proposed  as  a.  cause  of  abnormal 
grain  growth  where  the  glass  in  inhomogeneously  distributed  on  a  coarse 
scale  (following  the  ideas  of  Burke  (56)).  Important  observations  of 
facetting  behavior  as  function  of  composition  were  also  made  by  Kayssor  et 
al.  [63].  Specifically,  basal  facetting  and  anisotropic  growth  of  the 
abnormal  seed  grains  was  observed  for  all  compositions  except  for  alumina 
doped  with  MgO  alone.  The  growth  of  such  facets  was  observed  to  be  slower 
than  matrix  grain  boundaries.  It  was  further  concluded  that  abnormal  grain 
growth  in  systems  containing  small  amounts  of  liquid  can  be  caused  by 
anisotropic  growth  of  grain  boundaries  comprised  entirely  of  intergranular 
liquid  films. 

Bateman  et  al.  [68]  conducted  a  TEM  investigation  of  undoped  and  MgO- 
doped  alumina  contaminated  with  a  small  amount  of  an  amorphous  phase  in  an 
attempt  to  correlate  the  extent  of  grain  boundary  motion  with  the  presence 
or  absence  of  an  intergranular  phase  and  determine  the  function  of  MgO. 

The  amorphous  phase  was  found  as  thin  intergranular  films  wetting  the  long 
facets  of  incipient  abnormal  grains  in  both  undoped  and  MgO-doped  material 
(figure  12).  The  long  facets  were  Identified  as  basal  type  (0001)  as  in 
the  case  of  Kaysser  et  al.  [63].  No  glass  phase  was  detected  at  the  ends 
of  the  elongated  grains  and  it  was  postulated  that  the  ends  were  not  wet  by 
the  amorphous  phase.  7  In  this  system  the  glass  was  non-unlformly 
distributed  on  a  scale  less  than  the  grain  size.  It  was  argued  that  the 
rapid  growth  of  the  elongated  grains  in  the  undoped  alumina  on  subsequent 
annealing  was  due  to  the  large  mobility  difference  between  boundary  types, 
i.e.  between  the  flat,  slow  moving  intergranular  films,  and  the  clean,  fast 
moving  end  segments.  The  function  of  MgO  was  suggested  to  be  the  reduction 
in  the  difference  in  boundary  mobility  between  these  boundary  types;  it  was 
speculated  that  the  solute  additions  would  give  a  drag  effect  on  the  clean 
end  boundaries.  The  broad  function  of  MgO  appeared  to  be  as  a 
microstructural  stabilizer  based  upon  a  solute-pinning  mechanism.  It  is 


7  Shaw  [65]  has  recently  presented  direct  evidence  for  the  non-uniform 
wetting  of  grains  of  alumina  by  a  silicate-based  liquid  phase. 


clear  however,  chat  che  exact  atomic  mechanism,  particularly  where  liquid 
phases  are  present,  is  very  sensitive  to  the  system  chemistry. 


Il.xii)  Anisotropy  of  Interfacial  Properties 

In  this  final  section  of  the  historical  review  we  describe  some  recent 
measurements  of  the  effect  of  MgO  on  the  interfacial  properties  of  alumina. 

Handwerker  [46],  and  Handwerker  et  al.  [69],  measured  the  effect  of  MgO 
doping  on  the  distribution  of  dihedral  angles  formed  at  the  root  of  grain 
boundary  grooves  on  polished  and  thermally  etched  surfaces  of  alumina.  HgO 
was  observed  to  narrow  the  distribution  of  angles  without  substantially 
affecting  the  mean  value  (117*).  The  dihedral  angle  is  a  measure  of  che 
ratio  of  the  free  surface  energy  to  the  grain  boundary  energy  so  MgO 
additions  reduced  the  spread  in  this  ratio.  This  was  argued  to  contribute 
towards  the  effectiveness  of  the  additive  in  preventing  pore-grain  boundary 
separation.  Generally,  HgO  doping  would  also  reduce  local  variations  in 
che  driving  force  for  sintering  and  grain  growth  so  promoting  the 
development  of  more  uniform  structures  during  sintering. 

Vang  et  al.  [64]  have  also  measured  the  relative  anisotropy  in  free 
surface  energy  of  alumina  as  function  of  MgO  content  through  the  study  of 
equilibrium  pore  shapes  in  sapphire.  MgO  additions  led  to  more  uniform 
shapes  indicating  the  additive  reduced  the  anisotropy  In  free  surface 
energy.  This  result,  taken  with  Handwerker' s,  suggests  that  MgO  decreases 
both  the  grain  boundary  energy  anisotropy  as  well  as  the  free  surface 
energy  anisotropy. 

Baik  et  al.  [55,61,67,70]  recently  carried  out  a  state  of  the  art  AES 
study  of  the  segregation  of  Mg  and  Ca  to  free  surfaces  in  sapphire.  Strong 
segregation  of  Mg  to  several  different  surfaces  of  sapphire  was  observed. 
Baik  and  White  [67]  also  studied  Ca  segregation  to  free  surfaces,  although 
in  this  case  the  degree  of  segregation  was  found  to  be  strongly  dependent 
on  the  surface  orientation.  Baik  noted  that  Mg  segregates  as  strongly  to 
free  surfaces  as  Ca;  the  negative  findings  of  the  1970' s  on  grain  boundary 
segregation  of  Mg  were  attributed  to  the  poor  sensitivity  of  the  technique 
to  Hg.  The  observations  of  free  surface  segregation  suggest  that  Mg  may 
segregate  to  grain  boundaries  also,  and  that  a  solute-drag  mechanism  may 
explain  the  role  of  HgO  as  a  grain  growth  inhibitor.  Again  assuming  these 
results  indicate  the  segregation  behavior  in  the  case  of  grain  boundaries, 
the  observations  of  anisotropic  Ca  segregation  may  explain  the 
ineffectiveness  of  CaO  as  a  grain  growth  inhibitor. 


III.  SUMMARY  AND  FUTURE  DIRECTIONS 

The  following  general  conclusions  can  be  drawn  from  the  past  research 
on  the  role  of  MgO  in  the  sintering  of  Al203 .  First,  MgO  additions  affect 
all  of  the  parameters  controlling  the  sintering  of  alumina  (i.e.  D^ ,  6bDb, 
6,0,,  Mb  and  7,/yb)  to  some  extent.  Generally  the  additive  affects  all 
these  parameters  in  a  favorable  way  which  accounts,  to  some  degree,  for  the 
potency  of  the  additive  in  controlling  microstructure  evolution.  Second, 
alumina  responds  to  MgO  doping  by  different  degrees,  depending  on  the 


background  impurity  level  and  type.  For  example  MgO  has  been  observed  to 
directly  increase  densification  in  some  powders  and  directly  decrease 
densification  in  others.  Surface  diffusion  seems  to  be  generally  increased 
slightly  by  MgO  doping  whereas  the  grain  boundary  mobility  always  is 
decreased.  Thirdly,  we  conclude  that  the  single  most  important  effect  of 
MgO  doping  is  its  ability  to  significantly  reduce  the  grain  boundary 
mobility,  despite  the  presence  of  varying  background  impurities,  through  a 
solid  solution  pinning  mechanism.  The  consequences  of  the  pinning  action 
of  MgO  solute  are  a  reduced  tendency  for  pore -grain  boundary  separation, 
protection  against  abnormal  grain  growth  arising  from  inhomogeneous 
densification  and/or  non-uniform  liquid  phase  distribution,  and  in  some 
cases,  an  indirect  enhancement  of  densification  processes. 

Concerning  future  work,  it  is  apparent  we  have  come  a  long  way  in 
understanding  the  phenomenology  of  this  classic  additive  effect.  However, 
we  still  do  not  understand  the  detailed  atomic  mechanism  through  which  MgO 
solute  acts  as  a  grain  growth  inhibitor  in  alumina.  Uithout  such 
fundamental  information  we  do  not  possess  the  capability  of  a  priori 
additive  selection. 

At  the  core  of  the  problem  is  our  lack  of  understanding  of  the 
fundamental  grain  growth  mechanisms  in  ionic  solids,  and  our  lack  of 
experimental  information  concerning  grain  boundaries  in  alumina.  Ue  need 
to  know  the  grain  boundary  mobility  as  a  function  of  MgO  content  and 
temperature.  Segregation  profiles  would  also  be  required  and  may  now  be 
accessible  with  the  recent  improvements  in  surface  analysis  techniques. 
However,  the  chemical  characterization  of  MgO  doped  Al20j  remains  one  of 
the  most  difficult  obstacles  to  the  complete  understanding  of  the  role  of 
MgO.  In  less  pure  systems,  knowledge  of  the  grain  growth  mechanisms  where 
amorphous  intergranular  films  are  involved  is  needed.  From  a  practical 
viewpoint,  more  information  concerning  the  role  of  MgO  during  liquid  phase 
sintering  is  needed. 

We  now  have  a  relatively  simple  experimental  methodology  for  studying 
the  effects  of  solutes  on  grain  boundary  motion  in  alumina  [54].  It  is 
timely  to  carry  out  systematic  studies  with  other  dopants  of  different 
ionic  radii  and  valencies  to  investigate  the  role  of  strain  misfit 
concepts,  point  defects  and  compensation  effects. 
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Translucent:  polycrystalline  Al203  tube  for  use  in  a  sodium 
vapor  lamp;  ch*  tub*  vas  fabricated  via  the  Lucalox* 
process. 


Micros tructures  of  sintered  Al203  :  a)  undoped  material,  note 
pore-grain  boundary  separation  and  abnormal  grain  growth, 
and  b)  MgO-doped  material,  not*  high  density  and  «quiaxed 
grain  structure. 


Variation  of  microhardnesa  on  traversing  a  grain  boundary  in 
MgO-dop«d  alumina.  (After  Jorgensen  and  Uestbrook  (9]). 


a)  Final  density  and  b)  final  grain  size,  for  a  series  of 
sintered  aluminas  as  a  function  of  MgO  concentration. 
(After  Peelan  [23],  courtesy  of  Plenum  Publishing  Co.). 


Predicted  effect  of  raising  the  denslficatlon 
rate/coarsening  rat*  ratio  by  a  factor  of  thirty  on 
micros true tur*  evolution  during  the  sintering  of  Al20, . 
(After  Brook  [42],  courtesy  of  The  British  Ceramic  Society). 


Specific  surface  area-density  trajectory  for  undoped  and 
MgO-doped  Al203 ;  not*  the  MgO  addition  has  a  negligible 
effect  on  the  trajectory.  (After  Burke  et  al.  [36], 
courtesy  of  Plenum  Publishing  Co.). 


.  Microstructures  of  a)  dens*  undoped  alumina,  and  b)  dense 
MgO-doped  alumina.  Note  the  MgO  addition  has  led  to  a  more 
uniform  grain  structure  and  retarded  grain  growth  in  these 
samples.  (After  Bennison  and  Harmer  [47]). 


Microstructure  development  map  showing  the  predicted  effect 
of  increasing  the  surface  diffusivity  by  a  factor  of  ten, 
via  MgO  doping,  on  both  the  grain  sire-density  trajectory 
and  the  conditions  for  pore-grain  boundary  separation. 

While  this  increase  favors  pore -boundary  contact,  the 
steepened  trajectory  results  in  a  kinetic  limit  to 
denslficatlon.  (After  Harmer  [51]). 


.  Measured  effect  of  MgO  doping  on  the  grain-size  density 
trajectory  during  sintering  of  alumina  at  1600*C.  (After 
Berry  and  Harmer  [59]). 


Figure  10.  Predicted  effect  of  simultaneously  increasing  lattice 

diffusion  by  a  factor  of  3,  increasing  surface  dlffusivity 
by  a  factor  of  2.5  and  decreasing  grain  boundary  mobility 
by  a  factor  of  25,  via  doping  with  MgO  solute,  on 
microstructure  development  in  alumina,  (After  Berry  and 
Harmer  (59)). 


Figure  11.  Variation  in  the  specific  grain  boundary  area-density 
trajectory  during  sintering  on  MgO  doping.  Note  the 
additive  increases  the  grain  boundary  area  at  a  given 
density,  viz:  smaller  grain  size  at  a  given  density.  (After 
Shew  and  Brook  (60]). 


Figure  12.  Transmission  electron  micrographs  of  a)  undoped,  and  b) 

MgO-dcped,  Al203  containing  trace  amounts  of  an  amorphous 
intergranular  phase.  Note  the  MgO  additions  have  led  to  a 
finer,  more  uniform,  grain  structure.- (After  Bateman  et  al. 
(68)). 
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